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Abstract: 9%Ni steel was recently used for the first time in the field of injection unit (IU) for the
injection of CO2 into oil wells. Because such steels are operated in H2S medium and are susceptible
to sulfide stress cracking, their pipes are cladded with Ni-based superalloy 625 by using gas tungsten
arc welding with a hot wire to prevent this phenomenon from occurring. The transition zone of
substrate/clad can have high hardness and low toughness, and promote failure of the component
during service; therefore, it is very important to know its characteristics. In this work, this transition
zone was analyzed through optical and scanning electron microscopy with energy dispersive X-ray
spectrometry and electron backscatter diffraction, as well as Vickers microhardness, shear and bend
tests. Metallographic analysis identified type I and II boundaries with distinct chemical gradients,
MC-type carbides, Laves/γ eutectics, peninsulas macrosegregation, crystallographic texture close to
<100> in the clads, residual strain, and drop of microhardness across the transition zone. The clads
were approved in the shear and bend tests. This work proposes a new type II boundary formation
mechanism in dissimilar welds of steels that do not exhibit the allotropic transformation δ→ γ during
the welding thermal cycle and do not experience a change in the solidification mode.

Keywords: weldments; cladding; weld overlay; dissimilar transition zone; interface of dissimilar
metals; type II boundary; electron backscatter diffraction (EBSD); cryogenic steel; corrosion resistant
alloy; CO2 injection unit

1. Introduction

The exploration of oil and gas in the Brazilian pre-salt presents a great technological challenge
because of the unique operating conditions. The great sea depths (1000 m to 2000 m) and the distances
between the reservoirs and the seabed (4000 m to 6000 m) require the manufacture of risers up to
8000 m in length that can withstand pressures of about 550 bar. The oil produced in floating production
storage and offloading (FPSO) contains high amounts of water, CO2, and contaminants (H2S, among
other fluids) [1]. CO2 is separated from other fluids and injected into the well to reduce the viscosity of
the oil and maintain the well pressure (to gain productivity) [2]. Moreover, the CO2 injection prevents
its emission to the atmosphere, thereby contributing to a reduction in the greenhouse effect [3].

9%Ni steel (ASTM A333 Gr. 8) had only been used in the oil and gas industry once before the
2010s [4]. The use of this alloy in the late 1940s in the extraction of oil from the Gulf of Mexico was
catastrophic, because it failed after only 6 days of service. The cause of the failure was sulfide stress
cracking (SSC), a phenomenon that was not known to the scientific community at that time. Years later,
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the National Association of Corrosion Engineers would develop and standardize methods to evaluate
this type of cracking [5]. The authors do not know another use of the 9%Ni steel in the oil and gas
industry prior to the 2010s.

Until the last decade, oil companies worldwide used only high-strength low-alloy (HSLA) steels
to inject CO2 into oil and gas wells. Owing to the very high pressure of the pre-salt wells in Brazil,
the pipes used in the CO2 injection unit (CO2-IU) must have high mechanical strengths as well as
fracture toughness at cryogenic temperatures, since an operational mistake can abruptly depressurize
and reduce its temperature to 183 K. Until 2010, 9%Ni steel was used almost exclusively in the
transportation and storage of cryogenic gases globally owing to its high mechanical strength and
toughness at 90 K [6,7]; this material was recently considered for employment in the oil and gas
industry. In the early 2010s, Shell and Petrobras (the Brazilian oil and gas state-owned enterprise) used
9%Ni steel in the CO2-IUs of their FPSOs for the first time on a global scale. As this alloy is susceptible
to SSC and operates with CO2 containing a very high amount of H2S from the oil obtained from the
pre-salt wells [4,8], the CO2-IUpipes were internally cladded with a corrosion resistant alloy (CRA) to
overcome this problem.

The substrate (S) and the filler metal (for instance, a HSLA steel and a nickel alloy, respectively)
commonly have quite distinct chemical compositions, crystallographic structures, microstructures,
and physical-mechanical properties [9–13], resulting in the formation of a transition zone between the
substrate (base metal) and the clad (TZ-S/C). The TZ-S/C is located between the completely mixed
zone (CMZ), which is the clad weld itself, and the heat affected zone (HAZ) of the substrate. The main
characteristic of the TZ-S/C is its chemical composition gradient [12,13], due to the reduction in the
fluid (molten metal) velocity near the fusion line (boundary layer) and convective mixing close to the
substrate. Consequently, the TZ-S/C not only has different chemical composition gradients but also
different thicknesses and morphologies along the fusion line [11]. Microstructural heterogeneities and
differences in physical-mechanical behavior between the substrate and the clad can generate high
stress and strain levels in the TZ-S/C [14]. The substrate is a strong heat sink and a site of intense
heterogeneous nucleation, which corresponds to the starting of solidification by the planar mode;
when the solid/liquid interface subsequently destabilizes, solidification mode changes to cellular,
and finally to cellular-dendritic [15]. In addition, competitive grain growth in the clad can produce a
crystallographic texture close to the direction of easier growth [16].

The TZ-S/C can form martensite (M) as a result of the increase in hardenability along its thickness
due to the high dilution levels, and consequently, it exhibits high hardness [17]. The hardness of
the TZ-S/C can also be attributed to the diffusion of carbon from the substrate to the clad, which
may result in carbide precipitation (M7C3 and M23C6) [18] and the formation of partially diluted
macrosegregates with different morphologies (beach, peninsula, and islands) [19]. These constituents
are susceptible to hydrogen embrittlement [20] and can disbond the clad from the substrate during
service [21]. In addition, dissimilar welding may form two types of high-angle grain boundaries, type I
(BT I) and type II (BT II), which grow perpendicular and parallel to the fusion line [22–25], respectively.
The type II boundaries can act as a favorable path for crack propagation and promote stress corrosion
cracking [26]. Wu et al. [27] indicated that the TZ-S/C formed by dissimilar laser beam welding of
9%Ni steel with 304 stainless steel consists mainly of lath martensite and columnar grains boundaries
type I.

The innovative use of 9%Ni steel seamless pipes in CO2-IU by Shell and Petrobras required,
for the first time ever, their cladding with a CRA. These companies cladded them with Ni-based
superalloy 625 (AWS ER NiCrMo-3) by using gas tungsten arc welding with a hot wire (GTAW-HW)
process. However, the metallurgical and mechanical characteristics of the TZ-S/C between the 9%Ni
steel and the Ni-based superalloy 625 are still unknown. It is possible that the clad disbonds from the
substrate, exposing the susceptible microstructure (tempered martensite) to a medium containing H2S,
which can promote the CO2-IU failure. In light of these facts, it is extremely important to know the
characteristics of TZ-S/C.
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This work has two objectives: The main one is to understand how welding (number of thermal
cycles) influences the microstructure of the TZ-S/C and to obtain a clad with mechanical and
chemical properties suitable for the intended application; the secondary goal being to investigate the
microstructure of the TZ-S/C, enabling the prediction of how the cladded pipe will behave during
manufacturing, non-destructive inspection, and operation.

2. Materials and Methods

2.1. Materials and Welding

In this article, two seamless pipes of 9%Ni steel (quenched and tempered) were cladded with
one and two layers of Ni-based superalloy 625 by using GTAW-HW, and were called clad I and II,
respectively. Figure 1a shows schematically the arrangement of these clads within the pipes. Table 1
shows the specified and analyzed chemical compositions of the substrate, filler metal, and clad layers.
The chemical compositions were determined through optical emission spectroscopy with a Foundry
Master Pro (Oxford Instruments, Oxford, UK). Table 2 shows the characteristics of the seamless pipes
and clad layers, as well as the welding conditions. Table 3 presents the welding parameters used in the
cladding. The welding heat input was calculated according to Equation (1).

HI =
I2
hwR

WFR
+ η

VIw

WS
(1)

where HI, Ihw, R, WFR, η, V, Iw, and WS represent, heat input, wire current, wire electrical resistance,
wire feed rate, thermal efficiency of the process (0.7), electric arc voltage, mean welding current intensity
(arithmetic mean of the pulse and base welding currents intensities), and welding speed, respectively.
The R was calculated from the electrical resistivity (ρ) of the Ni-based superalloy 625 (1.29 × 10−6 Ωm),
wire length (15 mm; Lhw), and wire cross-sectional area (1.0028 mm2; Ahw), based on Equation (2).

R =
ρLhw
Ahw

(2)

The microstructure of the seamless 9%Ni steel pipes consisted of fine ferrite grains with dispersed
carbides (tempered martensite) and about 3% reverse austenite (γrev), as reveled in Figure 1b. The filler
metal used was AWS ER NiCrMo-3, with chemical composition similar to the Ni-based superalloy 625,
a solid solution hardened alloy with high Cr, Mo, and Nb contents. Figure 1c shows schematically the
region studied in this work.
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Figure 1. Schematic representation of 9%Ni steel (ASTM A333 Gr. 8) pipes cladded with one and two 
layers of Ni-based superalloy 625 (AWS ER NiMoCr-3) (a); microstructure of the pipes observed in 
the as received state (quenched and tempered) (b); locations of Vickers microhardness (HV0.01) 
measurements (c); shear test specimen, where a = 3.1 mm (clad I) and 4.7 mm (clad II), t = 25.4 mm, 
according to ASTM A265-12 (d). 
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Where: N. A. means not applicable. * The chemical composition of clad I is the same as that of the first 
layer of clad II. 

  

Figure 1. Schematic representation of 9%Ni steel (ASTM A333 Gr. 8) pipes cladded with one and
two layers of Ni-based superalloy 625 (AWS ER NiMoCr-3) (a); microstructure of the pipes observed
in the as received state (quenched and tempered) (b); locations of Vickers microhardness (HV0.01)
measurements (c); shear test specimen, where a = 3.1 mm (clad I) and 4.7 mm (clad II), t = 25.4 mm,
according to ASTM A265-12 (d).

Table 1. Specified and analyzed chemical compositions of the base and filler metals, and the analyzed
chemical compositions of clad I and the second layer of clad II.

Chemical Composition (wt. %)

Element

Substrate Filler Metal
Clad *ASTM A333 Gr. 8 AWS ER NiCrMo-3

9%Ni Steel Ni-based Superalloy 625

Specified (max.) Analyzed Specified (max.) Analyzed Analyzed

1st Layer 2nd Layer

C 0.13 0.067 0.1 0.028 0.038 0.031
Mn 0.90 0.614 0.5 0.234 0.326 0.26
Si 0.13–0.32 0.271 0.5 0.242 0.249 0.244
P 0.025 0.007 0.02 0.001 0.002 0.001
S 0.025 0.004 0.015 0.003 0.003 0.003

Ni 8.4–9.6 9.231 >58 63.414 51.9 61.6
Cu N. A. 0.004 0.5 0.024 0.019 0.023
Ti N. A. 0.013 0.4 0.212 0.164 0.198
Cr N. A. 0.032 20–23 20.1 13.5 16.8
Mo N. A. 0.012 8–10 9.111 7.43 9.09
Fe Balance 89.671 5 2.619 23.7 8.56
Pb N. A. 0.004 0.5 0.041 0.032 0.038
Al N. A. 0.025 0.4 0.097 0.080 0.092

Nb + Ta N. A. 0.004 3.15–4.14 3.375 2.13 2.75

Where: N. A. means not applicable. * The chemical composition of clad I is the same as that of the first layer of
clad II.
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Table 2. Characteristics of a quenched and tempered 9%Ni (ASTM A333 Gr. 8) steel pipe cladded with
Ni-based superalloy 625 (AWS ER NiMoCr-3) by using GTAW-HW process.

Characteristics Substrate Clad I Clad II

External diameter (mm) 219.1 N. A. N. A.
Thickness (mm) 31.7 1.64 4.57

Type of pipe Seamless pipe N. A. N. A.
Classification ASTM A333 Gr. 8 AWS ER NiCrMo-3

Commercial name 9%Ni steel Ni superalloy 625
Microstructure Tempered martensite Columnar grains
Heat treatment Quench and temper N. A. N. A.

Dilution (%) N. A. 24.2 6.3
Procedure before welding ISO 8501-1
Post welding inspection Approved according to ASME code section IX

Where: N. A. means not applicable.

Table 3. Parameters used for overlaying a quenched and tempered 9%Ni steel (ASTM A333 Gr. 8) pipe
with Ni-based super alloy 625 (AWS ER NiCrMo-3) by GTAW-HW process.

Parameter Clad

I II *

Arc welding - - -

Current type/polarity - CC/direct CC/direct

Current intensity (A) background 178 178
peak 260 260

Current time (s) background 0.3 0.3
peak 0.3 0.3

Current pulse frequency (Hz) - 3.3 3.3
Voltage (V) - 13 13

Length (mm) - 1.5 1.5

Hot wire - - -

Diameter (mm) - 1.113 1.113
Current type/polarity - CC/direct CC/direct
Current intensity (A) - 40 40

Voltage (V) - 12.5 12.5
Feed speed (m/min) - 1.5 2.5

Stick out (mm) - 1.5 1.5

Electrode type EW-La2 EW-La2
diameter (mm) 3.2 3.2

Shielding gas type argon (99.98%) argon (99.98%)
flow rate (m3/s) 3.2 × 10−4 3.2 × 10−4

Temperature (◦C) preheat 25 25
interlayer N.A. 100

Weld pass step (mm) 3.5 3.5
overlap (%) 50 50

Welding speed (mm/min) ** - 300 300
Heat input (kJ/mm) - 0.75 0.71

Welding position - IG IG

* All the parameters used in clad I were also used in the first layer of the clad II. ** The welding speed was
determined by the angular the pipe rotation velocity.

2.2. Microstructural Characterization

The microstructure of the TZ-S/C was analyzed through OM and SEM for a section perpendicular
to the welding direction (i.e., parallel to the rolling direction of the pipe). The metallographic samples
were grinded with sandpapers, following the sequence 100#, 200#, 400#, 600#, 1200#, and 2200#,
and polished with diamond paste (in the sequence 6 µm, 3 µm, 1 µm). The microstructure was



Metals 2018, 8, 1007 6 of 28

revealed after two consecutive etchings, as indicated in Table 4. OM was performed with a Zeiss
microscope (model Axios Imager M2m, Carl Zeiss, Oberkochen, Germany), and SEM, with two
microscopes, a FEI™ model Quanta 450 (Thermo Fisher Scientific, Waltham, MA, USA) and a Tescan
model Vega3 (Tescan, Brno, Czech Republic), in the secondary electron mode. Semiquantitative
analysis of the main chemical elements present was carried out by using a Bruker XFlash Detector 5010
(Bruker, Billerica, MA, USA) energy dispersion spectrometer coupled to a SEM.

Table 4. The first and second etching methods used to reveal the microstructures of the quenched
and tempered 9%Ni steel (ASTM A333 Gr. 8) pipes cladded with Ni-based superalloy 625 (AWS ER
NiMoCr-3) as the filler metal by using GTAW-HW.

Etching Method Solution Condition Aim

First Electrolytic

10% by weight of oxalic
acid dihydrate

(HO2CCO2H·2H2O) with
distilled water

6 V, 15 s, stainless steel
cathode, and substrate
painted with enamel

To reveal the clad
microstructure

Second Wet chemical
2% nitric acid (HNO3)

with 98% ethanol
(CH3CH2OH)

25 s To reveal the HAZ
microstructure

The preparation of the samples for EBSD analysis was the same as that employed for OM and SEM,
except for an additional mechanical polishing step involving colloidal silica (0.04 µm) for 2 h. This step
is very important to reduce the previously generated superficial strains, which can greatly influence the
quality of the results. Diffraction of the backscattered electrons was maximized by tilting the sample
70◦ relative to the electron beam. EBSD was performed with a Bruker model e- Flash with 20 kV, step
size between 0.6 µm and 1 µm, and a work distance of 17.7 mm. Post-processing of the EBSD data
was carried out with the extension MTEX-Free and Open Source Software Toolbox [28] (version 5.0.1,
MTEX, Chemnitz, Saxony, Germany) coupled to the MATLAB® software (2018b, MathWorks Inc.,
Natick, MA, USA). Grains smaller than 5 pixels were excluded. The previous austenite reconstruction
was performed with Nyyssönen algorithm [29] by using 1.6 as the inflation operator and a minimum
of 3◦ between martensite laths as a criterion for the grain boundary angle. It is worth mentioning that
this algorithm does not require retained austenite to convert martensite back to austenite. Pole figures
(PF) with the variants of the martensitic transformation were generated by using the PTCLab software
(version 1, Beijing, China) [30].

2.3. Thermodynamic Simulation

Thermodynamic simulations were performed with Thermo-Calc® software (Thermo-Calc,
version 2018b, Solna, Sweden) by using the TCFE9 database. The Scheil-Gulliver solidification model
with rapid interstitial atomic diffusion was adopted. The chemical compositions for the dilutions
levels of 95%, 90%, 70%, and 50% were estimated from the 9%Ni steel and Ni-based superalloy
625 composition (Table 1) by applying the direct mixing rule [31] shown in Equation (3).

Cclad = Cwire(1− D) + CsubstrateD (3)

where Cclad, Cwire, and Csubstrate are the chemical compositions of clad, wire, and substrate, respectively,
and D is the dilution level near the TZ-S/C.

2.4. Mechanical Characterization

The mechanical properties of the TZ-S/C and its surrounding regions were evaluated through
Vickers microhardness, shear, and bend tests. Vickers microhardness maps were obtained in the
vicinity of the TZ-S/C using a HV-1000 (400.310) Digimet hardness tester (Digimess, Mooca, São Paulo,
Brazil), as shown in Figure 1c. The mean distances between the indentations in the Y and X directions
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(perpendicular and parallel to the TZ-S/C) were 20 µm and 40 µm, respectively, in an area of 570 µm
× 240 µm. The indentations were made by using a load of 0.01 kgf (HV0.01) and dwell time of 20 s.
The shear tests, whose configuration is shown in Figure 1d, were performed on two test specimens
following the specifications of ASTM A265-12. The bend test was executed following the specifications
of the ASME-IX code, with a radius of curvature of 180◦ in eight specimens, four for each clad that was
machined transversally to the welding direction. Furthermore, all the mechanical tests in this work
were performed at room temperature (~25 ◦C).

3. Results

3.1. Microstructural Characterization

OM analyses on the TZ-S/C of clads I and II indicated heterogeneous epitaxial nucleation
(Figure 2a), with BT I growing approximately perpendicular to the TZ-S/C interface, as well as a
planar growth solidification (PGS) region that develops due to intense heat extraction by the substrate
at the beginning of the solidification, which stabilizes the liquid/solid interface. Since the chemical
composition of the PGS region varies gradually, as indicated by Silva et al. [12], only a portion of this
region was revealed by chemical attack. The substrate immediately adjacent to the TZ-S/C, known as
the coarse grain heat affected zone (CGHAZ), presented a microstructure consisting mainly of lath
martensite with a small amount of retained austenite. Figure 2b shows the growth of BT II [25] parallel
to the TZ-S/C. Dendritic-columnar growth occurred in the cladding, due to the destabilization of the
solid/liquid interface as a result of constitutional supercooling and the reduction in the cooling speed,
as evidenced by the grains containing BT I. Figure 2c,d shows peninsula-like macrosegregation close
to the TZ-S/C and the interface between the layers of clad II, respectively. For macrosegregation to
occur between two metals, they must have different melting temperatures, as was the case in this
study (the substrate and the clad have melting temperatures of 1501 ◦C and 1363 ◦C, respectively,
both of which were determined by computer simulation using Thermo-Calc®). The liquid metal
at the wire tip, because of the turbulence caused by the electric arc, strikes at a high speed against
the molten and partially stagnated substrate, pushing the liquid substrate into the welding pool
without any great mixing with it (type I mechanism of macrosegregate generation), as suggested by
Yang and Kou [32]. As the displaced liquid substrate was at a higher temperature than the surrounding
molten metal, it cooled and solidified abruptly, forming regions of planar and cellular growth that were
thicker than those formed in areas where there was no macrosegregation. Epitaxial heterogeneous
nucleation also occurred between the two layers of clad II (Figure 2d), where the dendrites of the
second layer were thinner than those of the first, since the cooling rate at the end of the solidification
of the dendrites of the first layer was much lower than that at the beginning of second layer dendrites
solidification. It was also found that macrosegregation could occur between the layers of clad II, since
the Fe content (that depends on the dilution, and was about 24.8% for the first layer and 6.48% for
the second layer) influences the melting temperatures of the layers [33], allowing the formation of
macrosegregate [19,32].
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Figure 2. Optical micrographs of the transition zone of substrate/clad (TZ-S/C): (a) clad (C), grains
with boundary type I (BT I), martensite (M) in the heat affected zone (HAZ) of the substrate with coarse
grains, and planar growth solidification (PGS); (b) grains with boundary type II (BT II) and dendritic
growth solidification (DGS); (c) heat affected zone with martensite (M), peninsula-like macrosegregation
(Pe), large and small solidification regions with cellular and planar growth solidification (CGS and
PGS, respectively); (d) peninsula-like macrosegregation (Pe) between the first and second layers (1st L
and 2nd L, respectively) of clad II.

Figure 3a,b shows the epitaxial nucleation and competitive growth of the grains immediately
adjacent to the substrate. As the temperature decreases and the liquid clad solidifies, the solubilities of
the alloying elements in the formed crystals decrease, enriching the remaining liquid with Mo and
Nb, for instance, which precipitate in the interdendritic regions [34]. Figure 3c shows the precipitates
formed in BT II, as well as lath martensite in the HAZ. Figure 3d indicates that the peninsula-like
macrosegregation originated from the molten substrate, as previously suggested, since it had cellular
morphology and a partially mixed zone (PMZ) at its edges, which is a consequence of the fast cooling
caused by the surrounding liquid, as indicated by Soysal et al. [19]. No island-like macrosegregation
was observed in the TZ-S/C of 9%Ni steel cladded with Ni-based superalloy 625. Figure 3e,f shows
a PMZ with lath martensite and composite regions of austenite and martensite, as predicted by
the Schaeffler diagram (Figure 4) for the high dilution levels (above 84.6%) found in the PMZ [17].
The progressive increase in the content of filler metal, such as Ni, Cr, and Mo, in the PMZ increased its
hardenability, preventing the tempering of martensite during the welding of the second clad layer,
or during the post-welding heat treatment [35], as shown in Figure 3f. The residual strain present
during welding can destabilize the previous austenite and favor martensitic transformation in this
region and its surroundings, as suggested by Chen et al. [36]. Although the second layer welding
thermal cycle had little influence on the microstructure of the PMZ, it had a strong influence on the
microstructure of the HAZ of the substrate, changing it from 100% martensite to ferrite with finely
dispersed carbides and small islands of reverse austenite (Figure 3f), as indicated by Barrick et al. [37]
and Payão Filho [38]. As seen in Figure 3f, the concentration of interdendritic precipitates and the
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average particle size in the first layer of clad II close to the substrate increased during the welding of
the second layer.

The SEM and EDS results of the interdendritic precipitates (Figure 5) show, based on the geometry
and the energy dispersive spectra, respectively, MC-type carbides with high concentrations of Nb
and Mo (Nb carbide with Mo in solid solution). In their vicinity, Laves/γ eutectics [39] with high
contents of Nb, Mo, Ni, Cr, and Fe were identified (Figure 5b). The MC-type carbides and the Laves/γ

eutectic formed through the solidification sequence described by Solecka et al. [40]. According to
this model, γ is first formed (dendrite axis), followed by the MC-type carbide, which is due to the
increase in the Nb and Mo contents in the remaining liquid, and then, at the final solidification
instant, eutectic Laves/γ in the vicinity of the preexisting carbide. The chemical composition of the
grains that grow perpendicularly to the TZ-S/C (BT I) varies gradually (Figure 6b–d), while that of
the grains that grow parallel (BT II) vary abruptly (Figure 6f–h), indicating that the nucleation of
grains with BT II were independent. In addition, the interdendritic regions show higher Mo and
Nb segregations (Figure 6c,d, respectively), while Fe is concentrated in the dendrite axes (Figure 6b).
These distinct chemical composition gradients were also verified through EDS line scans for the grains
with BT I and BT II (Figure 7), which again reveal abrupt variation in the chemical composition in
the TZ-S/C in the grains with BT II. Furthermore, there were three chemical composition inflection
points in the TZ-S/C corresponding to the grains with BT I (Figure 7), which are related to the
changes in the solidification mode, from planar to cellular and later to cellular-dendritic (PGS, CGS,
and dendritic growth solidification, respectively), as indicated by Silva et al. [12]. In the case of BT
II, no inflection point with regard to cellular growth was observed, indicating that this boundary
type is only found in the planar growth region, as reported by Nelson et al. [23]. The EDS scan line
of the cellular-dendritic growth region (Figure 7) shows a wave pattern, a behavior caused by the
passage of the electron beam through several dendrite arms with different chemical compositions,
which are in turn produced by the continuous segregation occurring during the solidification process.
According to Solecka et al. [40], during the solidification of the Ni-based superalloy 625, the Mo, Nb,
Al, Si, and C segregate continuously in the interdendritic liquid owing to their partition coefficients (k)
being less than one (Figure 7). In the present study, it was possible to observe high concentrations of
these elements in the interdendritic region after solidification. The increase in Fe content in the solid
solution (dilution) reduced the Mo and Nb partition coefficients, intensifying their segregation in the
liquid. The opposite occurred with Fe and Ni, for which k > 1, as they segregated along the dendritic
axis. Cr has a k slightly higher than one, therefore, its distribution was approximately homogeneous
during solidification. The above facts explain the "phase delay" between the intensities of the chemical
elements with k > 1 and those with k < 1, with a peak for the elements with k > 1 and a valley for those
with k < 1. Besides, the precipitates in BT II (Figure 3c) are presumed to be MC-type carbides, since
their Mo and Nb concentrations are high (Figure 6g,h) and the Fe content close to the PGS is lower
than that of BT I; in addition, these precipitates appeared at the beginning of the transition from the
planar to the cellular-dendrite solidification mode [34]. Despite the presence of MC-type carbides
and the eutectic Laves/γ, which are known to be strong hot-crack promoters [41], no hot crack was
observed in the clads, suggesting that the weldability of the 9%Ni steel cladded with the Ni-based
superalloy 625 is good.
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Figure 3. Scanning electron microscopy images of the transition zone of substrate/clad (TZ-S/C):
(a) overview of the TZ-S/C of clad I, indicating the change from planar growth solidification (PGS)
to cellular solidification growth (CSG) and the dendritic-cellular growth separated by white lines;
(b) a magnified image of (a) revealing the presence of martensite (M) in the heat affected zone (HAZ)
of 9%Ni and precipitates (Pr) in the interdendritic regions; (c) a type II boundary with precipitates
(Pr) and the HAZ with lath martensite (M); (d) peninsula-like macrosegregation originating from
the molten metal, containing a partially mixed zone (PMZ) at the edges (white ellipse), and the
cellular morphology of the grains; (e) the PMZ containing lath martensite in clad I, and the HAZ with
martensite (M); (f) the PMZ in clad II with lath martensite (M) and retained austenite (γret), with the
HAZ composed of ferrite (α), dispersed carbides (Car), small reverse austenite (γrev) islands, and coarse
precipitates (Pr).
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and austenite) in the transition zone of the substrate/clad for high dilutions levels.
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Figure 5. Scanning electron micrograph (secondary electron) showing the interdendritic precipitates 
(MC-type carbides and Laves/γ eutectic) present in the clad (a), energy dispersive spectroscopy (EDS) 
of point 4 shown in (a,b), and EDS maps of the chemical elements of the precipitates observed in (a) 
(c). 

  

Figure 5. Scanning electron micrograph (secondary electron) showing the interdendritic precipitates
(MC-type carbides and Laves/γ eutectic) present in the clad (a), energy dispersive spectroscopy (EDS)
of point 4 shown in (a,b), and EDS maps of the chemical elements of the precipitates observed in (a,c).
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Figure 6. Scanning electron micrograph (secondary electron) of the transition zone of substrate/clad 
showing grains with boundary type I (a) and type II (e), variations in the Fe, Mo and Nb contents of 
these grains with boundary type I (BT I) ((b–d), respectively) and grains with boundary type II (BT II) 
((f–h), respectively). The magnification of 2500×, the voltage in SEM of 20 kV, scale bar, and work 
distance of 10.9 mm were the same for all images. 

Figure 6. Scanning electron micrograph (secondary electron) of the transition zone of substrate/clad
showing grains with boundary type I (a) and type II (e), variations in the Fe, Mo and Nb contents of
these grains with boundary type I (BT I) ((b–d), respectively) and grains with boundary type II (BT II)
((f–h), respectively). The magnification of 2500×, the voltage in SEM of 20 kV, scale bar, and work
distance of 10.9 mm were the same for all images.
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containing grains with boundary type I (a) and type II (b).

3.2. Crystallographic Relationship between the Substrate and the Clad

As seen in Figure 3, a good metallurgical bonding of the substrate with the clads can be observed,
as well as the grains with type I and type II boundaries in the TZ-C/S. The EBSD mapping performed
in this zone and its surrounding regions allowed crystallographic correlation of the substrate grains
(CGHAZ) with the type I and II boundary grains. This mapping, however, did not reveal any retained
austenite (face centered cubic; FCC) in the CGHAZ, since its size was much smaller than the step
size adopted [42]; therefore, it was not possible to directly correlate the CGHAZ martensite grains
with those of the clads that nucleated in the TZ-S/C. The microstructure of the substrate immediately
adjacent to the clad was 100% martensite, with a body-centered tetragonal structure, which was
indexed through EBSD to the body centered cubic (BCC) structure, owing to the small difference in the
lattice parameters of these two unit cells for low-carbon steels, such as 9%Ni steel (0.067% C, according
to Table 1).

Both bainitic and martensitic transformations are displacive by nature; therefore, the
crystallographic relation between the mother and daughter phases is well established. According
to the phenomenological theory of martensite crystallography, there is a deformation and a
habit plane associated with each of those transformations. Furthermore, such a transformation is
governed by the energy associated with the deformation, which prevents independent variation
of the crystallographic orientation between the mother and daughter phases [43,44]. Among
the possible crystallographic relations between martensite and austenite, the most important are
Kurdjumov-Sachs (KS), {110}BCC//{111}FCC, and <100>BCC//<110>FCC, and Nishiyama-Wassermann
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(NW), {011}BCC//{111}FCC and <111>BCC//<110>FCC. In the case of 9%Ni steel, as indicated by
Kinney et al. [45], the KS relation is the one that fits the best.

As the austenite in the CGHAZ substrate and the Ni-based superalloy 625 has a FCC unit cell,
it was expected that the clad would maintain the same crystallographic orientation as the substrate at
the beginning of solidification, which is characteristic of epitaxial nucleation, which is observed in weld
pool solidification during similar and autogenous welding. Consequently, the epitaxial nucleation can
be verified when there is a correlation in the crystallographic orientation between the clad grains and a
set of lath martensites belonging to the same austenitic grain. With this purpose, the PF in the directions
<100> and <110> of both the clad and the martensite adjacent to the TZ-S/C (Figure 8a,b) were obtained.
As the analyzed region (yellow rectangles in Figure 9a,b) did not reveal the 24 possible martensitic
transformation variants [46], there was no perfect fit between the PFs. However, it can be seen, based
on the similarity between them, that the clad at high temperatures (beginning of solidification) used
the substrate as the site for epitaxial nucleation, growing with the same crystallographic orientation,
which was also verified by Mas et al. [47] by using a similar methodology. As already noted, the clad
also displayed grains that grew parallel to the TZ-S/C. Analysis of these grains with type II boundaries
through the above described procedure (Figure 8c) shows that there was no correlation between the
obtained PFs, unlike what is observed in the case of grain boundary type I.
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Figure 8. Pole figures of the grains of the heat affected zone of the substrate and the clad near
the fusion line: (a) experimentally obtained martensite transformation variants in (100) plane (left),
the 24 possible variants obtained based on the Kurdjumov-Sachs relationship (middle), and the clad
grain crystallographic orientation (right); (b) same as (a), but in (110) plane; and (c) PF for the grains
with boundary type II in (100) plane.
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The prior austenite in the CGHAZ with and without the crystallographic correlations (with the 
types I and II grain boundaries, respectively) was investigated by reversing the martensitic 
transformation by using the Nyyssönen method [29]. The obtained results (Figure 9) corroborated 
the information presented in Figure 8, i.e., there is crystallographic continuity between the grains 
with boundaries type I in the TZ-S/C and those of the substrate (Figure 9a,c). The type II boundary 
grains do not reveal such results because the clad grains grew through more than one prior austenite 
grain of the substrate without any crystallographic continuity (Figure 9b,d). 

3.3. Crystallographic Texture of the Clad Layers 
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Figure 9. Electron backscatter diffraction maps of the transition zone of the substrate/clad: grains
with boundary types I (a) and II (b). Reconstruction of the previous austenite of the coarse grain
heat affected zone of the substrate in the region of grains with boundary type I and II, (c) and (d),
respectively, by using the Nyyssönen algorithm [29]. Magnification: (a,c) 1000× and (b,d) 1500×. Work
distance: (a) 17.7 mm and (b) 17.5 mm.

The prior austenite in the CGHAZ with and without the crystallographic correlations (with
the types I and II grain boundaries, respectively) was investigated by reversing the martensitic
transformation by using the Nyyssönen method [29]. The obtained results (Figure 9) corroborated the
information presented in Figure 8, i.e., there is crystallographic continuity between the grains with
boundaries type I in the TZ-S/C and those of the substrate (Figure 9a,c). The type II boundary grains
do not reveal such results because the clad grains grew through more than one prior austenite grain of
the substrate without any crystallographic continuity (Figure 9b,d).

3.3. Crystallographic Texture of the Clad Layers

The clad grains grow in the direction of weld pool movement (i.e., along the welding direction),
producing elongated grains that are tilted relative to the fusion line (Figure 10). Besides, the high
cooling rate of the substrate results in intense heterogeneous nucleation close to it. According to
Kim et al. [48], some grains near the surface (clad face) change their growth directions because of other
more efficient heat extraction sources (compared to the substrate), as has been observed in the final
moments of the clad solidification. The PFs (Figure 11) show moderate crystallographic texture along
the <100> fiber, which is a common feature of the cast components and welded joints in clad I and both
clad II layers. The crystallographic texture is related to the easy growth direction for cubic crystalline
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metals. The deviation observed in the crystallographic texture of the clad in the PFs with respect to the
x- and y-axes (perpendicular to the welding direction and radial to the pipe, respectively) was due to
the positioning of the sample in the SEM chamber, as has also been reported by Ocelík et al. [16].
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grains in contact with the substrate revealed a random orientation distribution, and the outermost 
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Figure 10. Inverse pole figures (IPF) of clad I and II—(a,b), respectively—showing columnar grains that
are inclined to the transition zone of substrate/clad (TZ-S/C) and extensive heterogeneous nucleation
close to the TZ-S/C. IPF coloring is parallel to the axis pipe.
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During the solidification, the substrate acted as an intense heterogeneous nucleation site,
producing an area with smaller grains in the clad adjacent to the substrate and larger grains in
more distant regions. In the TZ-S/C, the grains with the lowest angles between the easiest growth
direction (<100>) and the maximum thermal gradient in the melt pool grew faster than those with
higher angles, a phenomenon that is called competitive grain growth [15]. In view of this observation,
the grains in contact with the substrate revealed a random orientation distribution, and the outermost
grains developed a sharp crystallographic texture. However, some grains that nucleated in the TZ-S/C
along the easier growth direction could grow uninterruptedly from this zone up to the clad surface.
Regarding clad II, the 2nd L C II exhibited a larger average grain size than the 1st L C II (Figure 12).
While the 1st L C II nucleated in the substrate (9%Ni steel), with a mean grain size of 7.8 µm and random
distribution of crystallographic orientation; the 2nd L C II nucleated on top of the first one, with the
average grain size being 52.8 µm; grains were partially angled in relation to the maximum thermal
gradient. Besides that, the higher growth and lower grain nucleation rates (larger grain size) in the 2nd
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L C II can be explained by the lower thermal conductivity of solid solution-hardened Ni alloys (in this
case, the clad) compared to that of the 9%Ni steel, which also corroborated with previous information.
As already indicated, the grain size and the distribution of the crystallographic orientation of grains in
the clad were heavily influenced by the grain size, crystallographic orientation, and physical properties
of the substrate [16], in addition to its welding parameters. The crystallographic texture results in
anisotropic properties of the clad and, depending on the purpose of the cladded component, may
compromise the clad performance, especially in applications that require fatigue resistance [49].
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and 2nd L C II, respectively), as determined by the equivalent radium method.

As mentioned, the 9%Ni steel cladded with Ni-based superalloy 625 showed BT II. However,
according to Wu [22] and Nelson et al. [23–25], BT II forms when the primary solidification mode
changes abruptly, as in the case of ferrite-δ to γ transformation in certain stainless steels, due to
enrichment of the liquids with austenite-forming elements or when the allotropic transformation
(ferrite-δ → γ) occurs during the cooling in the HAZ, generating a mobile FCC/FCC interface.
This FCC/FCC interface can extend into the melted region (planar solidification zone), generating a
high-angle grain boundary parallel to the melting line, which is presented here as the type-II boundary.
Based on these two presented mechanisms, it is impossible to explain the formation of BT II in the
TZ-S/C of 9%Ni steel cladded with Ni-based superalloy 625, not only because the Ni-based superalloy
625 always solidifies as γ and does not change its microstructure during the welding thermal cycles [40],
but also the 9%Ni steel shows no δ→ γ allotropic transformation (Figure 13a) or solidification mode
change for the dilution levels found in the TZ-S/C (Figure 13b). This paper rebuts the mechanism
proposed by Wu [22], and tries to expand that proposed by Nelson et al. [23–25], indicating that
the necessary condition for obtaining type II boundaries in dissimilar welds is the existence of an
FCC/FCC mobile interface, and not the ferrite-δ→ γ transformation in HAZ or solidification mode
change. Additionally, when BT II was present, the chemical composition varied abruptly from the
substrate to the clad (Figure 7), which can facilitate the movement of the FCC/FCC interface and
promote BT II formation. The various chemical elements present in the solid solution (Cr, Mo, Nb,
and Fe) can greatly distort the crystalline lattice of Ni [50]. The low contests of these elements in the
TZ-C/S aid the movement of FCC/FCC interface, producing favorable conditions for an increase in
BT II. Together with the chemical composition, the high density of dislocations generated by the weld
strain and the mismatch between the lattice parameters of the FCC structures [11], can hinder effective
movement of the FCC/FCC interface during the welding thermal cycle. In addition, it is believed that
MC-type carbide precipitates (Figure 3), present at the time of the change in the solidification mode
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from planar to cellular-dendritic, block the mobile interface (Zenner pinning effect), preventing the BT
II from advancing into the interior of the weld pool.
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(associated with the austenitization and transformation occurring during the cooling) were observed 
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Figure 13. Thermodynamic simulation of phase fractions present in 9%Ni steel as a function of the
temperature (a) and thermodynamic simulation of the solidification, based on the Scheil-Gulliver model,
as functions of the dilution levels in the transition zone of substrate/clad (TZ-S/C) (b). The caption
of (b) (color fields) indicates the phases present during the solidification of 9%Ni steel and clad for
different dilution levels of the partially mixed zone.

3.4. Kernel Average Neighbor Misorientation (KANM)

The most frequent KANM of the substrate (as received) was approximately 0.6◦, while those of
the clad I and clad II HAZs were about 0.8◦ and 0.9◦, respectively (Figure 14). The KANM indicates
the amount of local strain generated during the welding thermal cycle, and is proportional to the
geometrically necessary dislocation density. The KANMs of the HAZs accumulated during the
welding, and increased with the increasing number of clad layers, even if microstructural changes
(associated with the austenitization and transformation occurring during the cooling) were observed in
the HAZ during the welding thermal cycle. The residual strains were attributed to the difference in the
physical-mechanical behavior between the substrate and the clad (dissimilar materials) and the high
cooling rate observed during the welding thermal cycle. Eghlimi et al. [51] observed the accumulation
of residual strains with an increasing number of welding thermal cycles when they cladded API 5L
X65M pipes with stainless steel (AWS ER 2594). Besides, Shamanian et al. [52] found that the residual
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strains in the substrate decreased upon buttering with 309L stainless steel, whose physical-mechanical
properties were between those of API 5L X65 and duplex stainless steels (AWS ER 2594), which were
also analyzed by Eghlimi et al. [51], although without buttering.
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As in the case of the substrate, the KANMs of the clads also accumulated with the increase in the
number of welding thermal cycles. Owing to there being only one welding thermal cycle, the 2nd L
C II revealed the lowest KANM. In addition, the substrate properties (1st L C II) were close to those
of the 2nd L C II, since the 1st L C II and 2nd L C II had similar chemical compositions (Table 1) and
microstructures (Figure 3), resulting in low levels of residual strains and, consequently, KANMs with
low-angle peaks. Clad I showed KANM that was displaced to higher angles compared to 2nd L C II,
because its substrate was 9%Ni steel (which resulted in a big difference in the mechanical-physical
behavior), even though it experienced only one welding thermal cycle, similar to the 2nd L C II.
The 1st L C II exhibited the greatest residual strains of the two clads analyzed because it experienced
two welding thermal cycles and involved the same substrate as clad I.

The 9%Ni steel undergoes allotropic transformations that abruptly change its volume and
mechanical behavior [14], a phenomenon that is not observed in Ni-based alloys. This results in
a KANM that is broader than that of the clads under the same conditions. Although the seamless
9%Ni steel pipes cladded with Ni-based superalloy 625 display residual strains, their KANMs exhibit
low relative frequency to high angles of local misorientation (over 2◦), which demonstrates that the
density of the geometrically necessary dislocations and the local residual strain and stress levels are
low [51,52]. In spite of these observations, the HAZ of 9%Ni steel is more prone to stress corrosion
cracking, SSC, and brittle fracture, compared to the substrate (as-received), since its higher levels of
residual strains and susceptible microstructure promote this type of failure [53]. Therefore, this cannot
be disregarded during the design and use of 9%Ni steel pipes cladded with Ni-based superalloy 625 in
the oil and gas industry, because clad defects can expose the HAZ to the medium.

3.5. Grain Boundary Characteristic Distribution (GBCD)

The grain boundaries were divided according to their misorientations (∆θ) as low-angle (LAB;
∆θ < 5◦), mean-angle (MAB; 5◦ ≤ ∆θ ≤ 15◦), and high-angle (HAB; ∆θ > 15◦). The first welding thermal
cycle changed the GBCD of the 9%Ni steel, increasing the number of LAB and MAB, and decreasing
the relative frequency of HAB. On the other hand, the second welding thermal cycle reduced the LAB
and MAB, but increased the amount of HAB. The high amounts of LAB and MAB (CGHAZ clad I)
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were due to the formation of pairs of specific variants (V) that result from self-accommodation of
the strains during the martensitic transformations, such as V1 and V4, V2 and V5, and V3 and V6,
with ∆θ of 10.5◦, and due to pairs of equivalent variants within the same block [46]. The increase in
the number of HAB (CGHAZ of clad II) resulted from the austenitization occurring during the 2nd
L C II welding and the reconstructive transformation, which produced a microstructure composed of
ferrite and dispersed carbides with retained austenite (Figure 3f). The relations between the variants of
the martensitic transformation (CGHAZ of clad I) were partially lost, resulting in the increase in the
HAB close to the substrate (with the microstructure of tempered martensite).

The GBCDs of clads I and II showed little variation because no phase transformation was occurring
in them. After two welding thermal cycles, the 1st L C II showed a reduction in the relative frequency
of LAB and an increase in that of MAB, which is associated with the increase in the residual strains
(Figure 14) and the rearrangement of dislocations. It is known that in low stacking fault energy metals
(clad layers), dynamic recrystallization is difficult, and the dislocations arrangements can evolve from
the LAB to the MAB. Moreover, there was no marked difference between the relative frequencies of
the HABs of 1st L C II and clad I. The epitaxial nucleation observed in the 2nd L C II was considered
to be responsible for the lower relative frequency of the HAB, which reduced the intense random
nucleation that occurred in TZ-S/C (in the 1st L C II with HAB). Furthermore, the 2nd L C II, because
of its smaller strain, showed the lowest frequency of LAB. Owing to a higher strain close to the TZ-S/C,
the frequencies of the special high-angle and low-energy grain boundaries (coincident site lattice;
CSL, Σ3n (n = 1, 2, 3)), which were identified by the Brandon criterion (∆θ ≤ 15Σ−0.5) [54], increased
with increasing number of welding thermal cycles (Figure 15b), indicating the possible occurrence
of twinning [55] or a strain-induced boundary mobility, which is a necessary condition for their
formation [56] in the 1st L C II, a fact that was also suggested by Eghlimi et al. [51]. The CSLs were also
observed more frequently close to the TZ-S/C, due to the higher levels of residual strain and stress [14].
A similar behavior was also observed in the other conditions (clad I and 2nd L C II) because they
had lower residual strains, and consequently, lower amounts of Σ3n (n = 1, 2, 3). Kobayashi et al. [57]
reported that the presence of Σ3n hinders intergranular cracking, therefore, the increase in the relative
frequency of the CSLs in the clads improved the crack growth resistance, enhancing the integrity of
the cladded component during service. No hot crack was observed in the 1st L C II, which is believed
to be related to the presence of CSLs, which contributed to the weldability.
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3.6. Mechanical Properties 

Measurements of Vickers microhardness (HV0.01) in the TZ-S/C and its surroundings 
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solidification heterogeneities, such as solidification type (cellular and cellular-dendritic) and grain 
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Figure 15. Relative frequencies of misorientation angles in the substrate, coarse grain heat affected the
zones of clad I and clad II (HAZ C I and HAZ C II, respectively), clad I (C I), and the first and second
layers of clad II (1st L C II and 2nd L C II, respectively) (a), and relative frequencies of special grain
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those of the other grain boundaries (b).

3.6. Mechanical Properties

Measurements of Vickers microhardness (HV0.01) in the TZ-S/C and its surroundings (CGGHAZ
and CMZ) of clad I and clad II revealed that the microhardness dropped continuously from the
substrate to the clad (Figure 16). The arithmetic means of the microhardness in the three regions
(HAZ, TZ-S/C, and CMZ) of clad I were higher than those of clad II (Table 5). There were no
microhardness peaks in the TZ-S/C, as is observed for the same region of a low-alloy steel cladded
with austenitic stainless steel [10]. The variation in microhardness in the CMZ was attributed to the
solidification heterogeneities, such as solidification type (cellular and cellular-dendritic) and grain
sizes, interdendritic phase (MC-type carbide and eutectic Laves/γ) types and sizes, and residual stress
and strain levels. The microhardness variation observed in the CMZ can also be influenced by the
crystallographic orientation of its grains, as indicated by Zhou et al. [58]. The intense nucleation of
grains with different crystalline orientations in the TZ-S/C resulted in different mechanical properties
of each grain. Therefore, dispersion of the microhardness in the CMZ close to the TZ-S/C can occur
due to the differences in the crystallographic orientations of the grains on which the indentation was
made. Furthermore, the presence of multiple phases (γ, carbides, and Laves) with distinct mechanical
behaviors can contribute to this dispersion, since one of those phases may interfere with the mechanical
behavior of its neighborhood, restricting (MC-type carbides and Laves phase) or facilitating (γ) the
amount of plastic strain produced by the indentation [40,59]. This microhardness dispersion in the
CMZ was also observed by Wu et al. [42] and Chen and Lu [36].
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superalloy 625 by gas tungsten arc welding with a hot wire, where the values of zero in the axes of the
ordinates correspond to the fusion line and the negative values to the substrate.

Table 5. Mean Vickers microhardness (HV0.01) of the complete mixed zone (CMZ), transition zone of
substrate/clad (TZ-S/C), and coarse grain heat affected zone (CGHAZ) of clad I and II (1st and 2nd
layers), as well as the specified (ASTM A265-12) and analyzed shear strengths and the results of bend
tests performed on clad I and II (Figure 1).

Samples Vickers Microhardness, HV0.01 Shear Strength, τ (MPa) Bend Test
CMZ TZ-S/C CGHAZ Specified (min) Analyzed

Clad I 257 ± 28 291 ± 29 326 ± 19 140 465 Approved
Clad II 237 ± 38 247 ± 14 307 ± 25 140 485 Approved

The PGS zone, unlike the CMZ, exhibits no difference in grain types or precipitates; therefore,
the hardness variation observed cannot be explained based on the hardness dispersion mechanisms of
CMZ. Wang et al. [11] compared the interplanar spacings (dhkl) of 316 stainless steel with those of the
Ni-based superalloy 182, and obtained a mismatch of 16% which together with the residual strains
(Figure 14) increased the number of dislocations in the PGS zone and, consequently, its hardness.
Based on these considerations, it is believed that the PGS zone of 9%Ni steel cladded with Ni-based
superalloy 625 displays similar behavior because of the deformation of this zone during the welding
(Figure 14) and the difference in dhkl between these materials, which was about 21% [60]. During the
welding of the 2nd L C II, the PGS zone was reheated, which could aid its recovery, thereby softening it.

As already mentioned, after the welding of the 1st L C II, the CGHAZ of 9%Ni steel was composed
almost entirely of fresh martensite [37,38]. Nippes and Balaguer [5], when studying joint welding of
this steel, observed the presence of a small amount of retained austenite in the CGHAZ. Jang et al. [61]
also studied this type of joint and indicated the possibility of formation of a high hardness MA
(martensite-austenite) constituent in the CGHAZ. In this study, the welding of the 2nd L C II refined
the CGHAZ of the 1st L C II and partially decomposed the martensite into ferrite and finely dispersed
carbides, which decreased its hardness. In addition, another factor that may have contributed to the
decrease in the CGHAZ microhardness was the diffusion of carbon from the substrate to the clad,
as reported by Alexandrov et al. [18] and Rao et al. [10], though without carbide precipitation.

According to Cao et al. [62], the residual strain directly influences the microhardness of a region.
Although the CGHAZ of clad II reveals a higher residual strain (Figure 14) than that of clad I, the first
is softer than the second, which demonstrates that the main hardening mechanism of the CGHAZ of a
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clad involves its microstructure, and not its residual strain level. Thus, the CGHAZ of a martensitic
substrate (CGHAZ of clad I) is harder than a ferrite with dispersed carbides and a CGHAZ with a
higher level of residual strain (CGHAZ of clad II) [63]. In the same sense, a dendrite in the CMZ
softens during the welding of the 2nd L C II, which increases the residual strains and contributes to
the hardening. However, the softening was due to the coalescence of the interdendritic precipitates
(MC and Laves, Figure 3f), which reduces the amounts of alloying elements in the solid solution
(mainly Nb and Mo) and increases the microhardness dispersion in the CMZ (Figure 16).

Visual inspections performed on the external (convex), internal (concave), and lateral surfaces of
the bended test specimens with the help of a magnifying glass did not show any cracks, irregularities,
clad disbanding, or any other kind of discontinuities (Table 5). Nambu et al. [64] reported that the
mechanical strength and toughness of the substrate/clad interface should be high to inhibit disbonding
during metal forming, as is the case during the bend test. Araújo et al. [65] quantified the crack tip
opening displacement of the TZ-S/C of an API 5L X52 pipe cladded with Ni-based superalloy 625,
indicating that at room temperature, it has a higher fracture toughness than CGHAZ and CMZ.

The results of the shear tests (Table 5) performed according to ASTM A265-12 in clad I and clad II,
corroborated with the bend test results, since there was no crack nucleation and propagation in the
TZ-S/C. The clads overmatched the minimum shear stress (τ) specified in the standard (140 MPa),
as indicated in Table 5. The obtained τ were close to the value (487 MPa) determined by Xie et al. [66]
for a HSLA steel cladded with 304 stainless steel by vacuum lamination, and were higher than that
(399 MPa) reported by Rao et al. [10] for HSLA steel cladded with 307 stainless steel by shielded metal
arc welding.

Although quenched and tempered seamless 9%Ni steel pipes cladded with Ni-based superalloy
625 exhibit very distinct chemical compositions, microstructures, and physical-mechanical properties,
the transition zones between the substrate and the clads could be evaluated satisfactorily, complying
with the standards required for its application.

4. Discussion

As the 9% Ni steel is susceptible to SSC, it is necessary to clad it with Ni-based superalloy 625
to guarantee its safe operation in environments with high H2S concentration, such as that in CO2-IU.
Owing to the cost and quality of the clad, GTAW-HW is the industry standard to clad pipes with CRA
for the production of oil, where risk of SSC exists. However, in order to fulfil standard requirements
(Petrobras N-133, which specifies that the clad must be at least 3 mm thick with less than 10% Fe)
adopted in the Brazilian pre-salt oil and gas exploration, it is necessary to employ pipes with two layers
of clad, as these specifications cannot be met with a single clad layer. To understand the formation of
the final TZ-S/C microstructure, and consequently its mechanical properties and in-service behavior,
this work also addressed the first TZ-S/C prior to the welding of the second clad layer as it is the
starting point towards the final TZ-S/C.

The HAZ of the first clad layer is significantly altered during the welding of the second clad
layer, transforming from 100% martensitic (hard and brittle) to ferrite with finely dispersed carbides
and reverse austenite (tempered martensite, Figure 3) responsible for the high fracture toughness
at low temperatures of the 9% Ni steel, a necessary condition for its application in the CO2-IU.
This microstructural modification reduced the hardness of the CGHAZ but increased residual strains
(Figure 14) and, consequently, residual stresses, a fact which cannot be disregarded in the design of the
CO2-IU.

Owing to its high dilution levels, the TZ-S/C presented high Ni, Cr, Mo and Nb contents which
increased its hardenability, so that it was little influenced by the welding heat of the second clad layer.
However, owing to the small carbon content of the substrate and the filler metal, even the TZ-S/C
containing fresh martensite presented low hardness. The TZ-S/C withstood the bend test strains and
presented a ductile fracture upon shear testing, indicating high toughness, a necessary property in the
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face of an abrupt depressurization of the CO2-IU. In addition, its high ductility suggests that the pipes
cladded with Ni-based superalloy 625 by GTAW-HW could also be used to manufacture pipe bends.

The CMZ of the first clad layer was little influenced by the welding heat of the second one.
However, deformation generated near the TZ-S/C increased the relative frequency of CSL (Σ3n

(1,2,3)), hindering intragranular cracking nucleation and propagation in the CGHAZ or TZ-S/C itself,
thereby increasing the integrity of the component. The second clad layer had a coarser and more
oriented microstructure than the first one, which could reduce the corrosion fatigue life of cladded
pipes. No solidification or liquation hot cracks were observed, even under intense segregation of
alloying elements, the consequent presence of MC-type carbide and the low melting point Laves/γ

eutectic. Thus, it can be concluded that the 9%Ni steel when cladded with Ni-based superalloy 625 by
GTAW-HW presents good weldability. The fusion line of the clads was rectilinear enough to allow for
ultrasonic inspection without geometrical difficulties. Furthermore, both clads were in accordance
with ASTM A265-12 and ASME-IX codes.

The unexpected presence of the BT II in a steel without δ→ α allotropic transformation upon
cooling (Figures 2b and 13) increases the importance of a more specific investigation of the clad, since
these grain boundaries can act as sites for the nucleation and propagation of intergranular cracks along
the TZ-S/C (zone with highest levels of residual strains and stresses) and separate the clad from its
substrate. This is a critical fact since the CGHAZ (high residual stresses and strains), the catalyzed
action of the medium (formation of a gap between the disbonded clad and the substrate) and the
susceptible microstructure (tempered martensite) may lead to catastrophic failure of the cladded pipe.
In addition, the peninsula-like macrosegregation with PMZ can act in equal manner.

The displacive transformation of the martensite and the crystallographic relationship of this
phase with the austenite (Kurdjumov-Sachs) indicated that the clad can use the substrate as an
epitaxial nucleation site, even in dissimilar welding, and, therefore, presents the same crystallographic
orientation of the prior austenite (during cooling), as in the formation of BT I. The clad crystallographic
texture and grain size are thus strongly influenced by the initial substrate microstructure. Furthermore,
the TZ-S/C sites with BT I and BT II have different chemical composition gradients, the one of BT II
being abrupt.

Despite the microstructural and operational complexities, the present work verified the synergy
of the 9%Ni steel′s mechanical behavior with the corrosion resistance of the Ni-based superalloy
625 clad. This reduces the operational cost of CO2-IUs since it′s entire manufacturing with CRA is
impractical, also creating another application for 9% Ni steel, previously almost exclusively restricted
to the transportation and storage of cryogenic gases.

5. Conclusions

The study of the transition zones of the substrate/clad (TZ-S/C) of quenched and tempered
seamless 9%Ni steel pipes cladded with Ni-based superalloy 625 by gas tungsten arc welding with a
hot wire (GTAW-HW) yielded the following conclusions:

• Although there is martensite in the transition zone of the substrate/clad, this zone does not
present a high density of finely dispersed carbides (MC, M7C3, and M23C6 type), this being very
beneficial to its ductility and fracture toughness;

• The unexpected presence of type II boundaries in the dissimilar weld with a base metal that does
not have allotropic transformations (δ→ α) during the welding thermal cycle requires further
analysis of the stress corrosion cracking behavior of the 9%Ni steel cladded pipe in environments
with a high H2S concentration, such as the one the in the CO2 injection unit;

• Although the clads have residual strain and stress, MC-type carbides, low melting point eutectic
γ/Laves, and a partially oriented microstructure in the easy growth direction, the weldability of
the 9%Ni steel cladded with the Ni-based superalloy 625 is good as there were no discontinuities
and mainly no solidification nor liquation hot cracks;
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• The transition zone of substrate/clad has good metallurgical characteristics and mechanical
properties, which allows the oil and gas industry to use the 9%Ni steel pipe cladded with
Ni-based superalloy 625 in CO2 injection units.
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