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Abstract

Relationships among processing, microstructure, and properties of Cr12Mo1V1Co steel
under various quenching and tempering conditions were systematically investigated, with
particular emphasis on tribological behavior. The microstructural evolution during heat
treatment was characterized by optical microscopy, scanning electron microscopy, X-ray
diffraction, and thermodynamic calculations. Reciprocating wear tests were performed
with wear-scar morphologies analyzed using a three-dimensional optical profiler. The
results reveal that the dominant wear mechanisms of Cr12Mo1V1Co steel are abrasive wear,
oxidative wear, and fatigue wear under the present experimental conditions. Hardness
represents the primary factor controlling the wear rate. High-hardness specimens deliver
superior resistance to plastic deformation, which provides sufficient mechanical support
for the oxide layer. This minimizes deformation within both the oxide film and the matrix
during reciprocating friction, suppresses oxide spallation and mitigates abrasive, oxidative,
and fatigue wear. The fracture and pull-out of large irregular M7C3 carbides constitute
another important wear mechanism, and the associated carbide-originated wear can be
alleviated via carbide edge dissolution triggered by elevated quenching temperatures.
Considering both critical factors, specimens after 1100 ◦C quenching + 480 ◦C tempering
and 1120 ◦C quenching + 500 ◦C tempering achieve optimal wear resistance among the
investigated heat treatments under the present testing conditions.

Keywords: Cr12Mo1V1Co steel; wear mechanism; hardness; secondary quenching; irregular
carbides

1. Introduction
Currently, the thickness of grain-oriented silicon steel strips for transformer cores has

been reduced to under 0.18 mm to meet the core loss requirement (P1.7/50 < 0.6 W/kg)
in UHV (ultra-high voltage)/EHV (extra-high voltage) transmission networks [1–3]. This
trend toward thinning poses significant challenges for cold rolling quality, which in turn
places stringent demands on the service performance of work rolls in cold-rolling mills.
Specifically, wear of these rolls can lead to strip shape deterioration, while surface defects
on the rolls are readily replicated onto the steel strip surface, especially when rolling to
such thin gauges. These replicated defects act as magnetic domain pinning sites, thereby
increasing core loss [4,5]. Consequently, the microstructure and properties of roll materials,
particularly wear resistance, directly determine the stability of the rolling process and the
surface quality of silicon steel strips.
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Cr12Mo1V1Co, a high-carbon high-chromium cold-work tool steel, is a promising can-
didate material for work rolls in silicon steel cold-rolling mills, primarily of the Sendzimir
type. This alloy is derived from conventional D2 tool steel by the addition of approxi-
mately 0.3 wt.% cobalt. D2 steel possesses high hardness, excellent wear resistance, and
good oxidation resistance at elevated temperatures, which, combined with its favorable
hardenability, accounts for its widespread use in cold-working dies for operations such as
stamping, heading, and extrusion [6–9]. However, its performance remains inadequate for
the cold rolling of ultra-thin grain-oriented silicon steel strips.

To enhance the performance of D2 steel, considerable research efforts in recent years
have focused on new processes related to the material itself and surface modifications.
Research on the material itself has primarily explored advanced heat treatment routes. For
example, dual austenitizing has been employed to inhibit excessive grain growth while
enhancing hardness and toughness [10]. Cryogenic treatment has been applied to substan-
tially reduce retained austenite content and promote the dispersion of secondary carbides,
thereby improving wear resistance [11–14]. Alternatively, replacing the second stage for
conventional graded quenching with bright quenching (KOH + NaOH salt bath quenching)
can achieve a favorable balance between high hardness and toughness [15]. In essence,
these heat treatment strategies are ultimately directed toward achieving precise control over
the content, morphology, size, and distribution of key microstructural constituents [16–18].
In addition, surface modification of D2 steel has also been extensively investigated to
improve its wear and corrosion resistance. Representative approaches include diffusion-
based treatments such as gas and plasma nitriding [19], physical vapor deposition (PVD) of
transition-metal nitride coatings (e.g., TiN, CrN, TiAlN), including multilayer and duplex
architectures combining nitriding with coating deposition [20,21], and surface repair tech-
niques such as overlaying welding and laser cladding with Co/Ni-based or high-entropy
alloys [22,23].

Research on the wear behavior of die steels, represented by D2 steel, primarily focuses
on their mechanisms and resistance. To investigate different wear mechanisms, such as
adhesion, three-body abrasion, and two-body abrasion, methods including pin-on-disk
tests, sand/rubber wheel apparatus tests, and reciprocating sliding tests are commonly
employed [11,24–32]. Studies indicate that external factors influencing the wear rate include
sliding speed, load, counterface material, lubrication condition and test environment
(temperature, humidity, acidity/alkalinity). The effect of these factors varies significantly
under different wear conditions and parameter ranges. For instance, Bourithis et al. [25]
reported that in sand/rubber wheel tests, the wear rate of D2 steel increased with higher
loads. In contrast, Ma et al. [24], using a similar setup, observed a decrease in wear rate
with increasing load, attributing this to the fracture of abrasive particles under high loads,
which reduces their cutting ability. In adhesive wear, the wear rate typically increases
with sliding speed [33]. However, at speeds high enough to form a protective oxide layer,
the wear rate may decrease [25]. The internal factors governing wear performance are
predominantly the microstructural characteristics, such as the tempered martensite matrix,
retained austenite, and carbides (including their content, size, shape and distribution).
The influence of these microstructural features also differs under various wear conditions.
For example, in three-body and two-body abrasion under relatively low loads, large
carbides, due to their high hardness, can effectively resist abrasion and reduce wear [25].
Conversely, under high loads, the fracture and subsequent pull-out of these carbides can
lead to a substantial increase in wear [33,34]. Generally, increased material hardness is
beneficial for wear resistance. However, the associated reduction in toughness may cause
localized spallation or fragmentation, ultimately increasing wear. Therefore, the tribological
behavior of die steel is determined by a complex interplay between its microstructure
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and the service environment. The experimental design should be tailored to its specific
application scenarios.

When comprehensively considering service performance and production cost, Sendz-
imir mill work rolls made of Cr12Mo1V1Co steel are generally free from additional surface
treatment, and their properties are determined by the final bulk heat treatment (quench-
ing and tempering) process. Currently, relevant research on cobalt-containing D2 steel
(i.e., Cr12Mo1V1Co steel) remains relatively scarce. Considering the sensitivity of die
steel properties to quenching–tempering schedules, especially the complex effects of the
combined action of multiple factors on material wear rate, this paper will systematically
investigate the evolution behavior of microstructural constituents (including tempered
martensite, carbides, and retained austenite) of Cr12Mo1V1Co steel under the condition of
“high-temperature quenching plus high-temperature tempering”. The relationship among
heat treatment processes, microstructure, and mechanical properties will be established
through hardness testing, impact toughness testing, and reciprocating friction and wear
tests, with emphasis on analyzing the effects of various microstructural factors on the
wear resistance of the material. The findings of this study are anticipated to provide a
theoretical basis for optimizing the heat treatment process of Cr12Mo1V1Co steel for work
roll applications.

2. Materials and Methods
The chemical compositions of Cr12Mo1V1Co (Xinyuan Roller Industry Company

Limited, Yixing, China) in this study are listed in Table 1. The equilibrium phases and their
compositions of this alloy under constant pressure were calculated using JmatPro (Version
7.0) thermodynamic software in the temperature range of 400–1600 ◦C with a step size of
10 ◦C. The calculation was conducted based on the principle of minimizing Gibbs free en-
ergy, utilizing the iron-based database integrated in the software. The effect of temperature
on the precipitation amount of each phase was output and analyzed.

Table 1. The chemical compositions of Cr12Mo1V1Co (wt%).

C Si Mn Cr Mo Co V Al Ti Fe

1.66 0.45 0.36 11.75 0.86 0.29 1.13 0.031 0.024 Bal.

Rectangular samples with the size of 6 mm × 12 mm × 12 mm were cut from 1/2
radius position of a wrought bar with a diameter of 88 mm, which was spheroidizing
annealed. The original microstructure consists of spheroidal carbides (<2 µm in diameter),
irregularly shaped eutectic carbides, and ferrite matrix (Figure 1).

Figure 1. Microstructure of Cr12Mo1V1Co steel in the spheroidization-annealed state.
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Heat treatment was performed using a KSL-1400X box-type resistance furnace (Hefei
Kejing Materials Technology Co., Ltd., Hefei, China). The Cr12Mo1V1Co steel samples
were austenitized at 1040 ◦C, 1060 ◦C, 1080 ◦C, 1100 ◦C, and 1120 ◦C for 30 min, followed
by oil quenching to approximately 100 ◦C. To prevent cracking, the quenched samples
were immediately triple-tempered at 480 ◦C, 500 ◦C, and 520 ◦C, respectively, with each
tempering cycle lasting 4 h followed by air cooling.

The spheroidizing annealed, quenched, and tempered samples were mechanically
ground and polished, followed by etching in a solution of 1 g FeCl3 + 3 mL HCl + 12 mL H2O.
The microstructure was analyzed using an OLYMPUS metallurgical microscope(Olympus
Corporation, Hachioji, Tokyo, Japan). The fine morphology of carbides and martensite was
examined using a JSM-6360LV scanning electron microscope (SEM) (JEOL Ltd., Mitaka,
Tokyo, Japan) equipped with a GENESIS 2000XM60 energy-dispersive spectrometer (EDS)
(EDAX Inc., Mahwah, NJ, USA). Carbide volume fractions were quantified by image analy-
sis of micrographs taken at 200× magnification. For each specimen, five randomly selected
fields of view were analyzed (single field ≈ 0.12 mm2; total analyzed area ≈ 0.6 mm2 per
specimen). Carbides were isolated from the matrix using grayscale thresholding in Adobe
Photoshop (Version, 2024), with the threshold level kept constant across all fields of the
same specimen; particle boundaries were manually verified and corrected where necessary.
The results were cross-validated using ImageJ software(Version, 1.53h) to confirm the
reliability of the procedure. Carbide particles were classified into different categories based
on their size and aspect ratio.

Phase analysis of carbides and matrix was conducted using an Ultima-IV X-ray diffrac-
tometer (Rigaku Corporation, Akishima, Tokyo, Japan), with a scanning angle ranging from
30 ◦ to 100 ◦. Scanning rates of 10 ◦/min and 2 ◦/min were employed for qualitative and
quantitative analysis, respectively. The volume fraction of retained austenite (γ phase) was
quantified according to the Chinese standard YB/T 5338-2019 using the five-line six-pair
method ((200) and (211) in a phase, (200), (220), and (311) in γ phase). The reported value is
the arithmetic mean of the six peak pairs. According to the precision specification of the
standard, the relative standard deviation of this method is within 2% for γ-phase contents
above 20 vol.% and within 3% for contents of 10–20 vol.%.

The Rockwell hardness of the quenched and tempered specimens was measured
following GB/T 230.1-2018. An average value was calculated from five indentations per
specimen. Charpy impact testing of all tempered samples was carried out at ambient
temperature employing unnotched rectangular bars (10 mm × 10 mm × 55 mm), according
to GB/T 229-2020. For each heat-treatment regime, three replicate specimens were tested,
and the average absorbed impact energy was presented. Additionally, the fracture surfaces
of the impacted specimens were examined to analyze the fracture morphology.

Dry sliding wear tests were conducted on a multi-functional tribometer (Rtec, MFT-
3000) (Rtec Instruments, San Jose, CA, USA) for all tempered samples. A reciprocating
ball-on-disk configuration was employed, using an upper Si3N4 ceramic ball (12.7 mm in
diameter, 1700 HV, surface roughness Ra ≈ 0.02 µm) as the counterface (Figure 2). Prior to
wear testing, all specimens were mechanically ground and polished (final polishing with
2.5 µm diamond paste), yielding an initial surface roughness of Ra ≈ 0.05 µm. The tests
were performed at a normal load of 100 N, sliding speed of 0.02 m/s, stroke length of 0.003
m, and duration of 30 min, giving a total sliding distance of 36 m (0.02 m/s × 1800 s). The
wear scar profile and wear volume were measured and analyzed using a Rtec UP-3000
three-dimensional optical profiler (Rtec Instruments, San Jose, CA, USA). The volumetric
wear rate (Wr) was calculated using the following formula:

Wr =
V

(F · s)
(1)
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where V represents the wear volume (mm3), F denotes the applied load (N), and s stands
for the sliding distance (m). Three independent wear tests were performed for each
heat-treatment condition, and average values were adopted for further analysis. The
morphology and characteristics of the wear scars were examined using a ZEISS MERLIN
compact field emission scanning electron microscope (FE-SEM) (Carl Zeiss Microscopy
GmbH, Oberkochen, Germany).

Figure 2. Schematic of the reciprocating sliding friction at room temperature.

Standard deviations derived from repeated measurements of hardness, absorbed
impact energy and volumetric wear rate are reported as error bars in the corresponding
result figures.

3. Results
3.1. Microstructural Characterization
3.1.1. Calculation and Identification of Precipitated Phases

Figure 3a illustrates the equilibrium phase constitution of Cr12Mo1V1Co steel, which
serves as a thermodynamic baseline for the candidate phases and their stability temperature
ranges. It can be seen that under solid-state conditions, the material is mainly composed
of austenite, ferrite, and three types of carbides: M7C3, MC, and M23C6. The dominant
metallic elements in the carbides are as follows: Cr and Fe in M7C3; V in MC; and Cr, Fe, and
Mo in M23C6. Table 2 lists the temperature ranges for the stability of each phase. Figure 3b
presents the mass fraction of cobalt (Co) in individual phases at different temperatures. As
an alloying element in the modified D2 steel, Co is predominantly dissolved in the matrix,
with small amounts present in the carbides.

Figure 3. Thermodynamic calculation results of Cr12Mo1V1Co steel: (a) mass fraction of precipitated
phases; (b) mass fraction of Co in different phases.
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Table 2. Calculated temperature ranges of phase stability in Cr12Mo1V1Co steel (◦C).

Liquid Austenite Ferrite M7C3 M23C6 MC

1237.7~ 796.3~1380.8 ~812.7 ~1248.5 ~869.2 ~955.3

Figure 4 shows the X-ray diffraction (XRD) patterns of Cr12Mo1V1Co steel samples
under various heat treatment conditions. In all the patterns of as-quenched samples, a
body-centered cubic phase (i.e., martensite) and carbide (Cr,Fe)7C3 are detected (Figure 4a).
It should be noted that the crystal structure of martensite is body-centered tetragonal,
representing a supersaturated solid solution of carbon in iron. However, it is indexed as
ferrite because the resolution of the diffractometer is insufficient to resolve the tetragonality
of the martensite [28]. When the quenching temperature is 1100 ◦C, the peaks of retained
austenite (RA) appear in the XRD patterns (γ in Figure 4a). These peaks become increasingly
pronounced in the sample quenched at 1120 ◦C. This can be attributed to the extensive
dissolution of alloying elements from the carbides into the matrix at elevated quenching
temperatures, which enhances the stability of austenite and lowers the martensite transfor-
mation temperature, consequently leading to the retention of austenite after oil quenching.
Quantitative measurements indicate that the volume fraction of RA is approximately 20.1%
and 44.4% at quenching temperatures of 1100 ◦C and 1120 ◦C, respectively. It should be
noted that during low-temperature quenching (1040–1080 ◦C), the retained austenite cannot
be detected because its fraction is below the detection threshold of the X-ray diffractometer.

Figure 4. XRD patterns of differentially heat-treated samples: (a) as-quenched state; (b) 1080 ◦C
quenched + tempering; (c) 1100 ◦C quenched + tempering; (d) 1120 ◦C quenched + tempering.

The phase assemblage remains stable after tempering for samples quenched at
1040–1080 ◦C, as exemplified by the 1080 ◦C samples (Figure 4b). In contrast, for samples
quenched at 1100 ◦C, the RA peaks disappear after tempering (Figure 4c), indicating that it
has decomposed to a volume fraction below the detection limit of the equipment. When
the quenching temperature is 1120 ◦C, distinct RA peaks persist in the XRD patterns af-
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ter triple tempering at 480 ◦C, with a corresponding volume fraction of approximately
11.5% as determined by quantitative analysis. These peaks disappear when the tempering
temperature is increased to 500 ◦C and 520 ◦C (Figure 4d). Studies indicate that during
high-temperature tempering, the principal alloying elements in the retained austenite
precipitate as carbides. This precipitation reduces the stability of the austenite, causing it
to transform into martensite during subsequent cooling after tempering—a phenomenon
known as secondary quenching [13,35]. XRD results reveal that samples quenched at higher
temperatures require a correspondingly higher tempering temperature to achieve complete
decomposition of the retained austenite.

3.1.2. Microstructural Morphology

Typical microstructural morphologies of Cr12Mo1V1Co steel in the oil-quenched state
are shown in Figure 5. The quenched sample is composed of plate martensite, irregular
carbides, and fine spherical carbides. Retained austenite detected by XRD cannot be distin-
guished in either optical micrographs or SEM images. The maximum size of martensite
plates is approximately 10.5 µm in the 1040 ◦C-quenched sample. The lengths of the ir-
regular carbides exceed 25 µm, while the diameter of the spheroidal carbides is around
1.5 µm. Quenching temperature has little effect on the size of martensite plates, but exerts a
significant influence on carbides. When the quenching temperature reaches 1080 ◦C, the
dissolution traces at the edges of large irregular carbides are significantly intensified, and
the local fragmentation at carbide edges is aggravated, forming fragments smaller than
5 µm (Figure 5b,c). Quantitative metallographic analysis shows that the volume fraction
of carbide fragments increases from 1.2% for the sample quenched at 1040 ◦C to 2.5% for
that quenched at 1120 ◦C. Correspondingly, the volume fraction of intact irregular carbides
decreases from 6.3% to 3.1% (Table 3). On the other hand, the spheroidal carbides dissolve
extensively with increasing quenching temperature. When the quenching temperature
increases to 1100 ◦C and 1120 ◦C, the proportion of spheroidal carbides drops sharply to
0.4% and 0.3%, respectively.

Figure 5. Microstructures and corresponding magnified images of as-quenched samples: (a) 1040 ◦C;
(b) 1080 ◦C; (c) 1100 ◦C; (d) 1120 ◦C.
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Table 3. Volume fraction of carbides with different shapes (%).

1040 ◦C 1060 ◦C 1080 ◦C

OQ
Tempered

OQ
Tempered

OQ
Tempered

480 ◦C 500 ◦C 520 ◦C 480 ◦C 500 ◦C 520 ◦C 480 ◦C 500 ◦C 520 ◦C

unfragmented
irregular
carbides

6.3 ± 0.6 6.2 ± 0.6 6.0 ± 0.4 6.1 ± 0.3 6.7 ± 0.5 7.0 ± 0.4 6.8 ± 0.3 6.2 ± 0.6 5.4 ± 0.7 5.8 ± 0.3 5.5 ± 0.7 5.6 ± 0.6

carbide
fragments 1.2 ± 0.2 1.3 ± 0.3 1.4 ± 0.2 1.6 ± 0.1 1.0 ± 0.3 1.6 ± 0.2 1.5 ± 0.3 1.6 ± 0.2 1.6 ± 0.3 2.0 ± 0.1 1.3 ± 0.3 1.3 ± 0.3

irregular
carbides

(unfragmented+
fragmented)

7.5 ± 0.6 7.5 ± 0.7 7.4 ± 0.4 7.7 ± 0.3 7.7 ± 0.6 8.6 ± 0.4 8.3 ± 0.4 7.8 ± 0.6 7.0 ± 0.8 7.8 ± 0.3 6.8 ± 0.8 6.9 ± 0.7

spheroidal
carbides 2.1 ± 0.4 4.4 ± 0.6 3.8 ± 0.3 4.0 ± 0.4 1.9 ± 0.3 3.8 ± 0.6 3.5 ± 0.6 4.0 ± 0.4 1.6 ± 0.3 3.5 ± 0.4 2.3 ± 0.2 2.5 ± 0.3

1100 ◦C 1120 ◦C

OQ
tempered

OQ
tempered

480 ◦C 500 ◦C 520 ◦C 480 ◦C 500 ◦C 520 ◦C

unfragmented
irregular carbides 3.4 ± 0.4 4.2 ± 0.3 3.7 ± 0.4 5.0 ± 0.3 3.1 ± 0.3 3.9 ± 0.5 3.4 ± 0.4 4.0 ± 0.3

carbide fragments 2.3 ± 0.4 2.1 ± 0.3 1.8 ± 0.5 2.2 ± 0.3 2.5 ± 0.3 2.4 ± 0.4 2.4 ± 0.4 2.7 ± 0.5

irregular carbides
(unfragmented+

fragmented)
5.7 ± 0.6 6.3 ± 0.4 5.5 ± 0.6 7.2 ± 0.4 5.6 ± 0.4 6.3 ± 0.6 5.8 ± 0.6 6.7 ± 0.6

spheroidal carbides 0.4 ± 0.2 0.6 ± 0.2 0.5 ± 0.1 0.7 ± 0.1 0.3 ± 0.2 0.6 ± 0.1 0.6 ± 0.2 0.6 ± 0.1
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After three cycles of tempering at different temperatures, the matrix of samples still
exhibited acicular martensite morphology (magnified images in Figure 6(a2–d2)), i.e.,
tempered martensite microstructure. The size of tempered martensite plates is reduced
compared with the as-quenched state, with a typical length of approximately 6.5 µm. The
tempering process showed minimal impact on both the content of irregular carbides and
their fragmentation behavior (Table 3). In contrast, the proportion of spheroidal carbides
in tempered specimens typically doubled compared to their as-quenched counterparts,
indicating that the secondary carbides formed during tempering are spheroidal. For
instance, in samples quenched at 1040 ◦C followed by tempering, the spheroidal carbide
fraction increased from 2.1% to approximately 4% (Figure 5a vs. Figure 6(a1–a3) and Table 3).
For the 1100 ◦C- and 1120 ◦C-quenched sample series, the proportion of spheroidal carbides
consistently remained below 1% after tempering, although a significant increase was
observed compared to the as-quenched state. Quantitative analysis shows that tempering
temperature has little effect on the volume fractions of spheroidal carbides at the same
quenching temperature, but their size is significantly coarsened when tempered at 520 ◦C
(Figure 6(a3–d3)).

Figure 6. Microstructures and corresponding magnified images of samples under different
heat treatment conditions: (a1–a3) 1040 ◦C quenching series; (b1–b3) 1080 ◦C quenching series;
(c1–c3) 1100 ◦C quenching series; (d1–d3) 1120 ◦C quenching series.
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The chemical compositions of irregular and spheroidal carbides were determined by
EDS; for each type of carbide, at least five particles were measured on randomly selected
locations, and the average compositions are listed in Table 4. Consistent with tempered
D2 steel, these precipitates are rich in Cr and Fe, with appreciable amounts of Mo and V.
While the identification of such carbides in D2 steel remains controversial in the literature,
being reported as either M7C3 [25,28] or M23C6 [13,36,37], the present results support an
M7C3-type identification for both the irregular and spheroidal carbides on the basis of two
lines of evidence: Distinct (Cr,Fe)7C3 reflections are present in the XRD patterns of both
as-quenched and tempered specimens, whereas no characteristic reflections of M23C6 or
MC carbides are discernible—considering that the total carbide content exceeds 8 vol. %
(Table 3), well above the detection limit of the present XRD method, such carbides would
have been detected if they were predominantly M23C6 or MC. EDS analysis reveals that the
V content in both carbide types remains low, incompatible with the stoichiometry of V-rich
MC carbides and instead consistent with that of M7C3.

Table 4. Average chemical compositions of carbides in Cr12Mo1V1Co steel determined by
EDS (wt%).

C Cr V Mo Fe

irregular carbides 10.1 42.7 5.6 5.0 36.7

spheroidal carbides 12.0 38.9 4.1 2.9 42.2

3.2. Room Temperature Hardness

Figure 7 presents the room-temperature hardness of Cr12Mo1V1Co steel samples un-
der different heat treatment conditions. It can be observed that the as-quenched specimens
exhibit hardness values ranging between 56–62 HRC, with a decreasing trend as the quench-
ing temperature increases. The reduced hardness can be ascribed to the appearance of soft
retained austenite, especially at 1100 ◦C and 1120 ◦C. In addition, an elevated quenching
temperature promotes considerable dissolution of carbides, which further contributes to
the hardness reduction of the as-quenched specimens. The effect of tempering on hard-
ness depends strongly on the prior quenching temperature. For specimens quenched at
1040–1080 ◦C, tempering leads to a decrease in hardness. The hardness values after tem-
pering at 480 ◦C and 500 ◦C are comparable, while a much more pronounced reduction
occurs upon tempering at 520 ◦C. The softening effect during tempering arises from the
decomposition of martensite into tempered martensite. This originates from weakened
solid-solution strengthening owing to reduced carbon supersaturation, together with the
diminished dislocation strengthening and twin boundary strengthening [38]. The finely
dispersed spheroidal carbides precipitated during tempering (Figure 6) afford a certain
strengthening effect, thereby mitigating tempering softening. However, coarsening of
these carbides significantly weakens their strengthening contribution, resulting in a further
decrease in tempering hardness, as seen in the 520 ◦C-tempered samples. For the samples
quenched at 1100 ◦C, the hardening effects during tempering, including the transformation
of retained austenite into martensite (secondary quenching) and the fine precipitation of
carbides, are essentially balanced with the softening effect caused by martensite decomposi-
tion. Consequently, the hardness remains stable at 58–60.5 HRC. For the samples quenched
at 1120 ◦C, approximately 11.5 vol. % retained austenite persisted after tempering at
480 ◦C; hence, the hardness increased only slightly relative to the as-quenched state. After
tempering at 500 ◦C, the retained austenite is almost eliminated, and the room-temperature
hardness increases to 62.5 HRC. For the samples quenched at both 1100 ◦C and 1120 ◦C, a
decline in hardness is observed after tempering at 520 ◦C.
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Figure 7. Room-temperature hardness of Cr12Mo1V1Co steel in different states.

3.3. Impact Toughness

Figure 8 illustrates the impact absorbed energy of the tempered specimens under vari-
ous heat treatment regimes. For samples quenched at 1040–1080 ◦C, the impact absorbed
energy of unnotched specimens shows an approximately inverse trend with hardness;
those tempered at 520 ◦C display the lowest hardness and the highest impact toughness.
The impact absorbed energy of the tempered specimens quenched at 1100 ◦C and 1120 ◦C
is lower than that of their counterparts quenched at 1040–1080 ◦C, and the influence of
tempering temperature on impact toughness is also less pronounced for these specimens
than for those quenched at 1040–1080 ◦C. Among the 1100 ◦C- and 1120 ◦C-quenched
specimens, the batches tempered at 480 ◦C and 500 ◦C respectively exhibit relatively high
impact toughness.

Figure 8. Impact absorbed energy of samples under different heat treatment conditions. Red, blue,
and cyan bars represent the samples tempered at 480 ◦C, 500 ◦C, and 520 ◦C, respectively.

Figure 9 shows the typical impact fracture morphologies of samples under different
quenching and tempering treatments (magnified views in dashed boxes), covering samples
with different impact absorbed energy. It can be seen that the fracture surfaces of all samples
present abundant dimples along with tear ridges, exhibiting ductile fracture characteristics.
Local quasi-cleavage facets are observed on the fracture surfaces. These regions are rela-
tively flat without obvious plastic deformation, and cracks are found in some of them. The
observed flat regions exhibit dimensions and morphologies consistent with the presence
of large irregular carbides (Figure 6), suggesting an intrinsic relationship. It is reported
that the interfacial bonding strength between carbide and matrix is lower than the cohesive
strength of the matrix itself [34]. When impact cracks propagate to the carbide/matrix
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interface, they preferentially extend rapidly along the interface, leading to carbide detach-
ment and forming flat quasi-cleavage facets that match the size of the carbides, which
always exerts an adverse effect on the impact toughness of the steel [39]. However, further
observation shows that samples with relatively low impact toughness do not exhibit more
quasi-cleavage facets. On the contrary, although the 1040–1080 ◦C-quenched sample series
exhibit a larger volume fraction of irregular carbides (Table 3), which can promote the
formation of quasi-cleavage facets, their impact toughness is relatively higher.

Figure 9. Impact fracture morphologies and magnified images of samples under different heat
treatment: (a1,a2) quenched at 1040 ◦C + tempered at 480 ◦C/520 ◦C; (b1,b2) quenched at 1100 ◦C +
tempered at 480 ◦C/500 ◦C; (c1,c2) quenched at 1120 ◦C + tempered at 500 ◦C/520 ◦C.

From the fracture morphology, samples with higher impact absorbed energy have
deeper and finer dimples on the fracture surfaces. For the 1040–1080 ◦C-quenched sam-
ple series, martensite decomposition becomes more sufficient with increasing tempering
temperature. Consequently, the matrix exhibits substantially improved plastic deforma-
tion capacity. Upon impact, the matrix dissipates energy through enhanced plastic flow,
which results in numerous deep and uniformly sized dimples on the fracture surface. In
contrast, for the 1100–1120 ◦C-quenched samples, the combination of secondary quenching
during tempering and enhanced tempering stability (due to massive alloying element
re-dissolution at high quenching temperatures) results in less complete martensite de-
composition compared with the 1040–1080 ◦C-quenched samples at the same tempering
temperature. Consequently, the matrix exhibits limited plastic deformation capacity during
impact, producing generally shallow dimples on the fracture surfaces.

3.4. Friction and Wear Tests
3.4.1. Wear Rate and Friction Coefficient

Figure 10 presents the volumetric wear rates of Cr12Mo1V1Co steel subjected to
various quenching and tempering treatments. The wear rates range from 1.30 × 10−6 to
6.39 × 10−6 mm3/(N·m). For samples quenched at 1040 ◦C, 1060 ◦C, and 1080 ◦C, temper-
ing temperature exerts a comparable influence on wear rate: samples tempered at 480 ◦C
and 500 ◦C exhibit similar wear rates, whereas increasing the tempering temperature to
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520 ◦C leads to a substantial increase (approximately two-fold). At a quenching temperature
of 1100 ◦C, the wear rate increases monotonically with increasing tempering temperature.
In contrast, the 1120 ◦C-quenched samples show a minimum wear rate at 500 ◦C, with
higher rates obtained at both lower and higher tempering temperatures. Overall, samples
quenched at 1040–1060 ◦C deliver comparable wear rates under identical tempering condi-
tions. Raising the quenching temperature to 1080 ◦C produces a modest reduction in wear
rate. Further increasing the quenching temperature to 1100 ◦C and 1120 ◦C gives rise to a
more distinct reduction in wear rate after tempering.

Figure 10. Wear rates of samples subjected to different heat treatment conditions.

Typical curves illustrating the relationship between friction coefficient and sliding
time are shown in Figure 11a (1100 ◦C quenching series). The friction process exhibits two
distinct stages: running-in and steady-state. The running-in stage primarily involves mu-
tual accommodation between the Cr12Mo1V1Co steel and the counterface ball at the onset
of friction, characterized by considerable fluctuation in the friction coefficient. The duration
of this stage varies slightly with heat treatment conditions, remaining approximately 400 s.
Under various heat treatment conditions, the friction coefficient stabilizes within the range
of 0.59–0.68 during steady-state wear (Figure 11b).

Figure 11. Friction behavior of samples under different heat treatment conditions: (a) friction
coefficient versus sliding time for the 1100 ◦C quenching series, (b) steady-state friction coefficients.

3.4.2. Wear Morphology

Typical worn surface morphologies of samples with distinct wear rate ranges are
presented in Figures 12–14. Figure 12 illustrates the wear scar characteristics of the sample
quenched at 1100 ◦C and tempered at 480 ◦C (representative of samples with wear rates
below 2.0 × 10−6 mm3/(N·m)). The entire wear region exhibits extensive parallel plowing
grooves, with deeper grooves at the center of the wear scar and shallower ones at the
periphery (Figure 12a). The cross-sectional profile along line A-A′ displays numerous
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steep fluctuations, consistent with the groove morphology, with a maximum wear depth of
approximately 7.7 µm (Figure 12b). Combined SEM and EDS analyses reveal that the wear
region comprises oxide and substrate zones (Table 5). The oxide zone exhibits elevated Si
content, suggesting that debris from the Si3N4 counterface ball also undergoes oxidation.
Spallation of the oxide layer is observed, with the exposed regions exhibiting irregular
topography. Cracks penetrating both the oxide layer and the substrate are also present and
are oriented perpendicular to the plowing direction. Additionally, large irregular carbides
exhibit incipient detachment from the matrix, with localized fragmentation and subsequent
small-scale pull-out (Figure 12d,e).

Figure 12. Wear morphologies of the sample quenched at 1100 ◦C and tempered at 480 ◦C: (a) wear
track depth contour map; (b) cross-sectional profile along line A–A′; (c–e) surface morphologies of
the wear scar.

Figure 13. Wear morphologies of the sample quenched at 1120 ◦C and tempered at 520 ◦C: (a) wear
track depth contour map; (b) cross-sectional profile along line A–A′; (c–e) surface morphologies of
the wear scar.
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Figure 14. Wear morphologies of the sample quenched at 1040 ◦C and tempered at 520 ◦C: (a) wear
track depth contour map; (b) cross-sectional profile along line A–A′; (c–e) surface morphologies of
the wear scar.

Table 5. Chemical compositions of different regions on the worn surface (wt%).

Position O Si Mo V Cr Fe Co

1⃝ 7.9 18.1 1.4 1.7 15.9 54.3 0.6
2⃝ - 0.7 1.0 0.6 9.5 87.5 0.7

The wear morphology of the sample quenched at 1120 ◦C and tempered at 520 ◦C
is shown in Figure 13. This specimen is representative of samples with wear rates of
2.0–3.0 × 10−6 mm3/(N·m). The worn region still consists of oxide and substrate zones,
with parallel plowing grooves running across both zones. Compared with the 1100–480 ◦C
specimen, the 1120–520 ◦C sample shows an overall greater wear depth, especially at
the center of the wear scar (Figure 13a,b). Additionally, the fraction of the oxide zone
rises, and cracks within large oxide agglomerates become more prominent. Cracks and
carbide pull-out of large carbides are also evident (Figure 13d). Samples with wear rates of
3.0–4.0 × 10−6 mm3/(N·m) display comparable wear-morphology features. The plowing
grooves become even deeper, with pronounced deepening particularly at the edges of the
wear scar.

Figure 14 presents the wear morphology of the sample subjected to 1040 ◦C
quenching and 520 ◦C tempering, representing samples with wear rates exceeding
5.0 × 10−6 mm3/(N·m). The wear region exhibits substantial enlargement in both depth
and width, with the maximum wear depth reaching 12.5 µm along section A–A′. The wear
characteristics remain consistent with those of the previously described samples, but the
proportion of cracked oxide increases further. Additionally, fracture and pull-out of large
carbides become more severe (Figure 14e), corresponding to the scattered deep blue spots
observed in Figure 14a.
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4. Discussion
4.1. Wear Mechanisms

The worn surface morphology of Cr12Mo1V1Co steel is primarily characterized by
parallel grooves, oxide layers (with partial spallation), and cracks perpendicular to the
grooves. Although detached debris from the counterpart was observed adhering to the
sample surface, typical signatures of severe adhesive wear, such as material smearing or
extensive adhesive transfer, were absent. Therefore, based on the present experimental
conditions, the dominant wear mechanisms are identified as abrasive wear, oxidative wear,
and fatigue wear, with adhesive wear being negligible [11,26,33,40]. The wear behavior of
Cr12Mo1V1Co steel proceeds through distinct material removal stages. Initial surface dam-
age occurs via two-body abrasion, in which the harder Si3N4 counterface and its asperities
directly plow the steel substrate and produce parallel grooves. This mechanism evolves into
three-body abrasion once wear debris, consisting of metallic fragments, detached carbide
particles, and counterpart debris, enters the contact interface. Simultaneously, frictional
heating promotes surface oxidation. As abrasives plow across the surface, material is
displaced towards both sides. Under reciprocating motion, such displacement induces
stresses oriented perpendicular to the plowing direction, which eventually nucleate cracks
normal to the grooves (Figure 12e). Being brittle, these surface oxides are prone to fracture
under combined plowing and fatigue loading. The fractured oxide particles then act as
hard abrasives within the contact zone. During abrasive wear, large irregular carbides
fracture and are subsequently pulled out, further aggravating material loss. Figure 15
provides a schematic illustration of the wear process for Cr12Mo1V1Co steel.

Figure 15. Schematic illustration of wear mechanisms in Cr12Mo1V1Co steel: (a) primary abrasive
grooves; (b) oxide layer formation; (c) oxide spallation and carbide cracks; (d) carbide pull-out.
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4.2. Factors Affecting Wear Rate
4.2.1. Hardness

Figure 16a presents the relationship between the wear rate and the bulk hardness for
all heat-treated specimens. A strong negative correlation is observed (Pearson r = −0.82,
p < 0.001; Spearman ρ = −0.59, p = 0.021), although not in a strictly monotonic manner at
the individual specimen level. Given that abrasive wear dominates in Cr12Mo1V1Co steel
and proceeds via continuous plastic flow, the inferior resistance to plastic deformation of
low-hardness specimens results in higher wear rates [25,26,28]. Such low-hardness samples
are mainly produced by quenching at 1040–1100 ◦C followed by tempering at 520 ◦C,
with hardness values of approximately 54 HRC. The reduced hardness stems from more
extensive martensite decomposition and pronounced coarsening of secondary carbides
at this elevated tempering temperature, as detailed in Section 3.2. An exception is the
specimen quenched at 1120 ◦C and tempered at 480 ◦C, which exhibits a hardness of
57 HRC yet delivers a relatively low wear rate. XRD analysis (Figure 4d) confirms the
presence of retained austenite in this tempered specimen. Das et al. [11] and Singh et al. [28]
proposed that the friction-induced transformation of retained austenite into martensite
during sliding can compensate for the reduced bulk hardness, thereby leading to a lower
wear rate. This interpretation offers a possible explanation for the present experimental
results. However, since friction is confined to the contact region, the amount of martensite
transformed locally is limited and cannot be verified by bulk XRD measurement. Further
experimental verification is currently in progress.

Figure 16. Correlations between the wear rate and (a) the bulk hardness and (b) the volume fraction
of intact irregular carbides.

To provide a mechanical basis for the hardness-dependent wear behavior, the contact
stress state under the applied load was evaluated based on Hertzian contact theory [41].
For the ball-on-flat configuration employed in this study, the effective elastic modulus
E* of the Si3N4 ball (R = 6.35 mm, E1 ≈ 310 GPa, ν1 ≈ 0.26 [42]) and the steel substrate
(E2 ≈ 210 GPa, ν2 ≈ 0.30 [43]) was calculated as:

1
E∗ =

(︁
1 − υ2

1
)︁

E1
+

(︁
1 − υ2

2
)︁

E2
(2)

yielding E* ≈ 136 GPa. Under the normal load P = 100 N, the contact radius a and the
maximum contact pressure P0 were then obtained:

a =

(︃
3PR
4E∗

)︃ 1
3

(3)
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P0 =
3P

2πa2 (4)

giving a ≈ 150 µm and p0 ≈ 2.1 GPa. Under nominal Hertzian contact, the maximum
subsurface shear stress, approximately 0.31P0 (≈0.65 GPa), remains below the shear yield
strength of the steel—approximately half the compressive yield strength, i.e., ~0.9–1.1 GPa
over the present hardness range [43], indicating that the nominal contact is essentially
elastic. Under actual sliding conditions, however, the near-surface stress is substantially
amplified: the tangential friction force shifts the maximum shear stress toward the surface
and increases its magnitude when the friction coefficient exceeds approximately 0.3 [41],
while local contact at surface asperities and entrapped hard debris generates pressure
spikes far exceeding the nominal P0. Given that the steady-state friction coefficients in this
study range from 0.59 to 0.68 (Figure 11), local plastic flow is expected to initiate at the
immediate surface, with a greater propensity in the lower-hardness specimens owing to
their lower yield strength.

The influence of hardness on the wear rate is also intimately linked to oxidative wear.
Morphological analysis reveals that specimens exhibiting elevated wear rates undergo
more severe oxide fracture and spallation. Extensive research has established that oxide
layers serve as effective barriers separating the metallic substrate from the counterface,
thereby reducing the friction coefficient and mitigating material loss [25,44,45]. Conversely,
oxide spallation re-exposes the substrate to the wear environment, and the detached
oxide debris subsequently acts as three-body abrasives that accelerate metallic plowing.
Thus, the correlation between pronounced oxide detachment and elevated wear rates is
mechanistically sound.

According to classical oxidative wear models, the wear process under dry sliding con-
ditions involves a cyclic sequence of oxide film formation, growth, fatigue-induced fracture,
and spallation. Once the oxide film grows beyond a critical thickness (ξ), it becomes me-
chanically unstable and fails via fracture under cyclic stress [46,47]. This critical thickness
depends intrinsically upon the mechanical properties of the oxide film, the load-bearing
capacity of the substrate (e.g., hardness, toughness), and external tribological conditions.
In the present study, since all specimens share the same composition and were tested under
identical friction conditions (load, sliding speed, counterface material, environment), the
mechanical support provided by the substrate to the oxide film emerges as the decisive
factor governing its resistance to fatigue-induced detachment. In low-hardness specimens,
substantial substrate plastic deformation under contact stresses compels the surface oxide
film to accommodate this deformation coordinately, thereby generating elevated tensile
stresses within the film. Given the intrinsic brittleness and limited strain tolerance of oxides,
cracks readily initiate and propagate rapidly under cyclic loading, culminating in exten-
sive oxide spallation (Figure 14). The resulting hard oxide debris subsequently intensifies
plowing of the freshly exposed metallic surface, establishing a self-sustaining cycle of
“spallation–plowing–re-oxidation” that markedly accelerates material removal. By contrast,
high-hardness specimens provide more stable mechanical support to the oxide film, mini-
mizing additional stresses arising from substrate plastic deformation. Consequently, the
oxide film undergoes more gradual, fatigue-mediated spallation, thereby reducing abra-
sive debris generation and lowering the wear rate. Figure 17 presents the cross-sectional
morphologies of wear tracks for the 1080 ◦C-quenched/520 ◦C-tempered (54.5 HRC) and
1120 ◦C-quenched/500 ◦C-tempered (62.5 HRC) specimens, corresponding to wear rates
of 5.97 × 10−6 and 1.32 × 10−6 mm3/(N·m), respectively. For the low-hardness specimen,
the oxide layer is fully spalled, with distinct plastic flow lines and cracks visible adjacent
to the worn surface; by contrast, an oxide layer of approximately 1 µm remains on the
high-hardness specimen, beneath which martensite laths exhibit negligible deformation. It
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is noteworthy that the plastic deformation is confined to the immediate vicinity of the worn
surface, which is consistent with the surface-localized maximum shear stress predicted
by the sliding contact analysis above. These observations provide direct experimental
evidence that the high-hardness matrix mechanically supports the overlying oxide layer
through its resistance to plastic deformation.

Figure 17. Cross-sectional morphologies of wear tracks for specimens (a) quenched at 1080 ◦C +
tempered at 520 ◦C; (b) quenched at 1120 ◦C + tempered at 500 ◦C.

4.2.2. Irregular Carbides

Although high hardness is beneficial to the wear resistance, it is not the sole governing
factor. For instance, the specimens quenched at 1040–1060 ◦C and tempered at 480–500 ◦C
exhibit higher wear rates than specimens of comparable hardness quenched at higher
temperatures. Examination of the worn morphologies (Figures 12–14) indicates that the
response of large irregular carbides during sliding also constitutes an important factor
affecting the wear resistance. As shown in Figure 16b, the wear rate exhibits a moderate
positive correlation with the volume fraction of intact irregular carbides (Table 3) (Pearson
r = 0.57, p = 0.028; Spearman ρ = 0.62, p = 0.014), indicating that a higher fraction of such
carbides is associated with accelerated material removal. Accordingly, the wear rates follow
the magnitude order: 1120 ◦C series ≈ 1100 ◦C series < 1080 ◦C series < 1060 ◦C series ≈
1040 ◦C series. This is consistent with the progressive dissolution and fragmentation of
irregular carbides at elevated quenching temperatures (Figure 5).

The adverse effect of large irregular carbides on the wear rate arises from two coupled
processes: carbide fracture, and interface debonding. The sharp corners of irregular carbides
induce severe stress concentration under the sliding contact stress field. When the local
tensile stress exceeds the fracture strength of the brittle M7C3 carbides, cracking occurs
within the carbide particles, as evidenced by the cracked carbides in Figure 13e. Meanwhile,
the marked mismatch in elastic modulus and plastic deformability between the carbides
and the martensitic matrix generates interfacial shear stress during reciprocating sliding.
Once the interfacial bonding strength, which is lower than the cohesive strength of the
matrix itself, is overcome, the carbide detaches from the matrix and a surface cavity forms
(Figure 14e). A similar tendency is observed on the impact fracture surfaces (Section 3.3),
where quasi-cleavage facets likewise indicate preferential crack propagation along the
carbide/matrix interface. Both processes are doubly detrimental: the resulting cavities
directly constitute material loss and act as crack initiation sites for both the oxide film and
the substrate, while the detached hard fragments are entrapped at the sliding interface
as third-body abrasive particles that further intensify plowing. Similar carbide-mediated
damage has been reported for D2 and Cr8 die steels [25,27,33,34]. Elevated quenching
temperatures (1100–1120 ◦C) promote the peripheral fragmentation and partial dissolution
of irregular carbides and blunt their sharp corners (Figure 5), thereby suppressing both
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processes at the source, which accounts for the lower wear rates of the high-temperature-
quenched series.

It is noteworthy that the influence of impact toughness on wear rate is less pro-
nounced than that of hardness and irregular carbides. Samples subjected to quenching at
1040–1080 ◦C followed by tempering at 520 ◦C possess the highest toughness yet exhibit
the highest wear rates, owing to their insufficient hardness. In contrast, the 1100–1120 ◦C-
quenched series, despite lower toughness, demonstrate superior wear resistance. Neverthe-
less, within this high-temperature series, samples with better toughness yield consistently
lower wear rates.

5. Conclusions
The main outcomes of this study can be briefly highlighted in the following statements.
(1) Elevated quenching temperatures facilitate the dissolution of spheroidal carbides

and the preferential edge dissolution of large irregular carbides, generating fine carbide
fragments. After triple tempering, martensite transforms into tempered martensite, ac-
companied by the precipitation of M7C3-type spheroidal carbides, which undergo ob-
vious coarsening during 520 ◦C tempering. Tempering at 480 ◦C can fully eliminate
retained austenite in 1100 ◦C-quenched samples. In comparison, complete retained austen-
ite elimination for 1120 ◦C-quenched specimens requires a higher tempering temperature of
500 ◦C.

(2) Increased retained austenite content and progressive carbide dissolution collec-
tively reduce the as-quenched hardness as the quenching temperature rises. For specimens
quenched at 1040–1080 ◦C, tempering induces a significant reduction in hardness and
a notable improvement in impact absorbed energy. By contrast, samples quenched at
1100–1120 ◦C achieve peak hardness after 500 ◦C tempering owing to the secondary quench-
ing effect. However, these high-quenched specimens exhibit lower post-tempering impact
toughness compared with their low-quenched counterparts.

(3) Under the present experimental conditions, the primary wear mechanisms of
Cr12Mo1V1Co steel are abrasive wear, oxidative wear, and fatigue wear. The fracture and
pull-out of large irregular carbides constitute an important mechanism of material loss. The
wear rate is governed primarily by the matrix hardness, with the volume fraction of intact
irregular carbides acting as a secondary, synergistic factor. Specimens subjected to 1100 ◦C
quenching + 480 ◦C tempering and 1120 ◦C quenching + 500 ◦C tempering exhibit the best
wear resistance among the investigated heat treatments.
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