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Abstract

This contribution compares various theories dealing with the assessment of dislocation den-
sity in metals subjected to different straining levels. The paper examines both substructure
development and the evolution of dislocation densities in 1xxx, 5xxx, and 6xxx Al alloys.
Barlat’s dislocation model, Kocks–Mecking–Estrin (K-M-E) theory, and Kubin–Estrin (K-E)
type modeling approaches were analyzed. The dislocation model parameters were de-
termined from the microindentation profiles for the rolled Al alloys. It was shown that a
strong correlation exists between the K-E and K-M-E models, confirming their reliability in
describing the relationship between strain, stress, and dislocation density. These numerical
approaches effectively capture the evolution of dislocation density with strain, making
them suitable for the analysis of the accumulation of stored energy during deformation.
The development of substructure during straining was inferred from the microindentation
experiments, and the resulting dependencies tended to align with the characteristic curve
observed in various metals.

Keywords: dislocation density; substructure evolution; modeling; Al alloys

1. Introduction
Polycrystalline materials contain numerous defects, including linear ones called

dislocations. The presence of dislocations disrupts the regular atomic arrangement in
grains of metallic materials. In alloyed systems, both impurity atoms and alloying ele-
ments tend to induce localized lattice strain, promoting dislocation formation. In the
as-cast or annealed metallic systems, the density of linear defects ρ is relatively low
(~108–1011 m−2). However, during plastic deformation, the crystallographically resolved
shear stress causes atomic planes of highest planar density to slip, thus generating dis-
locations. The presence of dislocations plays a crucial role in designing the mechanical
properties of polycrystalline aggregates, since their motion governs yield strength, flow
stress, ductility, work hardening parameters, and hardness. For instance, the Hall–Petch
equation [1,2] assumes that the yield stress σy is inversely proportional to the dislocation
path expressed in terms of average grain size d:

σy = σ0 +
kd√

d
, (1)

where σ0 represents the material’s base strength (also called friction stress) and kd is the
grain boundary strengthening coefficient.
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Exceeding the load above the yield point of a material, the correlation between
the macroscopically imposed stress and the dislocation density is expressed by the
Taylor relation:

σ = σ∗
0 + αMGb

(√
ρ − ρ0

)
, (2)

where σ∗
0 is a material-dependent parameter and independent of ρ, b is the magnitude of

the Burgers vector, G is the shear modulus, α is a geometric constant, M is the Taylor factor,
and ρ0 is the dislocation density in fully recrystallized material.

Stress values depend not only on the grain size and dislocation density but also on the
temperature during deformation [3]. In this study, all hardness and stress values refer to
room temperature conditions, ensuring consistency in comparison.

Taylor factor M is the crystallographically resolved measure of the instantaneous
dissipation of plastic power in an arbitrarily oriented crystal. The value of M depends
on the crystallographic orientation of the grain/crystal, while Equation (2) employs the
average value of the Taylor factor characteristic for a given polycrystalline aggregate. The
M is a texture, crystal structure, and strain mode-dependent quantity. For instance, the
average M for randomly textured “Face-Centered Cubic” (FCC) material subjected to
tension is ≈3, while M ≈ 2.8 when the material is subjected to plane strain compression
(PSC) [4]. Furthermore, M tends to change during plastic deformation according to the
following expression [4]:

M ≈ M0 + 0.05 · e0.95, (3)

where M0 is Taylor factor prior to rolling (M0 is texture-dependent parameter and in
the case of PSC, M0 = 2.88 for random texture, M0 = 2.75 for {001}<100> dominating
recrystallization texture, M0 = 2.83 for β-fiber rolling texture and M0 = 2.77 for a mixed
β-fiber and recrystallization texture components [4]).

The geometric constant in Equation (2) depends on numerous factors such as material
type (via Poisson ratio ν and Burgers vector b), crystal structure, straining level (via the
mean free path of dislocations Λ), and type of dislocation. For the mixture of edge and
screw dislocations in materials with an FCC crystal structure, α is expressed as follows [1,4]:

α ∼=
(1 − 0.5ν)

4π(1 − ν)
ln
(

Λ
3b

)
(4)

As it was concluded elsewhere [4], the mean free path of dislocations is influenced by
multiple factors, making Λ a complex function of dislocation density, which is dependent on
the degree of straining, as well as the characteristic subcell size Dc. The relationship between
the Λ and Dc is intricate due to the complex nature of dislocation interactions taking place
during the process of plastic deformation. The dislocation interactions are accompanied
by various phenomena such as dislocation multiplication, annihilation, or rearrangement,
which further contribute to the evolution of the substructure. Understanding how Λ evolves
with increasing strain in different materials has been a subject of extensive study [4–8].
Analyzing the evolution of Λ with strain in different Al alloys, it was concluded that the
mean free path of dislocations and the characteristic size of the substructural domain that
emerges during plastic deformation can be quantitatively related through the following
expression [4]:

Λ = 2.7 × 10−11exp
(

Dc

0.159

)
+ 4.9 × 10−2exp

(
Dc

2.928

)
− 4.37 × 10−2 (5)

The methodology related to the investigation of substructure evolution in metals involves
conventional techniques such as transmission electron microscopy, electron backscattering
diffraction, or X-ray line profile analysis [9,10]. All these methods have several common
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disadvantages, which are related to the time-consuming sample preparation, limited field
of view, extensive measurement time, and complex data post-processing. In view of this,
numerical models dealing with the evolution of linear defects in materials [5,11–15] became
powerful tools, making them efficient and accessible for the design of thermomechanical
processing of materials. Another major advantage of using dislocation models is the possi-
bility to link experimental observations with various theoretical frameworks, which enables
explaining mesoscopic changes leading either to hardening or recovery/recrystallization.
However, it is important to emphasize that the accuracy of dislocation density estimation
using diverse numerical algorithms depends on both the boundary conditions employed
and the precise selection of model parameters.

Understanding and predicting the mechanical behavior of polycrystalline aggregates
during plastic deformation by using the Taylor relation (see Equation (2)) or calibrating
model parameters might be challenging since measurement of stress in industrial pro-
cesses such as rolling, forging, or extrusion is complicated by numerous factors. Therefore,
employing physical quantities that reflect the stress state of a given material during defor-
mation is of essential importance. Typically, the strain can be assessed by following the
shape changes, while the stress can be related to hardness. These two properties provide
quite accurate information about the stress state and thus allow modeling the evolution of
substructure in metals by a spectrum of available models, which have diverse predictive
power. Given this, this contribution aims to compare the performance of a variety of
dislocation models and compare the simulated results with experimental observations.

2. Brief Description of Dislocation Models
2.1. Kocks–Mecking and Kocks–Mecking–Estrin Type Dislocation Models

Dislocation models provide insights into the underlying mechanisms operating during
plastic deformation. These numerical approaches play a crucial role in understanding the
strain hardening and softening phenomena by taking into account both rearrangement and
interaction of dislocations, which lead to multiplication, immobilization, or annihilation.
The Kocks–Mecking (K-M) [5,14,15] model describes how dislocation density evolves
during plastic deformation in metallic systems. The theory links the change of forest
dislocation density ρ with strain e:

1
M

dρ f

de
=

1
bΛ

− λρ f , (6)

where the material-dependent constant λ is related to recovery, while the 1/bΛ term is
responsible for the dislocation storage.

The Kocks–Mecking–Estrin approach [5,14,15] is based on two competing processes,
such as the generation and annihilation of dislocations:

1
M

dρ f

de
= λ1

√
ρ f − λρ f , (7)

where the material-dependent constant λ1 is related to the storage of dislocations.
The essence of both models assumes that dislocations are produced during plastic

deformation due to their interaction and multiplication, and this process is controlled via
constant λ1, while the recovery, which tends to occur during straining, is governed by the
λ parameter (see Table 1). As it was summarized elsewhere [11], the K-M is accurate at
lower strains, whereas K-M-E is more precise at the higher straining levels.
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Table 1. K-M-E model parameters for pure Al and various Al alloys.

Material λ1 (1/m) λ Refs.

Pure Al (0.77. . .1.43) × 108 (15.36. . .18.77) [16–19]
Al-0.5Mg (1.63. . .2.03) × 108 (13.41. . .13.90) [16,17,19]
Al-1Mg (1.48. . .2.27) × 108 (6.42. . .10.94) [16,17,20]
Al-2Mg 2.77 × 108 8.65 [16,17]
Al-3Mg (2.61. . .3.07) × 108 (5.65. . .7.30) [16–18]
Al-4Mg (2.68. . .2.75) × 108 (4.83. . .5.40) [16,17,19]
Al-5Mg (2.10. . .2.82) × 108 (2.85. . .4.90) [16,18,20]
Al-7Mg (2.86. . .2.87) × 108 (3.58. . .4.23) [16,18]
Al-9Mg 2.03 × 108 1.78 [16,20]

Al-10Mg (2.80. . .3.24) × 108 (3.48. . .3.66) [16,18]
Al-13Mg 2.95 × 108 3.54 [16]

2.2. Kubin–Estrin Modeling Approach

This modeling approach tracks how mobile (ρm) and forest (ρf) dislocations tend to
evolve with strain and how they contribute to the total dislocation density ρ. The value
of ρ in the Kubin–Estrin model (K-E) [12,13] depends on dislocation interactions, which
are incorporated in the model via C1–C4 model parameters. The frame of the K-E model is
expressed in the form of two differential equations:

dρm

de
= C1 − C2ρm − C3ρ0.5

f , (8)

dρ f

de
= C2ρm + C3ρ0.5

f − C4ρ f , (9)

where the total dislocation density is a sum of ρm and ρf, C1 controls the multiplication of
dislocations, C2 governs the trapping of mobile dislocations, C3 states for the immobilization
effect of the forest and mobile dislocations on each other, while C4 conditions the dynamic
recovery of forest dislocations.

The differential equation system (Equations (8) and (9)) can be solved numerically by
knowing C1–C4 parameters and initial dislocation density (in the recrystallized state ρ0 is
assumed to be 1010 m−2). This system of equations can be solved analytically by assuming
that the C2 and C4 model parameters are equal. This assumption is reasonable since a
variety of materials show comparable values for the C2 and C4 coefficients (see Table 2).
The solution was presented by Csanádi et al. [13], in the following form:

ρ(e) =
2C1

C4
−

(
2C1

C4
− ρ0

)(
1 +

C4e
2

)
exp(−C4e) (10)

Table 2. K-E model parameters of pure metals and various Al alloys [4,13,21–24].

Material C1 (m−2) C2 (1) C3 (1/m) C4 Refs.

Al 1.87 × 1014 1.0 9.0 × 105 1.2 [13,21]
Au 3.91 × 1015 3.1 2.0 × 106 3.6 [13,21]
Cu 7.23 × 1015 5.6 3.0 × 106 5.9 [13,21]
Ni 8.32 × 1015 2.5 4.0 × 106 2.6 [13,21]

Al-0.5Mg 5.2 × 1014 7.0 2.1 × 107 8.1 [22,23]
Al-1Mg 8.4 × 1014 5.5 2.6 × 107 9.4 [22,23]
Al-2Mg 1.6 × 1015 4.0 1.8 × 107 8.0 [22,23]
Al-3Mg 1.9 × 1015 3.0 4.8 × 106 7.8 [22,23]

1xxx Al alloy 2.55 × 1014 1 [4]
Al-4Mg-0.6Si alloy 10.5 × 1014 1.7 [4]
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The material-dependent model parameters listed in Table 2 were fitted for various
experimentally measured dislocation densities in both pure and alloyed metallic sys-
tems [13,21–24]. The major advantage of using Kubin–Estrin models lies in their ability to
analyze the evolution of linear defects as a function of strain. In addition to this, K-E-type
numerical approaches enable the description of a complex interplay between the hardening
and softening mechanisms in metals via C1–C4 coefficients. Compared to purely empirical
models, Equations (8)–(10) tend to provide physically meaningful and predictive numerical
frameworks. For instance, analyzing the change of model parameters as a function of
chemical composition in binary alloys allows for revealing the effect of a particular alloying
element on recovery and hardening. This is completed for the Al-Mg binary system, and it
was shown that the C1 coefficient tends to increase linearly with the Mg content [22].

The validity of the models, defined by Equations (8)–(10) and Table 2, is supported
by several key factors: (i) The models are based on parameter values derived from a wide
range of materials (pure metals or binary systems), ensuring broad applicability; (ii) the
predicted results exhibit strong correlation with experimental data over a broad strain range
(in some instances e = 8 [13]); (iii) the model parameters possess clear physical significance;
for example, parameter C4 is associated with the saturation level of the stress [13], whereas
the ratio of C2/C4 reflects the relationship between the saturation levels of mobile and
forest dislocation densities [13].

2.3. Barlat-Type Modeling Approach

In the frame of this approach [11], mobile dislocations are produced with a particular
rate Fs, and after moving a certain distance, they become trapped. The average travel
distance of the mobile dislocations is expressed in terms of the mean free path L, which
is controlled by the model parameter k1. In this model, the mean free path of dislocations
is a function of strain and tends to decrease from the initial value Ly at yielding to the
saturation level Ls. The second state variable F (F = (bL)−1) ranges between the initial
yielding value Fy and the saturation counterpart Fs, while the degree of change of F with
strain e is controlled by the k1 value via the following expression [11]:

F = Fs +
(

Fy − Fs
)
exp(−k1Me) (11)

The evolution of both mobile and forest dislocations with strain is expressed as follows:

1
M

dρ f

de
= F − k2ρ f , (12)

1
M

dF
de

= −k1(F − Fs), (13)

1
M

dρm

de
= Fs − F, (14)

where the k2 model parameter refers to the recovery rate of forest dislocations.
The solution of the above equation system (Equations (12)–(14)) is expressed in

terms of two analytical expressions, enabling tracing the evolution of the forest and
mobile dislocations:

ρ f = K1exp(−k1Me) + K2exp(−k2Me) +
Fs

k2
, (15)

ρm =
(

Fy − Fs
)
[exp(−k1Me)− 1], (16)
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where the yield stress σy, σ0, and model variables K1, K2, F, Fs, and Fy are related to each
other via the following relations:

K1 =
Fy − Fs

k2 − k1
, (17)

K2 =

(
σy − σ0

K

)2
−

Fy − Fs

k2 − k1
− Fs

k2
, (18)

The model parameters for various Al alloys are listed in Table 3.

Table 3. Barlat model parameters of pure Al and various Al alloys [11].

Material σ0 (MPa) σy (MPa) Fy (109/mm2) Fs (1010/mm2) k1 k2

Pure Al 6.3353 42.392 0.44926 0.71632 0.15269 13.965
2008-T4 106.69 140.04 1.5067 3.5897 1.1663 20.129
3003-O 21.826 63.298 0.9211 0.67428 0.30117 8.0847
5182-O 53.346 96.209 2.4512 3.0922 1.1358 11.252
5032-T4 91.072 119.73 1.222 2.6139 1.2043 8.9927
6022-T4 93.246 159.57 3.3 3.6317 1.4105 16.509

The model framework expressed by Equations (11)–(18) was further developed by
Balaji et al. [1,25]:

1
M

dρ

de
= K0 + K(1 − exp(−Ψ

√
ρ))− K2ρ, (19)

with the following model parameters for pure Al: stress concentration factor
C = 12.686 × 10−3, the initial dislocation multiplication factor K0 = 0.2269 × 108 1/mm2,
the pre-exponential coefficient K = 0.241 × 1010 1/mm2, exponential factor
Ψ = −2.801 × 10−3mm, and the coefficient K2 = 14.119.

2.4. Performance of Numerical Models

In order to assess the efficiency of the above-described and well-established dislocation
models [11,13,25], a systematic comparison has been conducted among diverse model
predictions for pure Al with the aim of excluding interactions between dislocations and
fine precipitates or secondary phases. Both Al and Al alloys have FCC crystal lattices
and exhibit comparatively simple slip behavior during plastic deformation. Therefore, the
evolution of dislocation density in this simple polycrystalline system can be modeled with
a relatively high degree of reliability.

The results presented in Figure 1 demonstrate that the models employed [11,13,25] are
capable of reproducing the intrinsic response of pure aluminum in terms of the generation of
dislocations with different degrees of accuracy. In the present cases, the model developed by
Barlat et al. [1] was modified as follows: (i) The dependency of the geometric constant α and
Taylor factor on strain was taken into account, and (ii) it was considered that the mean free
path of dislocations is a function of the cell size developed, as it is described elsewhere [4].
As Figure 1a shows, all models tend to predict comparable order of magnitude for the
ρ; however, the major differences among the numerical approaches are related to the
work hardening rate (shape of the corresponding ρ-e curve) and the degree of saturation.
The evolution of dislocation density as predicted by the Barlat [11], Csanadi [13], and K-
E [12] models showed good quantitative agreement with the microstructural observations
reported in the literature [11,13,25]. The experimental evidence obtained via “Transmission
Electron Microscopy” (TEM) and X-ray line profile analysis tends to scatter along the lines
predicted by these models (see Figure 1b).
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Figure 1. Evolution of dislocation density during deformation in pure Al or technically pure Al alloys:
(a) evolution of ρ with straining level simulated with diverse modeling approaches, adapted from
Refs. [11,13,25] and (b) correlation between the simulated and experimental counterparts reported in
different literature sources, adapted from Refs. [26–28].

It is obvious that the K-M approach agrees quite well with other models [11] at
lower strains, whereas the major discrepancy is observed at the straining levels above
0.2. The reason for this quantitative disagreement is related to the fact that the K-M
model parameters were mainly derived from stress–strain behavior, where materials show
limited ductility. Despite the acceptable level of agreement with experimental counterparts,
an important limitation of the above-mentioned dislocation models [11,13,25] lies in the
determination of model parameters. These numerical approaches rely not only on a number
of fitting parameters with direct experimental correlations but also require a more extensive
dataset. Typically, the initial dislocation density, the multiplication and recovery rates of
dislocations, and material-specific constants are required for the simulations. Determination
of fitting parameters (dislocation interaction, recovery, and multiplication) with high
accuracy is non-trivial inasmuch as in many cases, the related phenomena cannot be
observed directly, but the corresponding parameters can be derived (indirectly) from
experimental stress–strain curves or extracted either from crystallographically resolved
finite element or atomistic simulations. All these factors introduce ambiguity and variability
into the modeling of dislocation evolution. In view of this challenge, the current work
attempts to find a correlation among the model parameters of different approaches to
enhance the applicability of dislocation-based modeling.

3. Materials and Experimental Procedures
The evolution of dislocation density was analyzed in a technically pure Al alloy from

the 1xxx series (Al-0.3wt%Si-0.2wt%Fe), Al-4%wtMg-0.6wt%Si alloy from the 5xxx series,
and Al-1.2Mg-0.7Si-0.6Mn alloy from the 6xxx series. All investigated materials were
subjected to high-temperature annealing (550 ◦C) in order to get rid of internal stresses and
ensure fully recrystallized microstructures with the lowest possible dislocation density. The
heat-treated samples were cold-rolled to different straining levels by a laboratory rolling
mill with a roll diameter of 150 mm.

The deformed materials were cut and subjected to mechanical grinding. Afterward,
the surfaces were polished by using diamond suspensions containing 3 µm particles. The
final polishing was performed with 1 µm diamond suspension. The polished materials
were soap-cleaned under running water and then dried.

The evolution of Vickers hardness Hv with strain was analyzed with the aim of
investigating the evolution of dislocation density in deformed materials by the methodology
described elsewhere [4]. The indentation measurements were accomplished by using a
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Zwick/Roell® ZHVµ-type microhardness tester. The microhardness tests were performed
in the mid-thickness of the “Transverse Direction” (TD) plane (plane perpendicular to TD)
with a load above 200 gf in order to avoid the so-called indentation size effect [29,30].

4. Correlation Between Model Parameters in Diverse Numerical Approaches
As summarized above, the employed dislocation modeling approaches [5,11–14,25]

use different boundary conditions; therefore, the connection between the model parameters
is not always obvious, except for the K-E [12] and simplified K-E approaches [13]. In
binary systems, the effect of one alloying element on the model parameters can be fitted
by a relatively simple function; however, this task is far more challenging in the case
of complex alloys. For Al-Mg alloys listed in Table 1, the λi parameters of the K-M-E
approach [11,14,25] can be expressed as functions of Mg content 17] (see Figure 2a,b):

λ1 = 2.12 × 108 ×
(
CMg + 0.006

)0.13, (20)

λ = 17.1 ×
(
CMg + 1

)−0.71, (21)

where the content of Mg CMg is given in wt%.

Figure 2. Change of K-M-E model parameters λ (b) and λ1 (a) as a function of Mg content in binary
Al-Mg alloys (adapted from Refs. [11,14,25]). The dashed line shows the upper and lower bounds of
the data spread listed in Table 1.

In some instances, the model parameters of a given approach are defined for a variety
of materials, yet a different set of constants is needed for another model. It turns out that a
correlation exists between the K-E and K-M-E model parameters. In the K-E model, the
saturation level is controlled by the C2 and C4 parameters, while in the K-M-E model, it is
governed by the λ parameter. The generation of dislocation (hardening) in the mentioned
models is governed by the C1 and λ1 material constants. The below derived relationship
enables defining a link between the two models, facilitating parameter translation across
different modeling approaches, and the correlation between them is expressed as follows:

λ =
C2 + C4

3
, (22)

λ1 =
2
√

C1λ√
3

, (23)

Figure 3 shows that the defined Equations (22) and (23) provide a very reasonable quan-
titative agreement for the evolution of dislocation density in a vast variety of materials
(Au, Cu, Ni, Al, and Al-Mg alloys). The only difference is observed at the early stages
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of deformation, where the K-M-E model [11,14,25] shows a more sluggish generation of
dislocations as compared to the K-E simulations; however, this discrepancy is related to the
difference in boundary conditions employed in the two approaches.

Figure 3. Evolution of dislocation densities predicted by the K-E, adapted from Refs. [12,13] and
K-M-E, adapted from Refs. [5,14] models in (a) pure Al and Al-Mg alloys and (b) pure Au, Cu,
and Ni.

5. Assessment of Dislocation Evolution in the Investigated 1xxx, 5xxx,
and 6xxx Al Alloys
5.1. Hardening Phenomena During Rolling in 1xxx, 5xxx, and 6xxx Al Alloys

A generalized strain-hardening behavior of metallic materials can be successfully
described by the empirical expression developed by Sahoo et al. [31]:

H(e) = Hsat − Hsat

[(
hp(a − 1)

Hsat

)
e +

(
1 − H00

Hsat

)1−a
] 1

1−a

, (24)

where Hsat is the Vickers hardness that corresponds to saturation stress, H00 corresponds
to the yielding, and hp and a are hardening parameters.

The evolution of Vickers hardness in the investigated Al alloys is presented in Figure 4.
The fitted material parameters of Equation (24) are listed in Table 4.

Figure 4. Strain hardening in the investigated Al alloys, and the fitted Sahoo hardening curves.
The continuous lines correspond to hardening modeled by the model of Sahoo et al. Adapted from
Ref. [31].
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Table 4. Strain hardening model parameters fitted for the investigated Al alloys.

Material Hsat (Pa) hp (Pa) a H00 (Pa)

Al-1xxx 5.80 × 108 1.46 × 109 1.818 1.85 × 108

Al-5xxx 1.10 × 109 5.19 × 109 1.727 5.56 × 108

Al-6xxx 1.05 × 109 5.59 × 109 1.662 5.77 × 108

As Figure 4 reveals, both 5xxx and 6xxx alloys show comparable hardening behavior;
therefore, the material-dependent hardening parameters (see Table 4) only slightly deviate
from each other. In contrast to alloyed materials, the technically pure 1xxx alloy does
not reach the saturation level in the investigated straining range, and the corresponding
hardening constant hp is ~4 times lower than that compared to both 5xxx and 6xxx alloys.

The stress measurement during rolling is complicated; however, this quantity can be
estimated from the evolution of hardness. Generally, the Vickers hardness and the flow
stress are linearly related to one another via the Tabor Factor T [32–34] (Hv = σT), which is
commonly assumed to be a constant value (~3) [32–34]. This is true for the high deformation
levels, whereas at a low straining level, T is significantly larger. It was shown [4] that for Al
alloys, T tends to change with strain as follows:

T = 3.08 + 1.46 · exp
(
− e

0.01

)
+ 1.69 · exp

(
− e

0.07

)
, (25)

Combining Equations (24) and (25) enables the assessment of flow stress evolution with
strain in cases when stress cannot be measured directly. It should be noted here that the
evaluated stress is of an approximate nature and might deviate from the real one.

5.2. Substructure Evolution

In polycrystalline materials, deformation typically induces the generation of dislo-
cations, leading to the formation of various substructural domains. These micro-sized
substructural entities exhibit slight misorientations, typically a few degrees. In metals
with high stacking fault energy (e.g., Al and Al alloys), dislocations tend to form inter-
connected tangles, resulting in block-shaped cellular structures [1,7,26], which deform
uniformly by accommodating strain through slip system activation within the blocks. The
substructure evolution is typically investigated by transmission electron microscopy, which
requires time-consuming sample preparation followed by timely measurements and data
postprocessing. In view of this, several indirect techniques [4,9,10] were employed for the
assessment of substructure evolution.

Substructure evolution with strain, as described in several studies [1,7,26,35,36], fol-
lows a general trend represented by the following expression [4]:

Dc/D1.5 = 0.52 + 5 exp
(
− e

0.1

)
+ 1.4 exp

(
− e

1.4

)
, (26)

where Dc is the average cell size and D1.5 is the cell size at a strain of 1.5.
The above dependence is generic, and the evolution of substructure can be computed

for a variety of metallic materials. For pure metals, the values of D1.5 are as follows:
~0.5 µm for Al, ~0.3 µm for Cu, ~0.3 µm for Ni, ~0.3 µm for Fe, ~0.4 µm for Cr, and ~0.2 µm
for Nb [1,7,37]. Equation (26) predicts a decrease in average cell size with increasing strain,
primarily due to dislocation formation. At lower strains (up to ~0.5), the fragmentation
of cells is quite rapid, while at higher strains, the subdivision becomes relatively linear
and tends to saturate. The saturation at large straining levels is attributed to dislocation
annihilation and grain boundary sliding [1,7,38].
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Adding substitutional elements to pure metals alters strain hardening behavior, as
shown in Figure 4, and thus affects substructure evolution. In binary Al-Mg systems,
alloying pure Al with 3% Mg increases dislocation density by about tenfold and reduces
the average crystallite size by several times [28]. It was also shown that in Al alloys
with high solute content of Mg, cellular structure formation is suppressed [23,39]. In Al-
5at%Mg alloys, low strain leads to the formation of Taylor lattices (uniformly distributed
dislocation tangles in stressed {111} planes) [39]. Higher strains (~20% cold rolling) result in
geometrically necessary boundaries that separate misoriented Taylor domains [39]. Thus,
in highly alloyed Al systems, Dc refers more accurately to substructural domains.

In complex systems such as commercial Al alloys, the effect of each alloying element
on the substructure evolution is not evident due to the fact that some elements remain
in solid solution while others tend to form constituent particles or secondary phases. Mi-
croindentation seems to be an effective way for the quantitative assessment of substructure
evolution [4]. The following equation enables computing the average cell size during
deformation by measuring Vickers hardness profiles [4]:

Dc ≈
C∗GbMT

(Hv − CH Hv0)
, (27)

where Hv and Hv0 are Vickers hardness values in Pa in the deformed state and recrystallized
material prior to straining, respectively, C* ≈ 2.1, and CH ≈ 0.95.

Figure 5a illustrates the calculated cell size values for three investigated alloys,
as simulated by using Equation (26). Within the simulation framework, the evolu-
tion of the Taylor and Tabor factors with increasing strain was computed based on
Equations (3) and (25), respectively. For the investigated 1xxx, 5xxx, and 6xxx Al alloys, the
dashed fitting curves were produced by employing Equation (26), with D1.5 (1xxx) = 0.5 µm,
D1.5 (5xxx) = 0.273 µm, and D1.5 (6xxx) = 0.341 µm. The fitted value of D1.5 for 1xxx alloy
correlates well with the one reported for pure Al [7] (D1.5 (Al) = 0.5 µm), while D1.5 (5xxx) is
comparable with the counterpart measured in Al-3Mg alloy (D1.5 (Al-3Mg) = 0.21 µm [28]).
As depicted in Figure 5b, there is a strong correlation between the normalized cell
sizes (Dc/D1.5) derived from the indentation profiles and the counterparts predicted by
Equation (26). This finding confirms both the fundamental nature of the model [4] and the
fact that the substructure evolution can be quantitatively inferred from the indentation
response across diverse deformation levels. In addition to this, the measured cell size of
deformed pure Al (8 passes of ECAP, e = 9.2) is 190 nm [40]. The Dc values computed
for Al (by employing Equation (26)) give 252 nm, which correlates well with the reported
cell size [40]. The reported cell size in Al at the strain of ~8 [28] is 270 nm, whereas the
computed Dc is 253 nm. At lower strains (e = 1.15), the TEM observation of 1xxx alloy [41]
reveals the formation of a cellular structure of the size 270 × 430 nm. In the present study,
the derived value of Dc for 1xxx alloy at a strain of 1.1 is 490 nm, which proves the validity
of the methodology proposed. Assessment of substructure evolution in Al-3Mg alloy [28]
claims that the average cell size after straining e = 8 is ~200 nm, while the approximated
Dc for the investigated 5xxx alloy (containing 4% of Mg) is 143 nm (Equation (26), with
D1.5(5xxx) = 0.273 µm). This computation is consistent with the evolutionary pattern of the
substructure evolution in Al-Mg alloys, since Mg tends to refine the substructure.
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Figure 5. Evolution of substructure in the investigated Al alloys: (a) dependence of characteris-
tic substructural domain size Dc on strain from calculation and indentation measurements, and
(b) variation of normalized cell size (Dc/D1.5) with strain from calculation and indentation mea-
surements. The dotted lines in (a) were computed by Equation (26) with the following D1.5 values:
D1.5 (1xxx) = 0.5 µm; D1.5 (5xxx) = 0.273 µm; D1.5 (6xxx) = 0.341 µm. Adapted from Refs. [7,26,36].

The evolution of dislocation density during plastic deformation can also be derived
from the microindentation profiles by employing Equation (28):

ρ = ρ0 +

(
Hv − Hv0

αTMGb

)2
, (28)

where ρ0 = 1010, m−2 (dislocation density in recrystallized materials).
The model parameters T, M, and α can be computed by combining Equations (3)–(5),

(25), and (27). Figure 6 shows the development of linear defects with increasing strain in
the studied 1xxx, 5xxx, and 6xx alloys. The computed values of ρ in technically pure Al
alloy from the 1xxx series tend to align with the evolutionary pattern simulated by both
the modified K-E and K-M-E models, though some scatter is observed. The corresponding
Ci values of the investigated 1xxx alloy are listed in Table 5 and are comparable to those
reported for pure Al (see Table 1). The λi coefficients of the K-M-E model, computed
from the corresponding Ci values by Equations (22) and (23), ensure a strain-dependent
evolution of ρ that closely resamples the simulated K-E curves.

Figure 6. Measured and simulated dislocation densities in the investigated Al alloys: (a) 1xxx alloy,
(b) 5xxx alloy, and (c) 6xxx alloy.
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Table 5. Model parameters fitted for K-E and K-M-E models.

Material λ1 × 107, m−1 λ C1 × 1014, m−2 C*
4

Al-1xxx 1.67 0.82 2.551 1.230
Al-5xxx 3.00 0.95 7.105 1.425
Al-6xxx 4.12 1.74 7.317 2.610

The dislocation density in the 5xxx alloy tends to saturate at higher levels compared to
the 6xxx alloy (Figure 6b,c), despite the similar strain hardening behavior observed in both
alloys (Figure 4). This quantitative difference in ρ arises from variations in alloying element
content. This is particularly true while comparing Mg content in the investigated 5xxx
and 6xxx alloys. Analyzing the simulated curves for various Al-Mg alloys (see Figure 7),
it becomes obvious that the dislocation density tends to increase with the Mg content
in aluminum. The corresponding C1 and C4 coefficients were obtained from literature
sources (the values for Al-4% Mg content were approximated based on available data) [28],
while the λi model parameters were computed by Equations (20) and (21) (see Table 5). It
should be noted here that Ci and λi model parameters were not correlated to each other
by Equations (22) and (23) in order to reveal the degree of scatter in dislocation densities
reported by various literature sources. It is obvious from Figure 7 that the predicted disloca-
tion densities are of the same order of magnitude; however, the ratio of the upper (K-M-E)
and lower (K-E) bounds tends to vary between 2 and 4. This range of variations is justified
since materials investigated and described in different literature sources were not subjected
to identical strain paths, the initial grain sizes were not identical, both the initial and de-
formation textures were different, etc. All these factors have an effect on the substructure
development; therefore, the reported values of ρ are different. In the case of 5xxx alloy,
the dislocation densities estimated from the corresponding hardness measurements are
significantly higher than those computed for the Al–3wt%Mg alloy (see Figures 6 and 7).
This discrepancy is primarily due to the higher Mg content in the investigated alloy and the
presence of additional alloying elements, such as Si, Fe, and Mn. These alloying elements
enhance strain hardening either through solid solution strengthening or by contributing
to the formation of secondary phases, both of which impede dislocation motion and in-
crease the resistance to deformation. The evolution of dislocation density in the 6xxx alloy
falls between the curves computed for Al–1Mg and Al–2Mg alloys. This behavior can be
attributed to the alloy’s composition, which includes 1.2 wt% Mg along with significant
amounts of Si and Mn, which contribute to strain hardening through either solid solution
strengthening or possible formation of secondary phases such as Mg2Si. As compared
to 1xxx alloy, the observed higher dislocation densities in the investigated 5xxx and 6xxx
alloys are due to both solid solution strengthening and the presence of constituents.

During severe plastic deformation, the dislocation density tends to saturate at high
straining levels. It was shown that after 8 deformation passes by Equal-Channel An-
gular Pressing (ECAP) with an equivalent strain of e ≈ 9.2, the measured dislocation
densities are ρ(Al-1Mg) = 2.8 × 1014 m−2 and ρ(Al-2Mg) = 4.5 × 1014 m−2 [40]. The
corresponding computed ρ values by the K-E and K-M-E models are as following:
ρ(Al-1Mg, K-E) = 2.25 × 1014 m−2, ρ(Al-1Mg, K-M-E) = 4.12 × 1014 m−2,
ρ(Al-2Mg, K-E) = 5.28 × 1014 m−2, and ρ(Al-2Mg, K-M-E) = 8.77 × 1014 m−2. The compari-
son between experimental results and computed counterparts confirms both the reliability
of the modeling frameworks employed and the validity of the derived model parameters.
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Figure 7. Simulated evolution of dislocation densities in various Al-Mg alloys.

Comparison of the evolutionary trends of dislocation densities in the investigated ma-
terials indicates that higher dislocation densities in the investigated 5xxx and 6xxx alloys are
due to both solid solution strengthening and the presence of constituents. Examining Ci co-
efficients fitted for the investigated Al alloys (see Table 5), it becomes obvious that in highly
alloyed systems, the rate of dislocation generation is high (C1(1xxx) < C1(5xxx) < C1(6xxx)),
whereas the degree of recovery is also more intensive (C∗

4 (1xxx) < C∗
4 (5xxx) < C∗

4 (6xxx)). In
commercial alloys consisting of numerous components, the correlation between the Ci and
λi coefficients and the content of alloying elements is intricate due to the complexity of
thermodynamic processes involved in the development of phases.

Quantifying the evolution of dislocation density during plastic deformation allows for
the calculation of stored energy accumulation by employing the following equation [1]:

ED ≈ 0.5αρGb2, (29)

Estimating the ED based on dislocation density is crucial for understanding the kinetic
aspects of plastic deformation in metals. By examining the evolution of dislocation density
(driving force for recovery and recrystallization), one can optimize processing parame-
ters for controlled kinetics of recrystallization and achieve desired mechanical properties.
Figure 8 shows the simulated accumulation of stored energy during rolling in the inves-
tigated Al alloys. A comparison of the three curves suggests that the presence of Mg, Si,
and Mn in Al alloys tends to enhance strengthening and intensifies the accumulation of
dissipated plastic work. This, in turn, will ensure diverse kinetics of recrystallization in the
investigated alloys.
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Figure 8. Computed accumulation of stored energy in the investigated 1xxx, 5xxx, and 6xxx alloys by
employing K-E, adapted from Refs. [12,13] and K-M-E, adapted from Refs. [5,14] dislocation models
and derived from the microindentation experiments.

6. Conclusions
The results of the current investigation show that microindentation measurements

enable assessing the evolution of substructure during deformation. The derived normalized
sizes of substructural domains (Dc/D1.5) for 1xxx, 5xxx, and 6xxx Al alloys tend to align
along the curve characteristic of various metals. This finding confirms the fundamental
validity of the methodology employed.

The dislocation densities (ρ) derived from microindentation experiments fall between
the curves simulated by Kocks–Mecking–Estrin and Kubin–Estrin models. In a technically
pure Al alloy from the 1xxx series, the corresponding model parameters fitted to the
dependence of ρ on strain are comparable to those reported in the literature for pure Al. In
the 5xxx and 6xxx alloys, the computed material-related coefficients qualitatively correlate
with the counterparts computed for binary Al-Mg systems.

It was shown that in highly alloyed systems, the rate of dislocation generation is
high, while the degree of recovery is also intensive. The corresponding model parameters
governing both dislocation generation and their recovery can be defined as functions
of chemical composition for binary alloys. However, in alloys consisting of multiple
alloying elements, these relations are far more complex and cannot be described by simple
dependencies on alloy composition.
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