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Abstract


The volume fractions of martensite and ferrite in dual-phase steel affect its strength and plasticity. In this study, the effect of heat treatment on the structure morphology and volume fractions of martensitic and ferrite was studied in rare earth, micro-alloyed dual-phase steel, and the strain-hardening behaviour of the experimental steel under various process conditions was determined. The results show that a uniform structure with an alternating distribution of ferrite and martensite could be obtained by complete quenching before critical annealing, and the martensitic phase content increased from 60% to 93% with a rise in annealing temperature. With the growth in the martensitic phase content, the strength of dual-phase (DP) steel gradually increased, and elongation gradually decreased. However, the strength–plasticity product remained at approximately 17 GPa∙%, showing good comprehensive mechanical properties, and the mechanical properties were better at 780 and 820 °C annealing temperatures. When the martensite content was higher, the strain-hardening ability of the DP steel was stronger. The results show that the failure mode of the DP steel was a typical ductile fracture, and only a small amount of cleavage pattern was observed in the samples annealed at 840 °C. No obvious interfacial disbonding was seen in the tensile fracture, and only a few cracks formed. By optimizing the heat treatment process, the microstructural uniformity was improved, and the ferrite phase was strengthened to some extent, which better coordinated the deformation of ferrite and martensite, thereby delaying fracture. The modification effect of rare earth elements on inclusions in the DP steel was obvious.
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1. Introduction


Advanced high-strength steel has high strength and elongation and significant advantages in its balance of strength and plasticity, and it plays an important role in the automotive industry [1,2,3,4]. A dual-phase (DP) steel structure is usually composed of a hard martensitic phase and a soft ferrite phase. Its high strength, ductility, and strain-hardening ability; good formability; and weldability allow it to demonstrate excellent comprehensive performance [5,6,7,8,9,10]. The mechanical properties of DP steel are influenced by various factors, such as the volume fraction and distribution of constituent phases, the morphology and mechanical behaviour of component phases, grain size, the morphology and distribution of inclusions, the segregation and clustering of alloying elements, and the distribution of dislocations [11,12,13,14,15,16].



By controlling DP steel’s annealing temperature, the martensite volume fraction can be gradually increased from 40% to 80%. The tensile and yield strengths of the experimental steel had been increased by 200 MPa and 100 MPa, respectively, but its elongation decreased by 5.7% [17]. However, some scholars [12] have pointed out that the mechanical properties of DP steel are not entirely linearly related to its martensite content, and its strength first rises to a peak and then decreases. Some scholars [18] have pointed out that with the increase in martensite, the strength and plasticity of DP steel grow simultaneously. Xu et al. [11] designed three different heat treatment processes to prepare DP steel. First, they heated the original hot-rolled samples to the complete austenitizing phase zone and then isothermally quenched it in the two-phase zone to obtain a ferrite-surrounded, martensitic-island DP steel. They also directly heated the original hot-rolled sample to the two-phase zone for a period of time and obtained a martensitic ferrite island surrounded by DP steel. Finally, they completely austenitized and quenched the original sample, heated it to the two-phase zone for a period of time, and obtained DP steel with an alternating uniform distribution of martensite and ferrite [martensite–intercritical quenching (MIQ) process]. Among the three processes, the DP steel produced by the MIQ process has the best strength–plasticity properties. Park [19] used equal-channel angle extrusion and critical annealing to produce ultra-fine-crystal DP steel. Ashrafi [20] achieved microstructure refinement through multiple critical annealing. Papa Rao [21] and Alibeyki [22] obtained fine-crystal DP steel by rolling at various temperatures and critical annealing.



Rare earth elements are often added to steel as purifiers, and it is essential to reduce impurity elements such as oxygen and sulfur in steel [23]. Wang et al. [24] elaborated the modification mechanism of inclusions and the resulting property changes in related reviews. Rare earth inclusions with an aspect ratio close to 1 are more beneficial for improving the steel’s plasticity and toughness. Torkamani et al. [25] found in their study that rare earth inclusions continue to support the matrix after the application of impact stress. Rare earth inclusions can serve as heterogeneous nucleation cores, providing more nucleation sites [26]. In addition, they can hinder grain boundary migration through solute drag and pinning effects, thereby inhibiting grain growth [27,28]. Rare earth elements can also interact with other atoms in steel (e.g., Nb and C), promoting the precipitation of niobium-containing nano-sized carbides and affecting dislocation slip at certain locations, which positively contributes to improving the material’s strength and strain-hardening ability [25,29]. In DP steel, the morphology and size of inclusions, crack initiation, grain size and microstructural uniformity, interactions between alloying elements, dislocation slip, and other factors all directly or indirectly affect its mechanical properties. Considering the characteristics of rare earth elements, they also have potential applications in DP steel, and some researchers have already conducted studies in this area [30,31,32].



Scholars seem to focus more on the martensitic phase in DP steel; there is not enough in-depth research on the ferrite phase and the interaction between the two phases, and studies on the relevant characterization methods for DP steel are not comprehensive enough. In this study, rare earth, micro-alloyed DP steel was taken as the research object, and a more reasonable and popularized heat treatment process was adopted. The volume fractions of the ferrite and martensitic phases in the DP steel were regulated by controlling the annealing temperature in various two-phase zones. Different characterization methods were used to analyze the micro-morphology of the experimental steel. The influence law and mechanism of microstructures on the strain-hardening behaviour of DP steel were expounded, and the process parameters of strength–plasticity optimization were obtained.




2. Materials and Methods


2.1. Experimental Material and Heat Treatment Methods


The hot-rolled steel plate used in this study was initially 5 mm thick. Its chemical composition is shown in Table 1.



According to the calculations performed using JMatPro V7.0 and Thermo-Calc 2021b software, the Ac1 temperature was 690.7 °C, the Ac3 temperature was 842.7 °C, and the Ms temperature was 384.7 °C. First, the experimental steel samples were heated to 880 °C for 20 min to obtain a single austenitic structure. Then, they were quenched in water. The 4 samples were then heated to dual-phase-zone temperatures of 780, 800, 820, and 840 °C, annealed for 20 min and then water-cooled, and finally tempered at a temperature of 250 °C for 40 min. The heat treatment process curve is shown in Figure 1.




2.2. Tensile Tests


After heat treatment, the samples were processed as tensile specimens in accordance with the ASTM E8/E8M-2021 standard [33]. The size of the tensile specimens is shown in Figure 2; they are 2 mm thick. The tensile tests were performed using an INTRON-8801 tensile test machine (Norwood, MA, USA), and the parameters were determined in accordance with the ASTM E8/E8M-2021 standard. The test rate was 0.75 mm/min and was constant until fracture. The relevant stress–strain data were recorded during the tensile tests. (It should be noted that due to the limitations of the testing machine, the extensometer had to be removed when the strain reached 0.2%). Three tensile tests were performed at each annealing temperature to ensure the accuracy of the data.




2.3. Microstructure Characterization


Microstructure observation samples were taken at the 1/2 widths of the steel plates. They were successively ground with 400, 600, 800, 1000, and 1500 mesh sandpapers and mechanically polished with diamond polishing paste. The microstructure was revealed by etching in a 4% nitric acid alcohol solution for approximately 10 s. The microstructure morphology and element distribution were analyzed by scanning electron microscopy (SEM) (FEI NOVA 400 NanoSEM, Hillsboro, OR, USA), transmission electron microscopy (TEM) (CF-HR JEM-F200, Tokyo, Japan), and a field emission electron probe microanalyzer (EPMA) (Shimadzu EPMA-8050G, Kyoto, Japan). For samples observed using an electron backscatter diffractometer (EBSD) (Oxford Symmetry S3, Abingdon, UK), electrolytic polishing was performed with a 10% perchloric acid alcohol solution at 30 V for approximately 6 s. The EBSD data acquisition step size was set to 0.4 μm, and the data were processed using AZtecCrystal 2.1.2 software. A 1 mm thick TEM sample was obtained by wire cutting, and then it was successively ground with 600, 800, 1000, 1500, and 2000 mesh sandpapers to a thickness of 80 μm, punched into a 3 mm diameter disc with a punch, and then further ground with 3000 mesh sandpaper to a thickness of 60 μm. Then, electrolytic double-jet polishing was performed in a 10% perchloric acid alcohol solution at 23.5 V and a temperature of −13 °C. The tensile fracture surface was studied using SEM to compare the differences among the samples annealed at various annealing temperatures.





3. Results


3.1. Mechanical Properties


The engineering stress–strain curves of the four groups of experimental steels are shown in Figure 3. All specimens had good strength and plasticity. As the intercritical annealing temperature increased, the strength of the experimental steels increased significantly, but the plasticity decreased. Figure 4 shows the specific changes in the mechanical properties. The ultimate tensile strength (UTS) of the experimental steels increased from 1227 MPa to 1406 MPa, the yield strength increased from 928 MPa to 1177 MPa, and the total elongation (TE) decreased from 14.18% to 12.07%.



The product with tensile strength and TE is called the strength–plasticity product, namely UTS × TE [34,35]. Ferritic–martensitic dual-phase steel’s high strength–plasticity product reflects its good structure and comprehensive mechanical properties. By calculation, the strength–plasticity product of the four groups of experimental steels were 17.40, 17.31, 17.46, and 16.99 GPa∙%, respectively, which showed that the overall mechanical properties were optimal when annealing was performed at 780 and 820 °C. When annealing was performed at 800 °C, the strength increased a little, and the elongation decreased more, whereas when annealing was performed at 840 °C, although the strength was higher, the high annealing temperature led to a large reduction in the ferrite content, the elongation was reduced by 2% relative to that at 780 °C, and the strength–plasticity product was reduced. One of the main advantages of DP steel is its high work-hardening rate during deformation, and its good work-hardening ability is the basis of its good strength–plasticity balance [36,37,38,39].




3.2. Microstructural Distribution


SEM micrographs of the experimental steels after treatment at various intercritical annealing temperatures are shown in Figure 5. After annealing in the two-phase zone, the obtained structures were both ferrite–martensite structures, but the volume fraction and distribution of the martensite and ferrite phases were significantly different. The experimental steel was annealed at 780 and 800 °C (Figure 5(a1,a2,b1,b2)) to form fine lath martensite and a small amount of massive martensite, with ferrite distributed among the martensite. With a further increase in the annealing temperature (Figure 5(c1,c2,d1,d2)), only a sporadic ferrite distribution could be seen among the martensite. In addition, the number of massive martensite increased. After tempering at a low temperature, the martensite decomposed slightly, and the saturated carbon that was dissolved in the martensite gradually precipitated in the form of carbides, which could be seen between the martensite laths in the four groups of experimental steels.



The changes in the proportion of martensite and ferrite phases are shown in Figure 6. Phase statistics were obtained with the help of AZtecCrystal, and one area was scanned at one-quarter, one-half, and three-quarters of the sample thickness for each annealed temperature sample to ensure data reliability. When the experimental steel was annealed at 780 and 800 °C, the ferrite contents were 40% and 28%, respectively, and the observed ferrite distribution is shown in Figure 5(a1,b1). When the annealing temperature was further increased, the ferrite content dropped to approximately 10%, and the ferrite distribution was no longer visible (Figure 5(c1,d1)).



The distribution of grain boundaries (GBs) and statistical charts of equivalent grain sizes (EGS) for the four experimental steels are shown in Figure 7 (EGS refers to the overall grain size of the experimental steels rather than the grain size of a single phase). In Figure 7(a1–d1), low-angle GBs (LAGBs, 2° < θ ≤ 15°) are marked with red lines, and high-angle grain boundaries (HAGBs, θ > 15°) are marked with black lines. As the intercritical annealing temperature increased, the proportion of HAGBs decreased from 71.9% to 58.2%, whereas the proportion of LAGBs increased from 28.1% to 41.8%. That was due primarily to the reduction in ferrite distributed among the martensite and the large numbers of substructures and subgrain boundaries within the martensite, which typically existed as LAGBs. For the ferrite–martensite DP steels, the deflection of cracks at HAGBs was more frequent than at LAGBs, which inhibited crack propagation. A greater number of HAGBs helped improve the plasticity and toughness of the experimental steel [40,41].



Figure 7(a2–d2) show the variations in the EGS in the four experimental steels. With the increase in annealing temperature, the EGS increased from 4.44 μm to 5.53 μm, which was not a significant increase. There were several reasons for this: the annealing temperature was in the two-phase region, the alloying element diffusion rate was low, and the grain growth driving force was limited. Fine structures might benefit from lath martensite obtained by complete quenching before annealing when ferrite and austenite nucleate heavily at the interface of those laths. Additionally, it has been reported [42] that rare earth elements in steel tend to segregate at GBs, reduce the energy of austenite GBs, and reduce the driving force of grain growth. The refinement of the microstructure not only benefits the strength but could also effectively prevent the propagation of dissociation cracks, deflect the direction of crack propagation, and improve the plasticity and toughness of the experimental steel [43].



The carbon content significantly affected the strength and hardness of the phases in the microstructure. As it is shown in Figure 8, through EPMA line scan wavelength-dispersive spectroscopies (WDSs), it could be seen that the carbon distribution in the ferrite was more uniform, whereas a distinct carbon concentration gradient appeared in the martensite. The carbon concentration near the two-phase boundary was significantly higher than that in the centre of the martensite, and there was a considerable difference in the carbon concentration between the two phases.



The ferrite had a body-centred cubic structure, where the atomic gaps were relatively small, limiting the solubility of the carbon. In contrast, the original austenite had a face-centred cubic structure with higher carbon solubility. With the increase in the intercritical quenching temperature, the carbon in the ferrite gradually became saturated, and more carbon would have been dissolved in the original austenite, which directly led to a greater carbon concentration gradient between the ferrite and martensite after quenching.



The increase in annealing temperature led to an increasing gap in equilibrium carbon solubility between the ferrite and primary austenite so that more carbon diffused from ferrite to austenite. That led to the intensification of the carbon concentration near the two-phase interface of the primary austenite, whereas the relative carbon deficiency far away from the two-phase interface formed a more pronounced carbon concentration gradient. The original austenite underwent a nonequilibrium transformation to martensite during the quenching process. Martensite is a metastable phase, and due to the rapid cooling rate, the diffusion of carbon was greatly limited, which further aggravated the gradient distribution of carbon. Also, more carbides were precipitated in the tempering process (Figure 5), which increased the spatial change in the carbon concentration and also had a certain effect on the carbon concentration gradient. The larger carbon concentration difference between the two phases and the greater carbon concentration gradient in the martensite phase reduced the plasticity of the experimental steel.



Figure 9 shows kernel average misorientation (KAM) maps and geometrically necessary dislocation (GND) statistical diagrams of the experimental steel. In the KAM maps, blue and green represent minor orientation deviations, and yellow and red indicate large deviations. As the intercritical quenching temperature increased, the experimental steel’s local orientation differences and stress concentration gradually increased (Figure 9(a1–d1)). This was related to the increase in the martensite content, the high hardness of the martensite phase, poor plasticity, serious dislocation accumulation, and a lower ferrite content. This also meant that more ferrite boundaries were surrounded by martensite, and the ferrite had to adapt to martensitic deformation and a higher stress distribution. At higher annealing temperatures, the carbon solubility in the martensite was greater (Figure 8), and the hardness gap between the martensitic and ferrite phases was further increased, which also led to a stronger stress concentration on the interface of the two phases.



The GND is quantified by characterizing local orientation differences and strain gradients, and its density can be calculated using Equation (1), which is highly correlated with KAM values [44,45].


    ρ   G N D   =    2   θ   K A M     u b    ,  



(1)




where     ρ   G N D     is the GND density,     θ   K A M     is the average misorientation at the point,   u   is the unit length which is equal to twice the step size used in EBSD acquisition (400 nm), and b is the Burgers vector represented as a/2 [111].



The variation trends of the GND statistical charts (Figure 9(a2–d2)) were consistent with those of the KAM charts. The decrease in ferrite and the increase in martensite were the direct causes of the increase in GND density. The volume expansion caused by the transformation of prior austenite to martensite induced plastic deformation and generated unpinned GNDs, which maintained the continuity of the lattice. Those dislocations of heterogeneous distribution were partially mobile, helping to improve the strain-hardening ability of the experimental steel. A high-density GND could form more dislocation entanglement and a dislocation wall through continuous slip and accumulation, which would greatly increase the resistance between dislocations and impeded the stress transfer between soft-phase ferrite and hard-phase martensite. That would increase the yield strength of the test steel on a macro level (Figure 4a). However, too high a GND density would also lead to a higher stress concentration inside the test steel, which might initiate cracks and accelerate fracture occurrence.



Figure 10 shows TEM micrographs of the experimental steel. The TEM microstructure of the experimental steels annealed at 780 and 820 °C consisted mainly of ferrite and martensite, with ferrite not being abundant in the field of view, consistent with the statistical results in Figure 6. In some regions, large areas of martensite laths are visible (Figure 10(a2,b2)). There was a high density of dislocations in the martensite due to the austenite transforming into martensite through shear, which underwent a large lattice distortion, and a higher carbon concentration in martensite than in ferrite. The black laths with more dislocation tangles in the image are typically considered martensite, whereas the relatively dislocation-free, white-coloured fibrous or blocky structures are usually considered ferrite.



More rod-like carbides were distributed in the lath martensite matrix. Those carbides were usually identified as cementite, which were related mainly to the precipitation of saturated carbon in martensite. In addition, there were nano-sized carbides, and an energy-dispersive spectroscopy (EDS) analysis showed that the nano-precipitated phase was mainly niobium-containing carbide, which can play a role in strengthening precipitation. Also, Mo in steel will interact with it, thus hindering the coarsening rate of niobium-containing carbide.




3.3. Fracture Morphology of the Experimental Steel


Figure 11(a1–d1) show the macroscopic morphology of tensile fractures in the experimental steels, all of which show typical ductile fracture characteristics. The three elements of fracture characteristics were a fibre region, a radiation region, and a shear lip. The crack propagation rate in the fibre region was very slow, and after reaching its critical size, the crack expanded rapidly to form a radiation region. In the final stage of fracture, a shear lip was formed. In the macroscopic morphology of the fracture, the fibre zone of the sample with a lower annealing temperature was uneven and rougher. With the increase in the annealing temperature, the fibre zone gradually became smooth, and the area of the fibre zone also shrank, which corresponded to the gradual decrease in the plasticizability of the experimental steel.



Figure 11(a2–d2) show the microfracture morphologies of the tensile fractures. Many dimples are shown in the fractures of the four groups of experimental steels. The dimples in the specimens that had a lower annealing temperature were smaller and more uniform, and a few large dimples were distributed in them. With the increase in the annealing temperature, elongated dimples appeared in the fracture, weakening the uniformity. The large difference in mechanical properties between the martensitic and ferrite phases resulted in uneven or concentrated stress distribution. Those elongated dimples are usually caused by the inconsistency between the expansion direction of some cracks and the direction of tensile stress. Cleavage fracture features were also seen in samples annealed at 840 °C (Figure 11(d2)).



There are two important pore formation mechanisms in two-phase steel, including unbonding at the ferrite–martensite interface, which was caused by the plastic incompatibility between ferrite and martensite, and the cracking of martensite, which was caused by residual stress and dislocation accumulation in the martensite. For DP steel, the unsticking of the two-phase interface often meant that during the process of plastic deformation, the mechanical behaviour difference between the two phases was large, and the stress concentration at the two-phase interface was intense; that had a greater negative effect on the mechanical properties of DP steel than martensitic cracking [46,47,48,49]. As shown in Figure 11(a2–d2), no obvious disadhesion phenomenon was observed at the two-phase interface in the fracture morphology of the experimental steel, and only slight cracks were seen, which also reflected its good plasticity from the side.



In the high-magnification tensile fracture morphology of the samples annealed at 820 and 840 °C, obvious tearing ridges could be seen (Figure 12). For samples with high plasticity, during the process of micropore aggregation, growth, and connection, the plastic dissipation of the crack tip was adequate, the crack propagation path was smoother and more uniform, and the microscopic deformation around the dimples was more coordinated, so tear edges were not readily formed. For the specimens with low plasticity, the plastic deformation of the crack tip was limited, the energy could not be uniformly absorbed during crack propagation, and the local crack propagation was rapid in the process of micropore growth and connection. Tear edges formed around the dimples, showing an obvious convex structure, which also indicated that the plasticity of the experimental steel decreased gradually due to the increase in annealing temperature.





4. Discussion


4.1. The Strain-Hardening Ability of the Experimental Steel


The engineering stress and strain were converted into real stress and strain using Equations (2) and (3).


    ε   t r u e   =   ln  ⁡    1 +   ε   e n g       ,  



(2)




where     ε   t r u e     is the true strain, and     ε   e n g     is the engineering strain.


    σ   t r u e   =   σ   e n g   ×   1 +   ε   e n g     ,  



(3)




where     σ   t r u e     is the actual stress, and     ε   e n g     is the engineering stress.



After the elastic stage was removed, the true stress–strain curve was derived from the remaining part of the engineering stress–strain curve, and the strain-hardening curve of the experimental steel was further obtained, as shown in Figure 13.



The strain-hardening process was divided into stages I, II, and III. The initial hardening stage, stage I, was mainly the soft (ferritic) phase in the experimental steel deformation, and the strain-hardening rate was very fast. After the stable hardening stage, stage II, started, the strain-hardening rate tended to stabilize, and the hard (martensitic) phase in the experimental steel also began to participate in deformation. As the softening stage, stage III, started, the strain-hardening rate decreased, and the experimental steel might have experienced local cracks or microscopic damage. The plastic deformation ability of the experimental steel was limited. With the increase in the annealing temperature, the ferrite phase gradually decreased, and the martensitic phase with high fault density increased. The samples annealed at 820 and 840 °C went through stage I faster and entered stage II first. Both had stronger strain-hardening ability and a faster strain-hardening rate. For the DP steels, the initial work-hardening rate was significantly increased due to the presence of unpinned dislocations. Those curves showed that the uniform extensibility of the DP steel has advantages.



The strain-hardening index n reflected the ability of the experimental steel to resist uniform plastic deformation; a higher n meant that the experimental steel had greater strength and lower total elongation. The n index was used to study the difference in the strain-hardening behaviour of the four groups of experimental steels. For ferritic–martensitic composite steels, the Hollomon equation can be used to reflect the relation between stress and strain, as shown in Equation (4). Equation (5) shows the logarithmic form of Equation (4) with slope n.


    σ   t r u e   = K   ε   t r u e   n    



(4)






  l n   σ   t r u e   = l n K + n l n   ε   t r u e   ,  



(5)




where     σ   t r u e     is the actual stress,     ε   t r u e     is the actual strain,   K   is the hardening coefficient, and n is the strain-hardening index.



As shown in Figure 14, according to Equation (5), the   l n   σ   t r u e    –  l n   ε   t r u e     curve can be obtained. The slope derived from the   l n   σ   t r u e   – l n   ε   t r u e     curve was not a fixed value. It could be roughly divided into two stages. The first stage of the n value was higher, but the second-stage n value was reduced. That was because the plastic deformation occurred first in the soft ferrite phase, and dislocations accumulate near the phase boundary to achieve collaborative deformation. With the further increase in deformation, deformation accumulation transferred to the harder martensitic phase.



Some studies [50] have pointed out that the strain-hardening rate is influenced by both the martensite content and the martensite size, which can be expressed explicitly by


     d   σ   t r u e     d   ε   t r u e      ∝      V   M       S   M      ,  



(6)




where     V   M     is the martensite content, and     S   M     is the martensite size.



As shown in Figure 7, the equivalent grain size (EGS) changed a little, and the overall structure was relatively small. Therefore, the martensite content played a leading role in the work-hardening rate. With the increase in the martensite content, the work-hardening rate of DP steel was enhanced, and the strain-hardening index also increased. Note that when the annealing temperature was low, the work-hardening rate of the experimental steel was adequate, and the strain-hardening ability was still at an excellent level (the n values in stage I were above 0.2), which was related to the microstructure distribution of the experimental steel and the mechanical behaviour of ferrite. The positive role of rare earth elements Ce and La in the steel also had a certain effect.




4.2. Effects of Rare Earth Elements


The inclusion morphologies in the experimental steels are shown in Figure 15a,b. The inclusions in the experimental steel were spherical or ellipsoidal. An energy-dispersive spectroscopy analysis showed that the cores of the complex inclusions were composed of rare earth aluminide, and the outer layers were rare earth oxide–sulphide. Manganese sulphide distribution could also be seen in the outermost layer of some complex inclusions. No single, long, grey MnS distributed along the rolling direction was seen, and no single black Al2O3 distribution was observed in the matrix.



The change in the standard Gibbs free energy for the generation of MnS and Al2O3 is shown in Equations (7) and (8) [51,52], and the change in the standard Gibbs free energy for the generation of rare earth aluminoxide is shown in Equation (9) [53,54]. It can be seen that at the same temperature, rare earth aluminoxide had a greater reaction driving force, which also explained the EDS analysis. Strong signals of Al, O, and rare earth elements were detected in the cores of complex inclusions, and Al2O3 was successfully modified by rare earth elements.


    S   +   M n   = M n S   s         ∆ G   0   = − 172,676.1 + 56.07 T  



(7)






  2   A l   + 3   O   =   A l   2     O   3     s         ∆ G   0   = − 1,203,623 + 386.7 T  



(8)






    R e   +   A l   + 3   O   = R e A l   O   3     s         ∆ G   0   = − 1,366,460 + 364 T  



(9)







The standard Gibbs free energy change for the formation of rare earth oxide–sulphide is shown in Equation (10) [55,56]. The driving force of the reaction ranged from rare earth oxide aluminum oxide and MnS, so rare earth oxide–sulphide was attached to the rare earth oxide aluminum oxide in the cores, whereas the incomplete elements S and Mn formed MnS and were distributed in the outer parts of the complex inclusions.


    R e   +   O   + 0.5   S   =   R e   2     O   2   S   s         ∆ G   0   = − 675,700 + 165.5 T  



(10)







When rare earth aluminide and rare earth oxide–sulphide are formed in steel, their surface energy tends to be minimized, and these compounds have better thermodynamic stability and a more uniform structure. These factors jointly promote the inclusions’ evolution into a spherical shape [24]. The stress concentration caused by spherical inclusions was lower than that of irregular inclusions, which was conducive to maintaining uniform deformation of the experimental steel. The strain-hardening ability of the test steel was improved, which was beneficial to its overall mechanical properties, so the combination of strength and plasticity was easily achieved [57,58].



Figure 16 shows the segregation of rare earth elements at the GBs. To ensure data reliability, the content of rare earth elements was measured at seven points along the GBs of the samples at 780 and 820 °C, and the average value was taken. It can be seen that the concentration of rare earth elements at the GBs was much higher than that in the alloy composition of the experimental steel, and the rare earth elements showed a strong GB segregation effect. The polarization of rare earth elements was more intense when annealing at lower temperatures, which was related to the relatively poor diffusion ability of rare earth elements at those temperatures. Segregating rare earth elements at the GBs has many advantages. Rare earth elements can purify impurity elements and reduce the segregation of harmful elements at GBs. Rare earth elements can also affect the growth kinetics of grains by changing the grain boundary energy, thus refining the microstructure (Figure 7(a2–d2)), and fine-grain strengthening can also improve the strength and toughness of the material. In addition, the strong napping effect of rare earth elements at the GBs could have effectively hindered the movement of GND, causing the dislocations to accumulate at the GBs, improving the strain-hardening ability of the experimental steel.




4.3. Microstructure Analysis


The microstructure of the experimental steel after annealing in the two-phase zone was composed of ferrite and martensite. In the high-magnification TEM images (Figure 17), the structure distribution of ferrite and martensite was relatively uniform, the two were arranged alternately, and only a small amount of concentrated distribution was visible. That alternating distribution reflected the advantages of adding a complete quenching link before annealing in the two-phase zone. That could have significantly improved the tissue distribution and refined the structure because the martensitic laths obtained by complete quenching could be used as an effective nucleation site. Ferrite and austenite nucleated and grew between those fine laths, and finally, a fine, uniform structure was obtained. It has been reported [17] that the higher the annealing temperature, the stronger the role of martensitic lath as a ferritic nuclear site. Relative to the sample annealed at 780 °C, the sizes of fibrous ferrite and martensite in the sample annealed at 820 °C were closer, and the two-phase distribution was more uniform.



The experimental steel’s fine and uniform microstructure distribution improved its strength and plasticity. When plastic deformation occurred, the stress was evenly distributed in the martensitic and ferritic phases, and the two phases coordinated deformation, which prevented excessive stress concentration at the interface of the two phases. The complex interface between the two phases could also promote the generation and accumulation of dislocations, which also hindered the expansion of cracks and avoided premature local hardening, ensuring that the work-hardening capacity remained stable over a wide deformation range.



Figure 18 shows high-magnification images of ferrite in the experimental steel after annealing at 780 and 820 °C. It was evident that after the complete quenching treatment, then annealing and tempering, the microstructure was significantly refined, and the ferrite grain size was approximately 700 nm. The fine-grain strengthening effect was pronounced, and the high dislocation density within the fine ferrite grains further increased the strain-hardening rate of the experimental steel [59]. After critical quenching in the two-phase region and tempering, the phase transformation from austenite to martensite led to a large volume change, which induced the plastic deformation of adjacent ferrite grains, generating many dislocations. Obvious dislocation entanglement could be seen in the ferritic grains, and obvious dislocation aggregation could also be seen at the GBs. Other studies have pointed out [60] that fine ferrite is more able to absorb more dislocation through the shear and extensive deformation caused by martensitic transformation. These martensite-induced dislocation interactions can increase the ferrite phase’s strength and produce a higher work-hardening rate in the initial stage of plastic deformation [61]. The effect of martensite-induced dislocation is expected to be further enhanced [36]. The dislocation distribution in Figure 18 shows a clear gradient, and the dislocation density in regions more tightly surrounded by martensite was higher than in other areas because a lower ferrite content and smaller ferrite grain sizes led to an increase in the portion of individual ferrite grains undergoing local plastic deformation. Reducing the average dislocation spacing is conducive to improving the hardness of ferrite [62,63]. To a certain extent, this could make up for the two-phase hardness gap caused by the difference in the distribution of carbon concentration between the two phases, thus reducing the degree of separation at the interface of the two phases. This is conducive to the distribution and transfer of stress in the plastic deformation process, improving the coordinated deformation ability of the two phases and delaying the formation of pores and failure in the tensile test. Also, the tempering treatment after annealing in the two-phase region could further reduce the difference in mechanical properties between the two phases. The dislocation density in the martensite was much higher than that in the ferrite, and the recovery and rearrangement of the dislocation during tempering led to a greater reduction in strength and hardness. The carbon in the martensite was intensely saturated, and many carbides (such as cementite) were precipitated in the process of tempering (Figure 5 and Figure 10). This led to a reduction in lattice distortion, resulting in a significant decrease in both strength and hardness. Finally, a large amount of residual stress introduced by the martensitic phase transition was also released during the tempering process, which also caused its strength and hardness to decrease.





5. Conclusions


	
After complete quenching and intercritical quenching and tempering, the microstructure of the DP steel consisted of martensite and ferrite, with most martensite appearing in the lath form, and only a small amount of blocky martensite was visible. The alternating and uniform distribution of ferrite and martensite confirmed that quenched martensite laths served as effective nucleation sites. The small EGS of all four groups of DP steel also indicated that performing complete quenching before critical annealing helped refine the microstructure.



	
The rare earth elements readily adsorbed impurity elements, forming composite inclusions that were nearly ellipsoidal. That reduced the detrimental effect of inclusions on the mechanical properties of the DP steel. The segregation of rare earth elements at GBs helped refine the grains and enhanced the DP steel’s strength, toughness, and strain-hardening capacity. Due to the diffusion ability of alloying elements, the segregation of rare earth elements at GBs was more pronounced at lower annealing temperatures.



	
As the critical annealing temperature rose, the martensite content rose from 60% to 93%. The UTS of the experimental steel increased from 1227 MPa to 1406 MPa, the yield strength increased from 928 MPa to 1177 MPa, the TE decreased from 14.18% to 12.07%, and the strain-hardening index increased from 0.215 to 0.328. The mechanical properties of the DP steel were strongly related to the martensite content. The dislocation density in the martensite was much higher than in the ferrite, and the corresponding plasticity and toughness decreased. All four groups of DP steel had excellent strength–toughness synergy, with a strength–plasticity accumulation of approximately 17 GPa∙% and better performance after annealing at 780 and 820 °C.



	
The fracture mode of the DP steel was typically a ductile fracture. At lower annealing temperatures, it had better plasticity and toughness. The refinement of the DP steel microstructure, the uniform distribution of both phases, the modification of inclusions, dislocation behaviour in the ferrite phase, and low-temperature tempering that weakened the martensite phase’s hardness collectively resulted in the improved coordination of deformation between the martensite and the ferrite. That prevented significant phase separation, enhancing the overall mechanical performance.
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Figure 1. Schematic diagram of heat treatment process. 
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Figure 2. Schematic diagram of tensile specimen dimensions (mm). 
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Figure 3. The engineering stress–strain curves of the experimental steel. 
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Figure 4. The mechanical properties of the experimental steel at different annealing temperatures: (a) strength variation curves; (b) elongation variation curves. 
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Figure 5. SEM micrographs of experimental steel at different annealing temperatures: (a1,a2) 780 °C; (b1,b2) 800 °C; (c1,c2) 820 °C; and (d1,d2) 840 °C. 
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Figure 6. Proportions of martensite and ferrite phases in the experimental steel at different annealing temperatures. 
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Figure 7. Grain boundary (GB) distribution maps and equivalent grain size (EGS) statistical charts of the experimental steel at different annealing temperatures: (a1–d1) variations in the distribution of high-angle grain boundaries (HAGBs) and low-angle grain boundaries (LAGBs) in the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C; (a2–d2) variations in the equivalent grain size (EGS) in the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C. 
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Figure 8. Micrographs and carbon line scan wavelength-dispersive spectroscopy (WDS) curves of the experimental steel at different annealing temperatures: (a1–d1) micrographs of the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C, with yellow dashed lines indicating the line scan regions; (a2–d2) variations in the distribution of carbon in the ferrite and martensite phases of the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C. 
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Figure 9. Kernel average misorientation (KAM) maps and geometrically necessary dislocation (GND) statistics of the experimental steel at different annealing temperatures: (a1–d1) variations in the local orientation differences and stress concentration in the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C; (a2–d2) variations in orientation misorientation angles and geometrically necessary dislocations (GNDs) in the experimental steel annealed at 780 °C, 800 °C, 820 °C, and 840 °C (blue and green represent minor orientation deviations, and yellow and red indicate large deviations). 
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Figure 10. TEM micrographs and an EDS analysis of the nano-sized carbides in the experimental steel: (a1,a2) microstructural micrographs of the experimental steel annealed at 780 °C; (b1,b2) microstructural micrographs of the experimental steel annealed at 820 °C; (c1,c2) the morphology of the nano-sized carbides and an EDS analysis. 
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Figure 11. The tensile fracture morphology of the experimental steel annealed at different temperatures: (a1,a2) 780 °C; (b1,b2) 800 °C; (c1,c2) 820 °C; and (d1,d2) 840 °C. 
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Figure 12. The tear ridges’ morphology in the fracture surface of the experimental steel: (a) 820 °C; (b) 840 °C. 
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Figure 13. The strain-hardening curves of the experimental steel. 
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Figure 14. The   l n   σ   t r u e   – l n   ε   t r u e     curves of true stress–strain for the experimental steel at different annealing temperatures. 
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Figure 15. Inclusion morphology and EDS analysis of experimental steel: (a) analysis of ellipsoidal inclusion in experimental steel; (b) analysis of spherical inclusion in experimental steel. 
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Figure 16. Rare earth element segregation at the grain boundaries of the experimental steel: (a) the distribution of rare earth elements Ce and La in the experimental steel annealed at 780 °C; (b) the distribution of rare earth elements Ce and La in the experimental steel annealed at 820 °C. 
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Figure 17. The homogeneous distribution of ferrite and martensite in the experimental steel: (a) the distribution of ferrite and martensite in the experimental steel annealed at a 780 °C temperature; (b) the distribution of ferrite and martensite in the experimental steel annealed at an 820 °C temperature. 
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Figure 18. High-magnification TEM micrographs of the ferrite phase in the experimental steel: (a) ferrite morphology and dislocation distribution inside the ferrite phase in the experimental steel annealed at a 780 °C temperature; (b) ferrite morphology and dislocation distribution inside the ferrite phase in the experimental steel annealed at an 820 °C temperature. 
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Table 1. Chemical composition of experimental steel (mass percentage, %).
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	Element
	Mass Percentage





	C
	0.19



	Si
	0.40



	Mn
	1.60



	Cr
	0.15



	Mo
	0.05



	B
	0.0012



	Nb
	0.02



	Al
	0.035



	P
	<0.010



	S
	<0.0050



	Ce + La
	0.015



	Fe
	Bal.
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