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Abstract: The ongoing commercialization of additive manufacturing (AM) has necessitated the need
to tailor alloy chemistry as well as exploit AM process particularities such as freedom of design,
print geometry and high cooling rates to meet functional application requirements. Alloys such
as hot-work tool steels, including H11, are well suited for machining and tooling applications. In
this work, the authors investigated and compared high-speed direct energy deposition with laser
beam source (HS DED-LB/M) processability of a reference H11 alloy and its modified form (H11m).
The modification of the alloy was intended to minimize the amount of retained austenite (RA) in
as-built microstructure and reduce post-heat treatment steps. The investigative approach included
Calphad simulation, rapid alloy blending (modified powder) and process parameter optimization
to produce dense parts for microstructure characterization and mechanical properties testing. The
results show that while H11 achieved a high relative density > 99.85%, H11m still had cracks parallel
to the building direction. The amount of RA was equally reduced from 4.08% in H11 to 1.23% in the
H11m. H11 had a comparatively superior average microhardness (591 HV0.5) to H11m (561.5 HV0.5),
which can be attributed to the more carbide presence. The martensitic strengthening effect between
H11 and H11m can be described as similar.

Keywords: alloy development; hot-work tool steels; high-speed direct energy deposition; microstructure;
mechanical properties; chrome-molybdenum steel

1. Introduction

Conventional die-making methods are not only costly and time-consuming, but they
also have additional drawbacks such as limitations on cooling channel designs and the
geometric accuracy of channels and mold cavities, which have an impact on heat dissipation,
internal thermal stress and mold life in general [1]. Such limitations can be addressed by
utilizing design and manufacturing possibilities of additive manufacturing (AM) which are
classified under seven main technology categories by ISO/ASTM 52900 [2]. Among AM
processes, laser powder bed fusion (PBF-LB/M) and laser-based direct energy deposition
(DED-LB/M) are among the most prevalent [3].

Due to the design freedom of geometry and the ability to shorten lead times, the laser
powder bed fusion (PBF-LB/M) approach presents itself as a novel production route for
die fabrication that can address these traditional manufacturing challenges [4].

The spectrum of processable materials is impacted by process-inherent particularities
such as extremely rapid heating and cooling rates and repeated heating cycles. Rapid
cooling rates prevent excessive segregation, allowing some materials with high segregation
levels to be utilized effectively in PBF-LB/M [5–7]. However, crack prone hot-work tool
steels may be difficult to manufacture using PBF-LB/M as a result of thermal stresses
and rapid cooling with phase transformations. Hot-work tool steels provide the required
hardness for the applications through a hard martensitic matrix and carbide precipitates. In
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some alloys a certain amount of austenite is retained which will soften the matrix and needs
to be transformed into martensite in the post-heat processing steps. Carbide formers in the
investigated H11 (1.2343) steel are Mo, Cr and V. Chrome-molybdenum steels like H11 are
manufacturable by PBF-LB/M using a preheated platform, not only to decrease thermal
stress, but also to minimize the amount of retained austenite [8]. If manufactured without
a pre-heated platform, the processing window is very narrow [9]. Other possibilities of
minimizing the amount of RA are adapted alloy compositions or AM processes with lower
cooling rates such as (HS) DED. As a result, there is a demand for customized lean and low
cost hot-work tool steel alloys that are more crack resistant.

One of the means of alloy customization is via rapid alloy development using dry
mixed powder blends. This has proven to increase flexibility regarding alloy composition
compared to investigating pre-alloyed powders which have lead times of several weeks
or months and are expensive due to customized atomization [7,10–15]. However, in
PBF-LB/M processes, material needs to be supplied batch-wise so that only one alloy
can be printed in each build job. This slows down experimental testing by increasing
testing time and material needed for alloy testing [16,17]. Computational tools such as
Calphad-based ThermoCalc is well documented in literature as a complementary tool
for alloy development [18,19]. They are beneficial towards providing understanding
of compositional relationship of alloys to phase formations and transformations, crack
susceptibility, melting points, liquidus and solidus temperatures, solidification intervals
and critical temperature ranges along the path of solidification in both equilibrium and
non-equilibrium conditions [20].

Powder-based direct energy deposition (DED) processes offer the possibility of in situ
mixing of powders and therefore allow rapid changing and adaption of alloy composition
while also reducing the amount of powder feedstock needed [17,21,22].

High-speed DED with a laser beam and metallic powder (HS DED-LB/M) (often
referred to as extreme high-speed laser application, EHLA) leads to melting of the powder
in flight and a rapid cooling upon impingement of the metal on the substrate. This
results in a high cooling rate (104 to 106 K/s) similar to PBF-LB/M processes which are an
important feature for alloy development since cooling rates strongly influence the resulting
microstructure and therefore part properties [17,23–28]. This makes HS DED an attractive
candidate for a fast and resource-efficient emulator for other melt-based processes [26,29].
Since sustainability is a topic of increasing importance [30], the applicability of HS DED-
LB/M as an emulator should be investigated. Existing research on (non-high-speed)
DED-LB/M processes (also referred to as laser metal deposition—LMD) has shown that
cooling rates and microstructure vary from PBF-LB/M samples so that these processes
cannot be applied as an emulator for PBF-LB/M [14,22,31]. However, first results on HS
DED show similarities in dendrite arm spacing and hardness, suggesting similar cooling
rates [17,32].

In this work, HS DED-LB/M processing of a reference H11 and a modified version
(H11m) using dry-mixing of powders is investigated and samples evaluated regarding
relative density, microhardness and microstructure. The modification of the alloy was
targeted by minimizing the amount of retained austenite (RA) in as-built microstructure
and reducing the need of post-heat treatment steps.

2. Materials and Methods

Commercial H11 powder received from Thyssenkrupp GmbH was used as a reference
alloy, while a modified composition (H11m) was obtained by dry-blending according to
the composition shown in Table 1 with the help of a powder drum mixer. The goal of
the modified alloy was to produce a lean H11 alloy with a reduction in the quantitative
amounts of carbide formers while adding austenite stabilizing elements such as Ni and Mn
to widen the temperature range of the melt for austenite formation, e.g., with a higher start
temperature. The chemical composition of both powders, H11 and H11m, were determined
using the inductively coupled plasma optical emission spectroscopy (ICP-OES). Particle
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size analysis, which was carried out with a Retsch GmbH CAMSIZER X2, recorded the
d50, sphericity, aspect ratio of 30.80 µm, 0.808, 0.895 for H11m and 30.1 µm, 0.913 and 0.908
for H11, respectively. The phase simulations of both alloy compositions were performed
with the Calphad-based software ThermoCalc version 2022 using the TCFE10 database.
Calculations based on the Scheil non-equilibrium solidification model was performed
to investigate how the modification of the reference alloy (H11) with Ni and Mn in the
modified alloy (H11m) influences the phase stability of the FCC, the solidification path
(melting point, liquidus and solidus temperatures) and carbide formation.

Table 1. Alloy compositions (wt.%) of standard and modified H11 powder.

HWTS C Si Cr Mo Mn V Ni Fe

H11 (reference) 0.41 2.07 6.14 1.49 <0.01 0.46 - Bal.
H11m (modified) 0.38 2.06 5.61 1.19 1.11 0.41 3.07 Bal.

The HS DED-LB/M samples were manufactured on a pE3D tripod handling system
designed by Ponticon GmbH. The tripod handling system allows for high accelerations up
to 5 g which are necessary to achieve process speeds of up to 200 m/min in the build cham-
ber. The laser beam source was a diode laser LDF 8000-30 (wavelength λ = 900–1080 nm)
with a maximum output power of 8 kW by Laserline GmbH. The optical system is a OTZ
zoom optic by Laserline GmbH, Mülheim-Kärlich, Germany. Cuboids (10 × 70 × 2–4 mm3,
W × L × H) were built onto low-alloyed steel substrates. Process speed and laser power of
the produced HS DED-LB/M samples are given in Table 2, with the process parameters
of the H11 sample being the reference to produce samples with the modified H11. The
other process parameters were fixed across all samples. Track displacement was 0.35 mm,
powder mass flow was 18.7 g/min, carrier and shielding gas flow were 8 and 14 L/min,
respectively, laser spot diameter was 1.2 mm and the number of layers was 40. Argon was
used as a carrier and local shielding gas. The applied scanning scheme is unidirectional in
the x-direction (long dimension of the cuboids, see Figure 1b) to account for the needed
acceleration/deceleration path and to reduce the amount of powder wasted during the ac-
celeration/deceleration periods. All layers were printed in the same way. Figure 1d shows
the interaction between laser beams and the powder particles. In HS DED-LB/M, powder
particles are generally melted in-flight and solidify upon impinging onto the substrate.
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Figure 1. (a) Location of cross-section investigated for relative density, hardness and SEM mea-
surements; (b) scanning scheme for the manufacturing of each layer including acceleration and
deceleration; (c) Positions of the hardness indentations. Horizontal distance between indentations
was 2 mm, vertical distance between indentations varied between 0.7 and 1.0 mm because of varying
sample heights; (d) schematic drawing of laser-particle interaction in HS DED-LB/M.
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Table 2. Parameters used for manufacturing HS DED-LB/M samples using H11 and H11m.

Process Speed [m/min] Laser Power [W] Alloy

50 2300 H11
40 2300 H11m
50 1600 H11m
50 1800 H11m
50 2200 H11m
50 2300 H11m
50 2500 H11m
60 2300 H11m
80 2300 H11m

Specimens for microstructure and hardness analysis were cut with a cut-off machine
on a plane parallel to the build-up direction, see Figure 1a. Relative density was measured
using a VHX-6000 digital microscope by Keyence Corporation, Osaka, Japan. Microstruc-
tural characterizations were conducted with a scanning electron microscope (SEM) by Carl
Zeiss AG, Oberkochen, Germany, and the field emission gun with Inca X-sight energy
dispersive spectroscopy (EDS)/electron backscatter diffraction (EBSD) detectors by Oxford
Instruments, Abingdon, UK. Hardness measurements (HV0.5) were performed on an au-
tomatic hardness tester Qness 60 A+ Evo by ATM Qness GmbH, Mammelzen, Germany.
Three rows of five indentations were placed on each sample, see Figure 1c. Hardness and
SEM analyses were performed on individual samples.

3. Results
3.1. Powder Particle Characterization

The technical properties of the H11 powder such as particle size distribution (PSD)
as well as flowability, which was estimated on the basis of Hausner ratio, have been well
reported in our previous publication [8]. Figure 2 shows the inverse pole figure map
(Figure 2a), band contrast image (Figure 2b,c), phase-map (Figure 2d) as well as energy
dispersive spectroscopy (EDS) map (Figure 2e) of the cross-section of powder particles of
H11. While martensite and retained austenite (1.45% RA) can already be seen formed in the
powder particle (Figure 2d), microsegregations of vanadium (V) and molybdenum (Mo) in
the interdendritic regions after the gas atomization process can also be observed. Under
gas atomization process conditions, high cooling rates in the order of 104–106 K/s [33] lead
to a non-equilibrium solidification and a metastable microstructure. Phase transformation
and microsegregational behavior during the droplet solidification may be predictive of
the same during the highly non-equilibrium AM processes such as PBF-LB/M and HS
DED-LB/M.

3.2. Scheil-Simulation

Figure 3 shows the classical Scheil phase simulation plot of both H11 and H11m
superimposed on each other, simulated based on the composition as described on Table 1.
It can be deduced from the reference H11 alloy that the formation of δ-ferrite (BCC_A2)
starts at 1468 ◦C and ends at 1405 ◦C. Between 1405–1265 ◦C, the γ-austenite (FCC_A1) and
δ-ferrite form at the same time, followed by the temperature interval in which only γ forms
(1256–1245 ◦C). During the last stages of the solidification, M6C, M7C3, MC- cementite
carbides are expected to be formed in the austenitic matrix. In the H11m alloy with less
Cr (5.61 wt.%), Mo (1.19 wt.%) and V (0.41 wt.%), not only is there a lower solidification
interval but also a reduction in the amount of carbide buildup. Only M7C3 carbides are
expected from the Scheil calculations. While the δ-ferrite (1454–1439 ◦C) forms at a shorter
temperature range, γ and δ-ferrite together form within a wider temperature of between
1439–1271 ◦C compared to the reference alloy. Similarly, the γ-austenite only forms earlier
at a higher temperature of 1271 ◦C and is more stable over a wide temperature range until
1228 ◦C compared to the reference alloy.
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Figure 2. (a) Electron image of particle cross-section showing cellular structures; (b,c) EDS map
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particle cross-section; (e) EBSD image of the martensite and retained austenite (1.45% RA). Figure
adapted from [8], Figure 9a, 9b and 9c replaced.
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equilibrium solidification path.

3.3. Process Parameters and Relative Density

The unetched embedded cross-sections of selected samples (H11 reference sample;
H11m with the same parameter set; H11m sample with the highest relative density) are
shown in Figure 4b. Extensive crack propagation parallel to the building direction can be
observed in samples manufactured from H11m. Cracks make up the bulk of defects, while
gas pores are few.
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Figure 4. (a) Optical microscopy of sample manufactured using H11 and 50 m/min process speed,
2300 W laser power (top), H11m, 50 m/min, 2300 W (middle) and H11m, 80 m/min, 2300 W (bottom)
with their respective relative densities (RD); (b) Color-coded relative density of samples produced
with H11m and relative density in dependency of the laser power in manufacturing of H11m samples.

Relative densities based on images obtained by light optical microscopy were deter-
mined as shown in Figure 4b. For this purpose, the images were binarized to analyze
the relative area occupied by pores and cracks. The reference sample (H11) has a relative
density of 99.87%. The maximum relative density of samples produced with the modified
alloy was 98.01%. Reduction in the laser power starting from the reference parameter set
(2300 W) resulted in an increase in relative density to 97.83% at 1600 W, the increase in laser
power led to a decrease in relative density (96.77% at 2500 W). Increasing the process speed
resulted in higher relative densities up to 98.01% at 80 m/min process speed. This is the
highest relative density observed in the sample pool manufactured with the modified alloy.

3.4. Microstructure, Segregation and Phase Characterization of HS DED-LB/M-Samples

Etched (Nital 5%) microstructures of both H11 (2300 W, 50 m/min) and H11m
(2300 W, 50 m/min) alloys are shown in the light optical micrographs (LOM) in
Figure 5. While in the reference alloy, the elongated cell structures are seen to be truncated
at the melt pool boundary and strong epitaxial growth of cell structures can be observed in
the modified alloy. Epitaxial growth typically takes its driving force from large thermal
gradients which drive grain and subgrain structures to outgrow others when there is no
barrier to nucleation [34,35]. As a result of directional solidification along the building
direction of the HS DED-LB/M process, cell structures of cubic materials typically have a
preferential growth along the <100> direction, which is the direction of heat flow. As more
layers are built upon each other, these cell structures align themselves along the direction
of heat flow, most particularly at the centerline of the melt pool where the heat flow is
expected to be most intense. If there is no nucleation barrier or slowdown of the intensity
of thermal gradient, strong epitaxial growth of the cell structures can be observed as seen
in the modified alloy. One requirement (among others) for epitaxial growth is a melt pool
without disturbances through turbulent melt pool movement and a local homogeneous
element distribution. The strong epitaxial effect in the modified alloy can be presumed to
have been exacerbated by the amount of Ni and the lower amount of carbide formers in
the H11m.



Metals 2024, 14, 79 7 of 15

Metals 2024, 14, x FOR PEER REVIEW 7 of 15 
 

 

been exacerbated by the amount of Ni and the lower amount of carbide formers in the 
H11m. 

`  

Figure 5. LOM images of as-built 3D HS DED-LB/M samples, (a,b) H11; (c,d) H11m etched with 5% 
Nital, both manufactured with 2300 W, 50 m/min. 

In Figure 6, as shown below, the cell structures are characterized in both alloys using 
scanning electron microscopy. In Figure 6a–c, the truncating of the cell structures at the 
melt pool boundary, the interconnected cell network at the top of the samples and the 
seeming coarsening and disintegration of the cell network at the bottom of the sample can 
be observed (attributed to the heat flux intensity at the bottom). Similar growth behavior 
in the cell structures can be seen in the modified alloy in Figure 6c,d, except with the epi-
taxial growth in Figure 6d. In both alloys, nanosized carbides can be observed both in the 
matrix and on the cell boundaries. 

Figure 5. LOM images of as-built 3D HS DED-LB/M samples, (a,b) H11; (c,d) H11m etched with 5%
Nital, both manufactured with 2300 W, 50 m/min.

In Figure 6, as shown below, the cell structures are characterized in both alloys using
scanning electron microscopy. In Figure 6a–c, the truncating of the cell structures at the
melt pool boundary, the interconnected cell network at the top of the samples and the
seeming coarsening and disintegration of the cell network at the bottom of the sample can
be observed (attributed to the heat flux intensity at the bottom). Similar growth behavior in
the cell structures can be seen in the modified alloy in Figure 6c,d, except with the epitaxial
growth in Figure 6d. In both alloys, nanosized carbides can be observed both in the matrix
and on the cell boundaries.

Figure 7 shows H11m-EDS- images of the elements nickel (Ni), vanadium (V), chromium
(Cr) and molydenum (Mo) detected and mapped. As shown in Figure 7, Nickel was not
homogenously distributed in the matrix, almost no microsegregation of V is seen, and for
the elements Cr and Mo micro segregations were not detected on the cell boundaries with
this examination method.

In Figure 8, EDS images show the more homogeneous element distribution of H11
reference alloy in contrast to H11m. Locally, almost indetectable small enrichments of V and
Mo can be detected. Since the reference alloy is a pre-alloyed composition and is expected
to have a better homogeneity than the rapidly blended H11m alloy, a more homogeneous
elemental distribution could be expected.

EBSD-phasemaps shown in Figure 9 highlight varying quantitative amounts of FCC
in both the H11 and H11m alloys. While the reference alloy H11 showed about 4.08% of
austenite, the austenite amount in the H11m was 1.23%. In the modified alloy, areas which
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showed strong Ni segregations were found to have high austenite amount of about 4.89%
(see Supplementary Materials).
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3.5. Microhardness Tests

The average HV0.5 hardness values of the investigated samples are shown in
Figure 10. The average microhardness of the standard H11 sample is 591 HV0.5. The
average microhardness of the samples produced with the modified H11 is smaller overall,
ranging from 555 to 571 HV0.5 with standard deviations of 15 to 28 HV0.5 (see Figure 10a). In
this range of process speed, microhardness seems to increase slightly with increasing process
speed. However, the increase lies within the standard deviation of the measurements.
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Figure 10. Microhardness of samples (a) depending on process speed (H11 and H11m); (b) depending
on measurement position (H11m only) averaged across five measurements each.

The microhardness does not seem to depend on the position (top, middle or bottom)
in the sample systematically (see Figure 10b). The microhardness average in the top and
bottom regions across all samples is 573 HV0.5 and 563 HV0.5, respectively. Deviations are
therefore within measurement and standard deviation.

4. Discussion
4.1. Scheil, Solidification and Powder

Below certain temperatures, the austenitic phase is not a thermodynamically stable
phase (see Figure 3). This means that a transformation from austenite to martensite in the
already solidified material must take place. Conditions for martensitic transformation are
given in the processes investigated in this work—powder atomization and DED-LB/M of
H11 and H11 m. The manifold and complex thermal conditions of additive manufacturing
and atomizing processes result in microstructures that are similarly complex and difficult to
predict. The different cooling conditions and heat cycles generate different microstructures.
Scheil simulation models provide help to understand the phase formation and evolution
under metastable conditions. However, they do not reflect the process conditions and
kinetics of the transformations. To complement the results of the Scheil-simulations and for
a better understanding of the microstructure formation, the powder and HS DED-LB/M
microstructures were investigated in tandem with the simulation.

Below the martensitic start temperature, the diffusionless shear transformation in the
austenitic cell colonies to martensite is accompanied by a volume extension through lattice
expansion so that local lattice stresses can inhibit the transformation and some austenitic
phase remains as part of the microstructure, even if the martensite finish is reachable. This
was shown in the powder particles (Figure 2d) and DED-LB/M (Figure 9) as well as 3.4
and HS DED-LB/M-results.

4.2. Discussion Microstructure Analysis: Phase Characterization, Segregations, Relative Density

The amount of RA was the highest in H11 (ca. 4%), followed by the powder particles
(ca. 1.45%) and the H11m (ca. 1.2%) samples. This amount of retained austenite (RA) can
influence the overall performance of the built part because the austenitic phase is softer
than the martensitic matrix. EBSD-phasemap of powder particle (Figure 2) and H11 and
H11m HS DED-LB/M samples (Figure 9) show a predominantly martensitic microstructure.
The RA leads to an inhomogeneous microstructure and consequently to inhomogeneous
part properties. Under special thermal conditions, RA can transform to martensite and may
lead to a brittle microstructure.
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Several hypotheses are given to explain different amounts of RA. During AM pro-
cesses, as a result of the remelting of the underlying substrate layers typical with the process,
some of the martensite may re-transform back into austenite, which upon rapid cooling,
again below the martensite start temperature, may not reach the martensite finish temper-
ature and becomes stabilized by diffused carbon from the martensite therefore leaving a
martensitic microstructure with some retained austenite [36]. However, HS DED-LB/M
processes typically remelt only very little (<5 µm) of the underlying layers compared to
PBF-LB/M (40 up to 550 µm) [37,38].

The higher the localized segregation level in the microstructure, the steeper the ex-
pected gradient of segregating atoms, most likely grain or cell boundaries, so that the
austenitic lattice is stabilized. In general, martensite formation in various processes (AM
and atomization) is only possible if the chemical composition is combined with the nec-
essary cooling rate, therefore, an inhomogeneous local element distribution may lead to
stabilization of the austenite and RA.

The experiments showed that slowing down the cooling rate of the process as well
as modifying the chemical composition can decrease the amount of RA. Lowering the
cooling rate leaves more time for diffusion to a homogeneous element distribution. In
the PBF-LB/M-process, the amount of RA could be lowered from 12% to 1.1% by using a
heating plate to lower the cooling rate. Also, the modified composition led to a decrease of
the RA amount.

In the DED-LB/M-process, the RA amount of both alloys was lower than in the PBF-
LB/M-process, which can be traced back to the lower cooling rate of the process. Also, here
the modified alloy showed a lower RA compared to the standard alloy.

In PBF-LB/M processes, melt pool depth can be up to seven times the layers thickness
which allows the three powder types (H11, Ni and Mn powder) to mix in the melt [38]. In
Raffeis et al., the melt pool depth was 3.3 times the layer thickness [8]. In HS DED-LB/M,
there is only a very thin melt film on the substrate (<5 µm according to [37]) and the powder
particles are melted in flight and solidify rapidly upon impinging onto the substrate. Time
in the melted state is too short and contact between the three powder types is equally short
for homogenous mixing of the melt. Therefore, the solidification behavior could vary from
the Calphad simulated composition. The manufacturability of H11 and H11m using HS
DED-LB/M because of the interactions of the three powder types and the different alloy
composition. Koss et al. [17] found that changes in powder volume flow due to differing
powder densities can impact manufacturability due to shielding effects of the powder
particles. The densities of H11 (7.81 g/cm3) and Mn (7.21 g/cm3) are close, but Ni has a
higher density 8.9 cm3.

Processing parameters need to be adjusted for H11m in comparison to H11. This
aligns with findings in previous works on PBF-LB/M manufacturing of H11 and H11m [8].

In the investigated range of process parameters (1600 to 2300 W—laser power, 40 to
80 m/min—process speed), a lower line energy density El appears to lead to reduced
amounts of cracks and, therefore, a higher relative density. The line energy density is
defined as the quotient of laser power (W) and process speed (m/s):

El =
Pl
vp

(1)

Therefore, in future investigations, samples should be manufactured using lower
laser power and higher process speed to reduce fracturing, leading both to lower line
energy density.

4.3. Microhardness

The H11 reference steel showed a higher hardness and a higher amount of RA than
the H11m which is attributed to a higher amount of carbides in the alloy. The observed
small differences in the amounts of RA do not influence the hardness of the alloys. This is
different from the PBF-LB/M investigations in [8] where the difference of RA was often
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about 10%. The lower hardness values can also be explained with the alloy composition:
H11m contains fewer carbide formers than H11 which would lead to fewer carbides in the
matrix and, according to Scheil calculations, only M7C3 carbides are expected.

In Figure 11a, the correlation between relative density and microhardness is shown.
With higher relative density, a slightly higher microhardness is observed (R2 = 0.76). This
could explain the higher hardness (591 HV0.5) of the H11 sample compared to the H11m
samples (561.5 HV0.5).
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In Figure 11b, microhardness in H11 and H11m samples manufactured by HS DED-
LB/M and PBF-LB/M are contrasted. PBF-LB/M manufactured samples [8] were found to
have microhardness in the same range as the HS DED-LB/M manufactured samples but
slightly higher for H11m (607 HV 0.5—H11m, 565 HV0.5–H11). Since the relative density
of all PBF-LB/M samples was >99.7%, the lower microhardness in PBF-LB/M for H11 is a
result of the higher amount of the soft RA compared to H11m. Comparing the standard
H11 samples of PBF-LB/M and HS DED-LB/M which have similar relative densities (>99.7
and 99.87%, respectively), the hardness of the HS DED-LB/M sample is higher. This is
attributed to changes in microstructure related to varying solidification conditions resulting
in less RA.

Standard deviation of microhardness is notably higher in PBF-LB/M samples
(>50 HV0.5 vs. <25 HV0.5). This could be related to varying microhardness depend-
ing on measurement positions in PBF-LB/M samples, where five indentations each were
performed at the top, middle and bottom of the samples. Since the height of the PBF
samples is greater (10 vs. 2–4 mm) and manufacturing time is higher (2–3 h build job length
vs. <5 min sample manufacturing time), the influence of the process-inherent cycling
heating could lead to varying microstructure and, therefore, microhardness in upper and
lower parts of the PBF-LB/M samples.

5. Conclusions and Outlook

Parameters for crack-free DED-LB/M samples for H11 were determined, while pa-
rameters for crack-free manufacturing of H11m were difficult to obtain and still must be
enhanced. The matrix of all samples (powder particles, H11 reference and H11m) which
underwent different cooling regimens consisted of martensite containing carbides and RA.

Hardness measurements obtained from HS DED-LB/M manufactured samples are
in the range of PBF-LB/M samples (591 vs. 565 HV0.5 for H11, 555 vs. 607 for H11m),
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further supporting a potential application of HS DED-LB/M as a fast and resource-efficient
emulator for PBF-LB/M, for example: in the field of alloy development.

However, the application of dry-mixed powders for HS DED-LB/M poses the chal-
lenge of inhomogeneous elemental distribution in the manufactured samples. This chal-
lenge must be met to utilize HS DED-LB/M as a rapid alloy development tool. To tackle
inhomogeneous mixing of the three powder types, laser remelting in between layers could
promote mixing in a melt pool of sufficient volume.

Another way is to investigate pre-alloyed powder where all particles have the same
composition, meaning that mixing during manufacturing is not necessary. However, the
manufacturing of pre-alloyed powders is costly and time-consuming. Research-scale
powder atomizers could be used for this purpose.

The differences in cooling conditions in HS DED-LB/M processing should be estab-
lished and linked to process parameters. Once these causal relationships are known, HS
DED-LB/M process parameters should be adapted to match solidification conditions of
PBF-LB/M more closely. This allows for process differences such as remelting in PBF-LB/M
to be investigated upon their influence on material properties.

The RA of H11 processed via HS DED-LB/M could be lowered from ca. 4% to ca. 1.2%
in H11m.

Extensive characterization of nanosized carbides was not in the scope of the present
work and since their influence is believed to have accounted for the high hardness proper-
ties of the reference alloy (H11) compared to H11m as a result of the presence of quantita-
tively high carbide formers, the carbide type, size and volume fraction has to be further
characterized and optimized with parameters in order to further minimize RA via HS
DED-LB/M.

Practical application of the investigated approach can be fast and resource-efficient
additive manufacturing of e.g., inserts for die-casting with integrated cooling channels for
lower cycle times. Due to local powder supply, chemical composition of the alloy could be
adapted depending on local requirements of properties.

Supplementary Materials: The following supporting information can be downloaded at: https://www.
mdpi.com/article/10.3390/met14010079/s1, Figure S1: EBSD-phasemap (left) and EDS mapping of
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