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Abstract: As the primary choice for aero-engine turbine blades, creep resistance is an important
mechanical property for the developing third-generation single crystal Ni-based superalloys. The
creep behavior of the superalloy in the [001] orientation was studied at 980 ◦C under a series of stress
levels, accompanied with scanning electron microscope (SEM) and transmission electron microscope
(TEM) observation to investigate the microstructure and deformation mechanism. The deformation
mechanism of the alloy is found to be dislocation gliding, propagating and forming a dislocation
network in the γ/γ′ interface. Dislocation networks could hinder the movement of dislocation and
decrease the creep rate to a constant during the steady-creep stage. The formation of dislocation
networks was analyzed due to the interaction of <110> {111} dislocations. Then dislocations cut into
γ′ phases as individual <110> super-dislocations, anti-phase boundary dislocation pairs, and stacking
faults. The <110> super-dislocation in the γ′ phase may cross-slip into the {001} plane from the {111}
plane to form Kear–Wilsdorf locks, which could inhibit dislocations from gliding or cross-slipping
and then enhance the creep resistance.

Keywords: single crystal Ni-based superalloy; creep; dislocation; deformation mechanism; γ/γ′

phases; Kear–Wilsdorf lock

1. Introduction

Single crystal (SX) Ni-based superalloys are prominently favored as primary material
choices for aero-engine turbine blades due to their exceptional mechanical properties,
particularly under elevated temperatures [1]. Given the operational conditions involving
significantly high temperatures, the failure by creep deformation emerges as a primary
concern for turbine blade. Addressing this concern has led to a recent emphasis on materials
capable of withstanding even higher service temperatures. The addition of the refractory
element Re into SX Ni-based superalloys, thereby engendering third-generation superalloys,
offers the potential for extended service at elevated temperatures [2–5]. The inclusion of Re
serves to impede the diffusion of the other elements in the alloys, enhancing the resistance
to creep and bolstering high-temperature tolerance [6,7]. Moreover, Re’s influence extends
to modulating dislocation movement during creep and decreasing the stacking fault energy
within the alloys [8].

During creep, the deformation mechanisms within the alloys are closely associated
with dislocation movement. In the initial creep stage, the dislocation density in the γ matrix
initiates at zero and gradually increases as creep progresses, leading to a decline in the
creep strain rate [9]. Notably, the emergence of interfacial dislocation networks during
the initial creep phase hampers dislocations shearing into γ′ phases, thus, contributing
to the decline in the creep rate [10–13]. Studies have indicated that denser dislocation
networks at the γ/γ′ interface result in lower minimum creep rates during the steady-creep
stage [14,15]. Additionally, the incorporation of elements such as Re, Cr, and Co was shown
to decelerate the creep strain rate during the steady-creep stage by coupling with interfacial
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dislocations [16]. As the tertiary creep stage ensues, dislocations shear into γ′ phases and
decompose to various configurations. Tian [8] revealed that the configuration of <112>
dislocation partials coupled with stacking faults was found during creep at 760 ◦C in a
superalloy containing 2% Re, which was absent at 1070 ◦C. It is evident that the move-
ment of dislocations is governed by temperature, stress, and chemical composition. The
dislocations shearing into the γ′ phase could form configurations such as Kear–Wilsdorf
(K-W) locks and K-W locks combined with antiphase boundary (APB), effectively height-
ening the resistance to deformation within the alloys [17–21]. It is pertinent to note that
the majority of these investigations pertain to first- and second-generation superalloys.
With the higher content of refractory element Re, a comprehensive understanding of the
deformation mechanisms in third-generation SX Ni-based superalloys is imperative.

Therefore, a third-generation SX Ni-based superalloy was used in the present work.
The creep behavior and dislocation configuration of the alloy at high temperature (980 ◦C)
were investigated to rationalize deformation mechanisms, especially the formation of
interfacial dislocation networks and dislocation configuration in the γ′ phase.

2. Materials and Methods

The investigation employed a third-generation SX Ni-based superalloy for the ex-
periments, which is developed by the Beijing Institute of Aeronautical Materials, China.
The alloy composition comprises 4.5 wt.% of Re and a cumulative 16 wt.% of other re-
fractory elements, including W, Mo, Ta, and Nb [2,22]. The chemical compositions are
detailed in Table 1. The superalloy specimens were directionally solidified within a vacuum
furnace to form single-crystal bars oriented along the [001] crystallographic axis. Only
those single-crystal bars deviating within 5◦ from the [001] orientation were selected for
subsequent creep testing. To optimize the morphology and volume of γ′ precipitates, a heat
treatment regimen was applied to the alloy, comprising stages of 1613 K/6 h/air cooling +
1393 K/4 h/air cooling + 1143 K/32 h/air cooling. The tensile properties of the alloy at
both room temperature (RT) and 980 ◦C are tabulated in Table 2.

Table 1. Chemical composition of the alloy used in this study (wt.%) (data from Refs. [2,22]).

Cr Co Mo W Ta Re Nb Al Hf C Y Ni

3.5 7 2 6.5 7.5 4.5 0.5 5.6 0.1 0.008 0.001 Bal.

Table 2. Tensile properties of our alloy at RT and 980 ◦C on [001] orientation.

Temperature (◦C) Orientation UTS
(MPa)

YS
(MPa)

EL
(%)

RA
(%)

E
(GPa)

20 [001] 983 929 20.8 20.6 135.3

980 [001] 809 627 29.2 43.1 93.3

After the heat treatment, the single-crystal bars were machined to creep specimens
with dimensions as illustrated in Figure 1. These specimens featured a gage segment mea-
suring 51.6 mm in length and 10 mm in diameter. The creep experiments were conducted
at an elevated temperature of 980 ◦C under varying tensile loads from 200 MPa to 410 MPa.
Three additional creep tests were performed at 980 ◦C/300 MPa, with interruption points
at 2 h, 10 h, and 50 h of creep, respectively. During the creep tests, temperature fluctuations
were confined within a range of ±2 ◦C, while extensometers were employed to record the
progression of creep strain until the fracture occurred. The microstructure evolution was
observed by employing a scanning electron microscope (SEM). The specimens were cut
from the gage segments, along with the direction of the applied stresses. The observed
surfaces were in the (100) crystal plane. After polishing and metallographic corrosion by a
solute of 10% copper sulfate and 60% hydrochloric acid, the specimens were observed by a
Quanta FEG 450 microscope (FEI Company, Hillsboro, OR, USA) and EVO 18 microscope



Metals 2023, 13, 1541 3 of 14

(Carl Zeiss AG, Oberkochen, Germany). Furthermore, for transmission electron microscopy
(TEM) analysis, specimens were sliced from the midsection of the gage segments, aligned
with both [001] and [011] orientations. After reducing their thickness to 50 µm through
grinding with metallographic sandpaper, the specimens underwent twin-jet electropolish-
ing, utilizing an electrolyte composed of 10 wt.% perchloric acid and 90 wt.%. absolute
ethyl alcohol. The TEM investigations were conducted using a JEM-2010F microscope
operating at a voltage of 200 kV, and the images at the diffraction vectors g = 022, g = 111,
g = 111, and g = 200 were observed.
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Figure 1. Geometry and sizes of the creep specimen (unit: mm) (Reprinted from Ref. [22]).

3. Results
3.1. Creep Behavior and Analysis

Figure 2 presents the creep curves and strain-rate vs. time profiles pertinent to the
alloy. The features of creep behaviors were indicated from the creep curves of the alloy in
Figure 2a,b: the initial creep stage was almost absent. Only as the applied stresses reached
340 MPa and 200 MPa was the initial creep stage observed with short durations. Following
this primary stage, the creep transitions into the secondary stage. Within the confines of the
steady-creep stage, the creep strain rates exhibit relative constancy, punctuated by low-level
fluctuations. A particularly prolonged instance of this steady-creep stage is witnessed at
200 MPa, wherein the duration extends to approximately 400 h. After the steady-creep
stage, the alloy’s strain rates undergo a rapid increase, culminating in final fracture, as is
graphically represented in Figure 2c,d.

The observed creep curves reveal a slight decrease in creep strain rates at the onset of
creep. This phenomenon can be attributed to the influence of work hardening introduced
from deformation. The activation of dislocations and the ensuing increase in dislocation
density accompany the deformation process [22]. Once the dislocation density attains
a specific threshold, signifying the emergence of dislocation networks, the mobility of
partial dislocations becomes impeded. As a result, the creep strain stabilizes, as illustrated
in Figure 2c,d. During the ongoing creep, the dislocation networks eventually undergo
disruption. In the tertiary creep stage, the formation of creep cavities becomes evident,
as is documented in the previous literature [23]. These cavities possess an inclination to
interconnect, leading to the initiation of microcrack nucleation. Microcracks, engendered
by localized stress concentration, then proceed to propagate along the planes perpendicular
to the applied stresses. This phenomenon is further influenced by the heightened strain
rates resulting from diminished force-bearing areas and increasing actual stress. When
the cracks at different planes kept developing and then connected with others, the alloy
rapidly lost its stability, leading to the rupture of the creep [23,24].

Table 3 presents the recorded creep lifetimes and corresponding minimum strain rates
of the alloy at an elevated temperature of 980 ◦C, as gleaned from Figure 2. A discernible
trend emerges from Table 3, where the creep lifetimes of the alloy exhibit a diminishing
trend with the increase in applied stresses varying from 200 MPa to 410 MPa. Corre-
spondingly, the minimum strain rates registered during the course of creep manifesting an
upward trend, increasing from 0.036 ×10−7s−1 to 2.306 ×10−7s−1.



Metals 2023, 13, 1541 4 of 14
Metals 2023, 13, x FOR PEER REVIEW 4 of 14 
 

 

 
Figure 2. Creep properties of the alloy at 980 °C. The creep curves at applied stress (a) above 300 
MPa and (b) below 300 MPa. The insets in (a,b) are the magnifications of the initial creep stage of 
the creep curves. The strain-rate vs. time curves at applied stress (c) above 300 MPa and (d) below 
300 MPa. 

Table 3 presents the recorded creep lifetimes and corresponding minimum strain 
rates of the alloy at an elevated temperature of 980 °C, as gleaned from Figure 2. A dis-
cernible trend emerges from Table 3, where the creep lifetimes of the alloy exhibit a di-
minishing trend with the increase in applied stresses varying from 200 MPa to 410 MPa. 
Correspondingly, the minimum strain rates registered during the course of creep mani-
festing an upward trend, increasing from 0.036 × 10ି଻sିଵ to 2.306 × 10ି଻sିଵ. 

The relationship between minimum creep strain rates and applied stresses during 
the steady-creep stage at 980 °C aligns with the Dorn’s law [25], which is expressed by the 
following equation: 𝜀ሶ ൌ 𝐴𝜎஺௡exp ቀെ ொೌோ்ቁ  (1)

where 𝜀ሶ  is the minimum creep strain rate, A is a material constant, 𝜎஺  is the applied 
stress, and n is the apparent stress exponent. A depiction of the interdependence between 
the minimum creep strain rates and applied stresses is depicted in Figure 3. Evidently, the 
alloy’s creep behavior at 980 °C is amply captured by Dorn’s rate equation, with the de-
rived stress exponent (n) during the steady-creep stage in the range of applied stress, 
quantified at 5.55. This empirical finding indicates the deformation mechanism during the 
steady-creep stage, which is attributed to the dislocation climbing over the γ′ phases. 
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Table 3. Creep lifetimes and minimum strain rates of the alloy at 980 ◦C.

Stress/MPa 200 240 270 300 340 380 410

Lifetime/h 841 502 292 185 91 53 35
Minimum creep rates/× 10−7s−1 0.036 0.189 0.044 0.047 0.583 1.231 2.306

The relationship between minimum creep strain rates and applied stresses during the
steady-creep stage at 980 ◦C aligns with the Dorn’s law [25], which is expressed by the
following equation:

.
ε = Aσn

A exp
(
−Qa

RT

)
(1)

where
.
ε is the minimum creep strain rate, A is a material constant, σA is the applied stress,

and n is the apparent stress exponent. A depiction of the interdependence between the
minimum creep strain rates and applied stresses is depicted in Figure 3. Evidently, the
alloy’s creep behavior at 980 ◦C is amply captured by Dorn’s rate equation, with the derived
stress exponent (n) during the steady-creep stage in the range of applied stress, quantified at
5.55. This empirical finding indicates the deformation mechanism during the steady-creep
stage, which is attributed to the dislocation climbing over the γ′ phases.
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3.2. Microstructure and Dislocation Configuration

After full heat treatment, the cubic γ′ phases were uniformly incorporated into the γ

matrix through coherent precipitation, as illustrated in Figure 4a. The average dimensions
of the γ′ precipitates measured 410 nm, with the volumetric ratio of the γ′ phase reaching
68%. Upon undergoing different durations of creep at 980 ◦C/300 MPa, as depicted
in Figure 4b–f, the γ′ precipitates exhibited a progressive rafting phenomenon oriented
perpendicular to the applied stress. The vertical γ matrix channel displayed a reduction
in prominence, ultimately leading to their disappearance, while the horizontal channel
experienced expansion. After creeping for 2 h, both the γ and γ′ regions underwent
coarsening. The mean dimensions of the γ′ precipitates reached 424 nm, and the mean
width of the horizontal γ matrix channel expanded from 65 nm to 81 nm. After creeping
for 10 h, negligible observable changes transpired in the average dimensions of both the
γ and γ′ regions. However, after creeping for 50 h, a discernible increase in the mean
width of the horizontal γ matrix was evident, with some γ′ precipitates jointing together
and forming a raft-like structure. Upon reaching the rupture of creep, the γ′ precipitates
exhibited rafting, as demonstrated in Figure 4e. The average width of the horizontal γ
matrix channel expanded to 325 nm, while the average thickness of the γ′ region increased
to 870 nm. The volumetric ratio of the γ′ phase remained at 64%. A topological inversion
phenomenon occurs, wherein the continuous γ channels isolating γ′ phase developed into
continuous γ′ rafts with the isolated γ phase. This phenomenon of rafting contributed to
the reduction in thickness of the γ′ precipitates, attributed to atom diffusion effects [26]. In
Figure 4f, the measure method of the dimension of γ/γ′ is described.
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Figure 4. Microstructure of the alloy. (a) after the full heat treatment (Reprinted from Ref. [22]);
(b–d) after creeping for 2 h, 10 h, and 50 h at 980 ◦C/300 MPa, respectively; (e) after creeping up to
rupture at 980 ◦C/300 MPa; (f) the schematics of the measurements of the γ and γ′ phases.

It is noted that there is a color change of γ/γ′ phases in Figure 4a–e, which is due to
the different microscopes used during the observation. The morphology of Figure 4a–d
with a white γ phase and black γ′ phase were observed by the Quanta FEG 450 microscope,
which is a field emission scanning electron microscope. The morphology of Figure 4e with
a black γ phase and light-color γ′ phase was observed by the EVO 18 microscope, which is
a tungsten filament scanning electron microscope.

To understand the deformation mechanism during the steady-creep stage, the spec-
imens that were tested at 980 ◦C/300 MPa were taken as an example to analyze the
movement mechanisms of dislocation. The creep curves and TEM microstructure images
of the alloy crept at 980 ◦C/300 MPa for 2 h, 10 h, and 50 h are shown in Figure 5. After the
alloy is crept for 2 h, the misfit dislocations are observed on the γ matrix, as in Figure 5b.
Most of the dislocations in the γ matrix are captured by the γ/γ′ interfaces. After creeping
for 10 h, the dislocations in the alloy propagated in the γ matrix and formed dislocation
networks by dislocation reactions. After creeping for 50 h, some dislocations have cut into
the γ′ precipitates. The dislocation pairs coupled with antiphase boundary (APB) and the
stacking faults are observed in Figure 5d.

The dislocation configurations of the superalloy after undergoing 2 h of creep at
980 ◦C/300 MPa are depicted in Figure 6. In this depiction, all dislocations within the
γ matrix are short. Specific dislocations are marked by the labels A, B, and C. Notably,
dislocation A loses contrast when the diffraction vectors are altered to g = 022 and g = 111,
as in Figure 6a,b. The Burger’s vector of A is determined to be bA = g022 × g111 = [011].
The direction of the trace for dislocation A is identified as µA = 022. Consequently, the
slipping plane for dislocation A is recognized as (100) through the application of b× µ.
The dislocation B lose its contrast as the diffraction vectors g = 022, whereas it is visible as
the diffraction vectors g = 111 g = 111, and g = 200. The Burger’s vector of dislocation B is,
therefore, indicated as bB = [211]. Similar to dislocation A, dislocation C becomes invisible
when the diffraction vectors are g = 022 and g = 111. The Burger’s vector is identified as
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bC = g022× g111 = [011] for dislocation C. The trace direction of dislocation C is determined
to be µC = 211. Thus, the slipping plane for dislocation C is identified as

(
111

)
. Evidently,

the analysis conducted thus far supports the conclusion that the deformation mechanism
during the initial creep stage in this alloy is a dislocation motion within the γ matrix,
alongside the dislocation climbing over γ′ phase, with the slipping planes encompassing
both {111} and {001} planes.
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After creeping for 50 h at 980 ◦C/300 MPa, the microstructure of the alloy during
the later period of steady-state creep was indicated in Figure 7. It is shown from Figure 7
that the dislocation networks were distributed in the γ/γ′ interfaces, some dislocations
had sheared into γ′ precipitates, and the dislocation D is distributed in the γ matrix.
According to the dislocation g·b = 0 invisibility criterion, the Burgers vector of dislocation
D is identified as [011]. Furthermore, according to its morphological features, the trace



Metals 2023, 13, 1541 8 of 14

directions of dislocation D are µ = 211, µ = 200, and µ = 211 from left to right. Therefore,
the slipping planes can be identified as

(
111

)
, (001), and

(
111

)
. The dislocations E and F

are dislocation pairs that cut into the γ′ phases. These two dislocations are invisible when
the diffraction vectors are g =111 and g = 022. They can be identified to be a/2 〈110〉 partial
dislocation pairs coupled with APB. The trace directions of dislocations E and F are both
µ = 211. Thus, the dislocations are slipping in (111) planes. Figure 8 shows another beam
bright field image of the alloy after creeping for 50 h at 980 ◦C/300 MPa close to the [001]
zone axis. There is a stacking fault in the γ′ precipitation marked by the black arrow in
Figure 8a. The Burgers vector of the lead dislocation that cut into the γ′ phase could be
identified as a/6

[
112

]
. Furthermore, in Figure 8b, the a [010] super-dislocation cut into the

γ′ phase along the {111} planes. It is, therefore, indicated that the deformation mechanism
during the steady-state creep is controlled by the dislocations gliding in the γ matrix,
super-dislocation into γ′ phases, dislocation pairs coupled with APB cutting into γ′ phases,
and dislocations with stacking faults in the γ′ phases.
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4. Discussion
4.1. Analysis of Dislocation Movement in γ Phase

During the initial creep stage, the predominant deformation mechanism exhibited
by the SX alloy involves the movement of dislocations within the γ matrix. Diagrams
displaying the progression of the dislocation motion within the γ matrix are provided in
Figure 9. These diagrams illustrate phenomena such as dislocation slipping, cross-slipping,
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and climbing over γ′ phases. Since both γ and γ′ phases have a face-centered cubic (FCC)
crystalline structure, the primary activated slip planes are identified as {111} planes [1].
When subject to creep conditions at 980 ◦C, dislocations are primarily activated along the
<110> direction on {111} planes, such as dislocation C in Figure 6. Notably, the projection
of this dislocation forms a 45◦ angle relative to the γ/γ′ interfaces. In instances where
<110> dislocations on {111} planes glide towards the γ/γ′ interfaces, their progress might
be impeded by γ′ precipitates. In response, these dislocations could potentially undergo
cross-slipping onto {100} planes, as the behavior demonstrated by dislocation A in Figure 6.
During the latter part of the initial creep stage and the primary period of the steady-creep
stage for elevated-temperature SX Ni-based superalloys, dislocation networks are formed
at the interface of the γ and γ′ phases. Concurrently, the γ′ precipitates transform into a
N-type rafting structure perpendicular to the applied stress direction. Upon the approach
of slipping dislocations to the γ/γ′ interfaces, certain dislocations may interact with the
aforementioned dislocation networks, as depicted in Figure 6c, consequently influencing
the direction of their glide [15]. This could lead to scenarios where dislocations either
cross-slip or climb over γ′ precipitates, such as dislocation D in Figure 7.
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To understand the formation of dislocation networks and their impact on the creep
properties of the SX Ni-based superalloy, the morphologies of the dislocation networks
during different creep times at the condition of 980 ◦C/300 MPa were investigated. Accord-
ing to the analysis with the dislocation networks, the square and hexagonal dislocation
networks were observed, as shown in Figure 10a,b. At the initial creep stage, the disloca-
tions of <110> {111} systems proliferated in the γ matrix and then piled up at the interface
of γ/γ′ phases. After a series of dislocation reactions, the a/2 〈110〉 dislocations could
react to the other a/2 〈110〉 dislocations and then to form various dislocation networks.
Based on previous studies [1,12,13], for [001] orientation specimens, the applied stress in
[001] direction is dominant for the dislocation activating and gliding, which would lead
to primary dislocations with a Burger vector of a/2〈101〉 type. The primary dislocations
are along the [110] or

[
110

]
trace directions with a 60◦ character. Then the secondary and

tertiary dislocations are generated by the influence of misfit stresses, when dislocations pile
up at the interface of γ/γ′ phases.



Metals 2023, 13, 1541 10 of 14Metals 2023, 13, x FOR PEER REVIEW 11 of 14 
 

 

 
Figure 10. TEM images of (a) the square dislocation networks, (b) the hexagonal dislocation net-
works, and (c) the irregular dislocation networks; (d–f) the diagram of formation mechanisms of 
dislocation networks in (a–c). 

4.2. Mechanism of Dislocations Decomposing in γ′ Phase 
As the process of creep progresses, the phenomenon of coarsening becomes evident 

within the γ/γ′ phases, leading to a decrease in the resistance of the dislocations’ glide 
within the γ matrix. Based on the investigation conducted by Svoboda and Lukas [27], the 
phenomenon of rafting and the subsequent coarsening of the γ′ phase can be expounded 
through the application of a global energetic framework, utilizing the variational formu-
lation of the thermodynamics of irreversible processes. Evidently, at temperatures ap-
proximately exceeding 900 °C and accompanied with applied stresses, the process of raft-
ing necessitates a certain plastic deformation within the horizontal channels. This defor-
mation stands as a prerequisite, initiating the onset of rafting. Moreover, it is noteworthy 
that the requirement for the completion of the rafting process ranges from several hours 
to tens of hours, aligning with the typical conditions conducive to rafting occurrences. 

Additionally, stress concentration arises due to the accumulation of dislocations in 
the interfaces of the γ/γ′ phases. This accumulation can potentially induce the shearing of 
dislocations into the γ′ phase, wherein the stress concentration exceeds the critical 
strength of the γ′ phases. The dislocation shearing into the γ′ phase may undergo a de-
composition process, resulting in the formation of partial dislocations accompanied by 
stacking faults and antiphase boundaries (APB) [28]. A visual representation of the pro-
cess of dislocation shearing into the γ′ phase is elucidated in Figure 11. The reactions in-
volving dislocation transformations can be expressed as follows: 

(1) The <110> dislocations shearing into the γ′ phase are decomposed to the configu-
ration of two 𝑎/2 < 110 > dislocations plus APB [8,29].  𝑎ሾ110ሿఊ → 𝑎 2⁄ ሾ110ሿఊ’ ൅ APB ൅ 𝑎 2⁄ ሾ110ሿఊ’  (4)

(2)The dislocations shearing into the γ′ phase may be decomposed to the configura-
tion of <112> super-Shockley partial dislocations plus the stacking fault, which is located 
between two partial dislocations. The 𝑎/6 < 112 > partial dislocation may be captured 
by γ/γ′ interface, while the 𝑎/3 < 112 > partial dislocation is located in γ′ phase [1]. 𝑎 2⁄ ሾ1ത10ሿఊ → 𝑎 6⁄ ሾ112തሿఊ’ ఊൗ ൅ SISF ൅ 𝑎 3⁄ ሾ2ത11ሿఊ’  (5)

With the proceeding creep, the super-dislocations in γ′ phase could cross-slip from 
the {111} to {001} slip system, forming a K-W lock, as shown in Figure 12a. The structure 
of K-W locks is nonplanar, which could inhibit dislocations from gliding and cross-

Figure 10. TEM images of (a) the square dislocation networks, (b) the hexagonal dislocation networks,
and (c) the irregular dislocation networks; (d–f) the diagram of formation mechanisms of dislocation
networks in (a–c).

The square dislocation networks were observed after creeping for 10 h, as shown
in Figure 10a. This kind of dislocation network is usually formed at a small strain de-
formation during creep. The square dislocation networks are formed by two sets of
dislocations with perpendicular lines and different Burgers vectors. As the dislocation net-
works in Figure 10a,d, the Burger vectors of three dislocations at the joint are b = a/2[101],
b = a/2

[
101

]
, and b = a[100], respectively. The a/2[101] dislocation and a/2

[
101

]
disloca-

tion are primary dislocations, gliding at the {111} slip planes. When the primary dislocations
slip to the γ/γ′ interface, the a/2[101] dislocation could cross-slip to the {100} planes and
react with the a/2

[
101

]
dislocation. The reaction leads to the secondary dislocation with a

Burgers vector of a[100] [13].

a/2[101] + a/2
[
101]→ a [001

]
(2)

The square dislocation networks are not stable. As the dislocation reaction continues,
the hexagonal dislocation networks are formed. There are three dislocations with different
Burgers vectors at each joint in hexagonal dislocation networks. As shown in Figure 10b
and 10e, the Burgers vectors of the dislocations are b = a/2[011], b = a/2

[
101

]
, and

b = a/2[110], respectively. The trace direction of the a/2[011] dislocation is along
[
101

]
, and

the trace direction of the a/2
[
101

]
dislocation is along

[
011

]
. Both of the two dislocations

are mixed dislocations, characterized by Burgers vector inclined at an angle of 60◦ toward
the dislocation line. Under the action of misfit stress, the a/2[011] dislocation and a/2

[
101

]
dislocation react to form a secondary dislocation a/2[110], which is an edge dislocation
along the

[
110

]
trace direction. The angles between these three dislocations are 120◦,

forming a hexagonal dislocation network.

a/2
[
101

]
+ a/2[011]→ a/2[110] (3)

For the hexagonal dislocation networks, the dislocations are difficult to cut through γ′

phases [15]. The presence of dislocation networks within the γ phase acts as an impediment
to the movement of these dislocations. The creep strain rates are, therefore, staying at a
constant, and then the creep enters into a steady-creep stage. When the creep progression
goes on, the structural integrity of the dislocation networks becomes destroyed due to
stress concentration and the accrual of dislocations at elevated densities, as can be seen
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in Figure 10c,f. Consequently, dislocations in γ phase shear into γ′ phase, accomplished
through the interaction of dislocation pairs featuring APB configurations.

4.2. Mechanism of Dislocations Decomposing in γ′ Phase

As the process of creep progresses, the phenomenon of coarsening becomes evident
within the γ/γ′ phases, leading to a decrease in the resistance of the dislocations’ glide
within the γ matrix. Based on the investigation conducted by Svoboda and Lukas [27],
the phenomenon of rafting and the subsequent coarsening of the γ′ phase can be ex-
pounded through the application of a global energetic framework, utilizing the variational
formulation of the thermodynamics of irreversible processes. Evidently, at temperatures
approximately exceeding 900 ◦C and accompanied with applied stresses, the process of
rafting necessitates a certain plastic deformation within the horizontal channels. This defor-
mation stands as a prerequisite, initiating the onset of rafting. Moreover, it is noteworthy
that the requirement for the completion of the rafting process ranges from several hours to
tens of hours, aligning with the typical conditions conducive to rafting occurrences.

Additionally, stress concentration arises due to the accumulation of dislocations in the
interfaces of the γ/γ′ phases. This accumulation can potentially induce the shearing of
dislocations into the γ′ phase, wherein the stress concentration exceeds the critical strength
of the γ′ phases. The dislocation shearing into the γ′ phase may undergo a decomposition
process, resulting in the formation of partial dislocations accompanied by stacking faults
and antiphase boundaries (APB) [28]. A visual representation of the process of dislocation
shearing into the γ′ phase is elucidated in Figure 11. The reactions involving dislocation
transformations can be expressed as follows:
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Figure 11. Schematics diagram of dislocation shearing into the rafted γ′ phase and decomposing to
a/6

[
112]+a/3 [211

]
with stacking fault and to two a/2

[
110

]
dislocations with APB.

(1) The <110> dislocations shearing into the γ′ phase are decomposed to the configu-
ration of two a/2 〈110〉 dislocations plus APB [8,29].

a[110]γ → a/2[110]γ′ + APB + a/2[110]γ′ (4)

(2) The dislocations shearing into the γ′ phase may be decomposed to the configuration
of <112> super-Shockley partial dislocations plus the stacking fault, which is located
between two partial dislocations. The a/6 〈112〉 partial dislocation may be captured by
γ/γ′ interface, while the a/3 〈112〉 partial dislocation is located in γ′ phase [1].

a/2
[
110

]
γ
→ a/6

[
112

]
γ′/γ

+ SISF + a/3
[
211

]
γ′ (5)

With the proceeding creep, the super-dislocations in γ′ phase could cross-slip from the
{111} to {001} slip system, forming a K-W lock, as shown in Figure 12a. The structure of K-W
locks is nonplanar, which could inhibit dislocations from gliding and cross-slipping. The Re
element could reduce the diffusion rates of other elements. For K-W locks, the interaction
of Re with other elements could enhance the stability of this dislocation configuration. The
dislocations in K-W locks could be maintained and are hard to reactivate to release the locks
under 980 ◦C. The super-dislocation that has cross-slipped in the {001} slip system could
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decompose into two a/2[110] dislocations with an APB, as shown in Figure 12b. Moreover,
temperatures higher than 1070 ◦C, the thermal activation may promote the dislocations in
K-W locks to re-slip in the {111} planes, which means the release of K-W locks [20]. The
schematic of the release process is shown in Figure 12c.
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5. Conclusions

(1) The creep behaviors of the SX Ni-based superalloy at 980 ◦C was observed with
an almost absent initial creep stage. As the applied stresses increase from 200 MPa to
410 MPa, accordingly, the minimum strain rates of the alloy increase from 0.036 ×10−7s−1

to 2.306 ×10−7s−1 at the steady-creep stage. The stress exponent of the alloy at 980 ◦C is
measured to be n = 5.55.

(2) During initial creep at 980 ◦C, dislocations are mainly activated and glided in γ

matrix on the {111} plane. The movement of dislocation in γ matrix included the dislo-
cations slipping, cross-slipping from {111} to {001} planes, and climbing over γ′ phases.
The slipping dislocations in γ matrix piled up at γ/γ′ interfaces, forming dislocation net-
works. The dislocation networks were observed with square, hexagonal and irregular
morphology. The formation of dislocation networks was analyzed as the interaction of
<110> {111} dislocations.

(3) In the tertiary creep stage, the phenomenon of dislocations shearing into the γ′

phase undergoes decomposition by two mechanisms. The <110> super-dislocation that
participates in shearing into the γ′ phase can be decomposed to form the configuration
featuring a/2 〈110〉 partial dislocations with APB. Alternatively, this super-dislocation may
also be decomposed into a configuration involving <112> Shockley partial dislocations
stacking faults. The mode of decomposition is contingent on the energy of APB and stacking
faults. Moreover, the dislocations that engage in shearing into the γ′ phase may exhibit
a propensity for cross-slipping, transitioning from {111} planes to {001} planes, thereby
giving rise to formations of K-W locks.
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