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Abstract: A novel Co‑free non‑equiatomic Ni2FeCr medium‑entropy alloy (MEA) was designed,
and the Hall–Petch strengthening by grain boundaries and annealing twin boundaries was inves‑
tigated. For this purpose, the alloy was prepared by cold rolling and recrystallization at 873–1323 K
for 40 min–6 h. Annealing at different temperatures revealed that Ni2CrFe alloy forms a stable face‑
centered cubic (FCC) solid solution. Mean grain sizes (excluding annealing twin boundaries) and
mean crystallite sizes (including both grain and annealing twin boundaries) were determined using
the linear intercept method and the equivalent circle diameter in electron back‑scattered diffraction
(EBSD) soft. Tensile tests at 293 K indicated that the Hall‑Petch slopes of grain sizes and crystallite
sizes are 673 and 544 MPa µm1/2, respectively, and this contribution was then subtracted from the
overall strength to calculate the intrinsic uniaxial lattice strength (90MPa). Additionally, tensile tests,
performed between 293 K and 873 K, revealed that theNi2CrFeMEAhas a stronger resistance to soft‑
ening at high temperatures. Transmission electron microscopy of deformed specimens revealed the
formation of dislocation pile‑ups at annealing twin boundaries, indicating that it is also an obsta‑
cle to dislocation slip. Furthermore, the thickening of the annealing twin boundary after deforma‑
tion was observed and illustrated by the interaction between different dislocations and annealing
twin boundaries.

Keywords: medium‑entropy alloy; Ni2FeCr; Hall‑Petch effect; mechanical properties; twin
boundaries; dislocation reaction

1. Introduction
High‑entropy alloys (HEAs)/medium‑entropy alloys (MEAs) represent a new class

of metallic materials, which are synthesized based on the novel alloy design strategy, i.e.,
mixing multiple elemental compositions (three or more) in equimolar or near‑equimolar
ratios [1–7]. According to the Boltzmann formula, the alloys have a higher configuration en‑
tropy compared to traditional alloys andprefer to formdisordered solid solutionswith sim‑
ple crystallographic structures, e.g., face‑centered cubic (FCC) [3,4] and body‑centered cu‑
bic (BCC) [5–7]. Among them, FCC systemHEAs/MEAs, especially the CrMnFeCoNiHEA
and its equiatomic subsystems, have been systematically investigated due to their excellent
mechanical properties. These solid solutions were reported to exhibit a good combination
of ductility and ultimate tensile strength [8–10], high work‑hardening rate [11], outstand‑
ing fracture toughness [12,13], and good low temperature performance [14,15]. However,
not all equiatomic HEAs/MEAs can have optimal mechanical properties. In many cases,
the properties can be optimized by adjusting the ratio of elemental compositions. Recently,
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some attention has been shifted to the study of non‑equiatomicHEAs/MEAs [16–21], which
provides a new idea for the design of alloys. For example, Zhou et al. [19] designed a
series of Fex(CrNiAl)100−x (at.%, 25 ≤ x ≤ 65) MEAs based on FeNiCrCoAl HEA and
achieved the modulation of microstructures. Li et al. [21] used high‑throughput MD simu‑
lations combined with machine learning to predict the optimum elemental composition of
CrxCoyNi100−x−yMEAs. Despite the reduced configuration entropy, these non‑equiatomic
alloys may possess excellent microstructure and properties, which can be compared with
or even better than those of equiatomic HEAs/MEAs.

Wu et al. [22] investigated the phase stability of the Cantor alloy and its equiatomic
subsystems after casting and thermomechanical processing. This study demonstrated that
in the ternary subsystem, all of these alloys exhibited only an FCC phase, except for the Cr‑
FeNi alloy, which manifested additional peaks belonging to the BCC phase. Additionally,
Schneider et al. [23] experimentally determined that the CrFeNi MEA is single‑phase FCC
after annealing at 1273 K and higher temperatures, while it has a BCC + FCC two‑phase
microstructure after annealing at lower temperatures. Therefore, a new non‑equiatomic
Ni2FeCr MEA, which is developed from CoCrFeNi HEA and CrFeNi MEA, was prepared
in this study. The design of this alloy is based on the following reasons: (1) the addition
of a high concentration of nickel (50%) can stabilize the FCC matrix and improve the plas‑
ticity of the alloy; (2) removing the high‑price element Co can reduce the cost of the alloy.
The first objective of the present paper is to investigate the phase stability of the Ni2FeCr
alloy and analyze it in combination with phase prediction theory.

To date, there have been many studies on the Hall‑Petch relationship in
HEAs/MEAs [23–29]. However, most of these studies only considered the contribution
of grain boundaries and ignored any possible effects of annealing twin boundaries on
strength [8,29], while others directly treated twin boundaries and grain boundaries as
equivalents in the analysis of the Hall‑Petch relationship [24]. In recent studies, Schnei‑
der et al. [23,27,28] proposed two statistical methods for grain size, i.e., mean grain sizes
(excluding annealing twin boundaries) and mean crystallite sizes (including both grain
and annealing twin boundaries). Therefore, the second objective of the present study is to
investigate the Hall‑Petch strengthening by grain boundaries and annealing twin bound‑
aries in Ni2FeCr MEA and clarify the effect of temperature on strength.

Interaction between dislocations and twin boundaries can either result in blockage
of the incoming slip or result in a “dislocation reaction” [29,30]. Such interaction effec‑
tively impedes dislocation movement, which is manifested as enhancements in strength
and strain hardening. Therefore, the last objective of this study is to analyze the twinning
morphology of the Ni2FeCr alloy after deformation and explain the interaction between
dislocations and twinning boundaries through dislocation reactions.

2. Materials and Methods
2.1. Processing

Non‑equiatomic Ni2CrFe MEAs were prepared using non‑consumable vacuummelt‑
ing technology. High‑purity (≥99.99 wt.%) elemental metals Ni, Cr, and Feweremelted in
water‑cooled crucibles. The furnace chamber was evacuated to 3× 10−3 Pa and then filled
with high‑purityAr (99.998 vol%) to a pressure of 500 Pa. This processwas repeated 3 times
to ensure that the alloy is not oxidized during the melting process.
The weight of each fabricated ingot was approximately 200 g, and each ingot was remelted
six times to ensure chemical homogeneity. The as‑cast Ni2CrFe MEA ingots were
homogenized at 1473 K for 2 h. These specimens were cut into cubes with a size of
30 mm (length) × 25 mm (width) × 11 mm (thickness) by electrical discharge machining
(EDM), as exhibited in Figure 1a, and then cold‑rolled to 3.3 mm in thickness reduction of
70% bymultipass rolling (each pass reduction is 0.5 mm). To establish different grain sizes,
the cold‑rolled sheets were treated at temperatures ranging between 873 K and
1323 K for times between 40 min and 6 h. After the heat treatments, the sheets were air‑



Metals 2023, 13, 134 3 of 16

cooled and designated as CR‑873/1, CR‑1023/0, CR‑1023/1, CR‑1023/2, CR‑1023/4,
CR‑1023/6, CR‑1173/1, and CR‑1323/1, respectively, as shown in Table 1.
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Figure 1. Details of fabrication process: (a) the schematic illustration of ingots; (b) the visualiza‑
tion of specimen extraction position. XRD = X‑ray diffraction, SEM = scanning electron microscopy,
EBSD = electron backscattered diffraction, TEM = transmission electron microscopy, RD = rolling
direction, TD = transverse direction, and ND = normal direction.

Table 1. Heat treatment conditions and sample designations.

Specimens Annealing Temperature (K) Annealing Time

CR‑873/1 873 1 h
CR‑1023/0 1023 40 min
CR‑1023/1 1023 1 h
CR‑1023/2 1023 2 h
CR‑1023/4 1023 4 h
CR‑1023/6 1023 6 h
CR‑1173/1 1173 1 h
CR‑1323/1 1323 1 h

2.2. Characterization and Testing
Specimens for characterization were extracted from the cold‑rolled sheets after heat

treatment using EDM, as shown in Figure 1b. If not otherwise specified, all experiments
in the current work tested four samples to verify the stability and reproducibility of the
available data. The crystal structure of the Ni2CrFe samples was evaluated using X‑ray
diffraction at room temperature (XRD, Cu Kα radiation and a 2θ scattering from 20◦ to
100◦ at a speed of 8◦/min, The Netherlands). Scanning electron microscopy (SEM, ZEISS,
GER) equippedwith energy‑dispersive spectroscopy (EDS) and an electron back‑scattered
diffraction (EBSD) detectorwas used to characterize themicrostructure and crystallographic
features. Samples for SEM and EBSD were first polished mechanically and then electrolyt‑
ically polished in 90% CH3OH + 10% HClO4 solution at a working voltage of 20 V and
current of 0.5 A for 40–50 s at 263 K. Meanwhile, the EBSD working acceleration voltage
was set at 20 kVwith a tilt angle of 70 ◦. The step size used for data collectionwas 0.5 µmor
1.5 µmdepending on the state of the specimen. EBSD characterizationswere carried out on
the RD (rolling direction)‑TD (transverse direction) section. The microstructure was also
characterized by transmission electron microscopy (TEM). Slices for TEM were cut from
tensile specimens deformed to fractured. These slices were parallel to the tensile axis and
ground to a thickness of 30–50 µm using SiC paper, and then further thinned using argon
ion milling (GATAN685) to their final thickness.

Uniaxial tensile tests were performed with an Instron 5569 materials testing machine
at a fixed strain rate of 1 × 10−3 s−1 over a temperature range of 293 K to 873 K. Tensile
specimens in a dog‑bone shape with a gauge dimension of 15 mm × 2 mm × 2 mm were
machined from each sheet by EDM, as illustrated in Figure 1b. Before starting the high
temperature test (473–873 K), the specimens were held at the specified temperature for
20 min to reach thermal equilibrium and performed in a temperature‑controlled chamber.
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2.3. Grain Boundary and Grain Size Analysis
Grain boundaries and texture characteristics in EBSD data were conducted using the

Aztec Crystal software. For grain boundary analysis, an effort wasmade to distinguish the
∑3 {111} boundary (annealing twin boundaries, defined by a misorientation of 60◦ with a
tolerance of 5◦).

As annealing twin boundaries can in principle act as barriers to dislocation ship, they
are sometimes taken into account when assessing the strengthening caused by bound‑
aries [11,13,30–35]. However, many studies have demonstrated that, compared to grain
boundaries, the annealing twin boundaries in FCC alloys are weaker obstacles to dislo‑
cation slip [22,35]. Thus, the annealing twin boundaries are excluded from the count of
grain sizes. Here, we defined two different length scales, i.e., the mean grain sizes (d, ex‑
cluding annealing twin boundaries) and crystallite sizes (c, including both grain and twin
boundaries). The grain and crystallite sizes were determined with the Heyn linear inter‑
cept method using four equidistant and parallel lines of identical length in the vertical and
horizontal directions, respectively, per micrograph. Meanwhile, the size results obtained
directly from EBSD measurements were compared with the line intercept method. To fur‑
ther analyze the information of annealing twin in Ni2FeCr alloy, the average number of
twin boundaries per grain (n) was defined as n = (−1 + d/c) [23].

3. Results and Discussion
3.1. Phase Identification and Phase Stability

Figure 2a shows several representative XRD diffraction results of CR, CR‑873/1, CR‑
1023/1, CR‑1173/1, and CR‑1323/1. The XRD patterns show all Ni2FeCr samples retained a
single‑phase FCC structure, indicating that no phase transformation occurred during an‑
nealing at different temperatures, i.e., the MEA has phase stability at 293–873 K. Figure 2b
shows the zoom‑in (111) diffraction peak, which maintains a stable 2θ values after anneal‑
ing at different temperatures. However, as the annealing temperature increases, the inten‑
sity of the (111) peak gradually increases, while the intensity of the (200) and (311) peaks
exhibits an opposite trend. Small cleavage peaks can be observed in the (111) diffraction
peak, due to the generation of deformed subgrain in the cold‑rolled sample. Moreover,
the intensity of the cleavage peak decreases with increasing recrystallization temperature.
Based on the (111) diffraction peaks, the lattice parameter of the FCC phase was calculated
as 0.3571 ± 0.0004 nm.
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Compared with HEAs, the configuration entropy of MEAs is lower, and the ability
of the alloy to form single‑phase solid solutions is reduced, i.e., new phases are easily
generated in MEAs after thermomechanical processing. As shown in a previous study,
Wu et al. [22] showed that the CrFeNi MEA is single‑phase FCC after casting and homog‑
enization at 1473 K for 24 h. However, after cold rolling followed by recrystallization at
1073 K for 1 h, a second phase, which has the BCC structure, was found on the grain bound‑
aries. Later on, Laplanche et al. [36] found that the CrFeNi MEA has an FCC + BCC two‑
phase structure when the alloy is swaged and recrystallized for 1 h at 1173 K. According
to the phase formation criterion of Guo et al. [37], when the effective VEC of an alloy is
≥8, it tends to form as a single‑phase FCC; for values between 6.87 and 8, it tends to form
as a two‑phase FCC + BCC; and for values ≤ 6.87, it tends to form as a single‑phase BCC.
To determine whether this is true in CrFeNi MEA and our non‑equiatomic MEA, we cal‑
culated their effective VECs, using the elemental VECs given in Ref. [37] as 8.00 and 8.50,
respectively. We found that our alloys obey the VEC criterion of Guo, i.e., the addition of
nickel (50%) can improve the effective VEC value and stabilize the FCC matrix.

3.2. Grain and Crystallite Sizes
Our heat treatments yielded six different fully recrystallized alloys. Their mean grain

sizes (d) and mean crystallite sizes (c) are given in Table 2. Additionally, Table 2 lists the
corresponding heat treatment processes and the number of annealing twin boundaries per
grain (n). Despite some experimental scatter, nmay be considered approximately constant
and equal to 0.46 ± 0.1 for all grain sizes. This result is consistent with previous studies
for FeMnNi MEA [28], as well as for the CrCoNi and CoCrFeMnNi alloy [8,23]. However,
the latter study also revealed that for larger grain sizes, the n value appears to increase
with grain size, and a reasonable explanation was provided using a theory proposed by
Fullman and Fisher [38].

Table 2. Mean grain sizes (d), crystallite sizes (c), and number of annealing twin boundaries per grain
(n) of the alloys after heat treatment at different temperatures and times.

Specimens d (µm) c (µm) n

CR‑1023/1 11.99 ± 1.02 7.99 ± 0.95 0.50 ± 0.12
CR‑1023/2 17.89 ± 0.92 12.84 ± 0.80 0.39 ± 0.06
CR‑1023/4 23.58 ± 1.91 15.02 ± 0.95 0.56 ± 0.08
CR‑1023/6 23.63 ± 1.45 16.70 ± 1.52 0.42 ± 0.09
CR‑1173/1 25.56 ± 2.23 17.37 ± 2.42 0.47 ± 0.14
CR‑1323/1 34.11 ± 2.26 23.88 ± 1.77 0.42 ± 0.05

A comparison of the grain sizes obtained using the line intercept method (dLIM) and
those determined using EBSD (dEBSD) is given in Figure 3. To better distinguish between
grain boundaries and twin boundaries, the Heyn intercept method was performed in the
EBSD image instead of the BSE image, i.e., the image in the upper left corner in Figure 3.
Each EBSD image contained at least 100 grains in the measured field. Meanwhile, grain
sizes excluding annealing twin boundaries were obtained using the Aztec Crystal software
(see the image at the bottom right of Figure 3 in which the grain sizes are detected by an
equivalent circle diameter, i.e., d = (4A / π)1/2, where A is the area of the grains). The plot of
dLIM versus dEBSD has an excellent linear correlation (the line with slope 1 passes through
the origin), which indicates that these grains are equiaxed. A previous study, published by
Schneider et al. [23], reported that the crystallite size plot similar to Figure 3 does not yield
the same linear correlation since annealing twins have an elongated geometry. However,
the crystallite sizes obtained using the line intercept method (cLIM) and those determined
using EBSD (cEBSD) also exhibit a linear correlation. This confirms the validity of the crys‑
tallite size measurement using the equivalent circle diameter in Aztec Crystal software.
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3.3. Microstructure and Texture
The EBSD diagram of the cold‑rolled Ni2CrFe alloy along the rolling direction is pre‑

sented in Figure 4. Figure 4a and b show the EBSD crystallite orientation map and band
contrast map. It reveals that the grain of cold‑rolled alloy was elongated along the rolling
direction, anddeformed subgrainswere formed in it. Additionally, wave‑shaped adiabatic
shear bands (ASBs) are formed between the two elongated grains, which is influenced by
thermal conductivity and local deformation. A similar phenomenonwas observed in high‑
strength and high‑toughness nickel steels, in which adiabatic shear bands formed under
dynamic loading conditions due to shear localization [39]. Figure 4c further analyzes the
crystallographic texture of cold‑rolled alloy. It shows a significant grain selection orien‑
tation formation with a maximum pole density that is 22.94 times random. Combined
with the standard pole figure (PF) of the {334} <313> textures in cubic crystals, it can be
found that the mainly crystallographic orientation of the cold‑rolled Ni2CrFe alloy was a
{334} <313> texture.

Figure 5 shows representative color‑coded grain orientation maps and correspond‑
ing inverse pole figures (IPFs) showing the texture of recrystallized Ni2CrFe alloys with
different grain and crystallite sizes. The color of the grain orientation map is determined
according to their crystallographic orientation relative to the longitudinal axis of the cold‑
rolling direction (the coordinate axis of the sample was defined as rolling direction (RD),
transverse direction (TD), and normal direction (ND), as depicted in Figure 5a). As can
be seen, there is no strong texture. Only slight < 111 > and < 001 > textures are detected
along the cold‑rolling direction, which is typical of FCCmetals with low to medium stack‑
ing fault energies [23,27,28,40–42]. However, the CR‑1023/1 sample (d = 24 µm, c = 17 µm)
has a more pronounced texture with a maximum pole density that is 6.1 times random, as
shown in Figure 5d. Therefore, it can be assumed that the CR‑1023/1 alloy forms a grain‑
optimized orientation after annealing at 1023 K for 6 h, which may have an impact on the
mechanical properties.
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Figure 5. Representative microstructures and corresponding inverse pole figures show‑
ing the texture parallel to the rod axis of recrystallized Ni2CrFe alloys with different
grain and crystallite sizes: (a) d = 12 µm, c = 8 µm, (b) d = 18 µm, c = 13 µm,
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To analyze the effect of texture on the mechanical properties, we calculated Taylor
factors for all alloys using the EBSD results. This demonstrates that the Taylor factor for
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most alloys is close to the value of isotropic FCC polycrystals (3.06). Except for the CR‑
1023/1 sample, which has a pronounced texture, the Taylor factor increases by about 7%
relative to that of an isotropic polycrystal. Therefore, when considering the potential effect
of texture on strength, we normalized the yield strength of the alloy by the corresponding
Taylor factor (M), i.e., the yield stress multiplied by a factor of 3.06/M.

3.4. Effect of Grain Size and Temperature on Mechanical Properties
Figure 6a shows representative tensile engineering stress–strain curves at room tem‑

perature of the Ni2CrFe alloys after cold rolling and annealing at different temperatures
for 1 h. This indicates that the strength of Ni2CrFe alloys gradually decreases as the anneal‑
ing temperature increases after cold rolling. This is mainly attributed to the recrystallized
grains’ growth and dislocation annihilation. More importantly, the yield stress as well as
the flow stress are increasing with decreasing grain/crystallite size, as shown in the tensile
curves of CR‑1023/1, CR‑1173/1 and CR‑1323/1 alloys in Figure 6a. The effect of temper‑
ature (293–873 K) on the tensile stress–strain behavior of the Ni2CrFe MEA with a grain
size of 24 µm (crystallite size, c = 15 µm) is shown in Figure 6b. It can be seen that the
yield strength, ultimate tensile strength, and ductility decrease significantly with increas‑
ing temperature between 293 K and 873 K. However, the stress–strain curves are similar at
673 and 873 K, i.e., the serrations appear in the curves, which indicates the beginning of an
athermal plateau (as shown in the illustration of Figure 6b). Interestingly, the beginning of
the stress‑strain curve is smooth at 673 K until the engineering strain of approximately 4%,
when the serrations are first observed and continue into the necking stage. In contrast, at
873 K, the serrations appear right after yielding and disappear after necking. The serrated
unstable plastic flow observed at high temperatures (T≥ 673 K) is often found in solid solu‑
tion reinforced alloys, for example, nickel‑based super alloys. Gopinath et al. [43] studied
the serration behavior ofNi‑base superalloy 720Li at intermediate temperatures of 723, 773,
and 823 K at strain rates between 10−3 and 10−5 s−1. They found that locking of mobile
dislocations by substitutional elements is responsible for jerky flow, i.e., the serrationsmay
be attributed to the segregation of substitutional elements at stacking faults bounded by
Shockley partials [44] and/or the formation of Cottrell atmospheres [45].
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The hindering effect of grain boundaries on dislocations is generally described by the
Hall‑Petch relationship between grain size (d) and yield stress (σy) [46,47]:

σy = σ0 + kyd−1/2 (1)
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where σ0 is the intrinsic lattice strength, representing the resistance of the crystal dot ma‑
trix to dislocation slip, i.e., the Peierls‑Nabarro stress, and ky is the resistance offered by
grain boundaries to dislocation slip. Note that in this paper, we count the grain sizes
(d, excluding twin boundaries) and the crystallite sizes (c, including twin boundaries).
Combining the yield stress (σ0.2%) obtained in the tensile tests, the Hall‑Petch parameters
(σ0 and ky) of yield stress versus grain sizes d or crystallite sizes c were obtained by fit‑
ting the data with errors using a weighted least squares method, as shown in Figure 7.
By extrapolating the linear fit for an infinite grain size (d−1/2 → 0 ) and crystallite size
( c−1/2 → 0 ), we calculated the intrinsic lattice strengths to be 88± 6 and 93± 8MPa (black
and red dots in Figure 7), respectively. These two values are in good agreement, so it can
be assumed that the intrinsic lattice strength of Ni2CrFe alloy is 90 MPa. Additionally, the
slope, ky, of the Hall‑Petch plot is 673 ± 28 and 544 ± 35 MPa µm 1/2. A comparison of the
Hall–Petch slopes in Figure 7 reveals that the ratio of the Hall‑Petch slope including grain
boundaries and twin boundaries to the slope without twin boundaries is 0.81. This result
can be attributed to the fact that for all alloys investigated in this study, the n value is ap‑
proximately 0.46, i.e., there is about one annealed twin boundary in every two grains. As a
result, the slope is expected to decrease by a factor of 1/

√
n + 1 = 0.82, in perfect agreement

with the appeal results (detailed derivation can be found in Ref. [23]).
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Wenowcompare the experimentally determinedHall‑Petch parameters of theNi2CrFe
alloy at 293 Kwith Figure 4b in the study by Schneider et al. [23]. Note that wemainly com‑
pare the experimentally obtained intrinsic lattice strength of the alloy, without calculating
the predicted strength of Ni2CrFe alloy based on the solid dilution strengthening model
of Varvenne et al [48]. The results show that the intrinsic lattice strength and Hall‑Petch
slope of Ni2CrFe alloy are moderate compared to CrMnFeCoNi and CrCoNi alloys, while
its grain boundary strengthening is superior compared to Ni alloys (as shown in Table 3).

Table 3. Hall‑Petch parameters of Ni2CrFe MEA and comparison with FCC type alloys from
the literature [23–29,48].

Alloys σ0
(MPa)

ky
(Grain Size, MPa µm1/2)

ky
(Crystallite Size, MPa µm1/2)

Ni2CrFe 90 673 544
Ni 14 180 ‑

CrCoNi 150 815 600
CrCoNi 143 653 ‑
CrFeNi 80 966 ‑
FeMnNi 97 660 590
CoCrFeNi 90 866 ‑

CoCrFeMnNi 194 490 ‑
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Another comparison of the temperature dependence of the 0.2% yield stress of the
Ni2CrFe MEA (d = 24 µm, c = 15 µm) with those of other HEAs/MEAs reveals a similar
trend. Figure 8 shows that the yield stress for d = 24 µm decreases with increasing tem‑
perature in the range 293–873 K, while it gradually levels off at higher temperatures, indi‑
cating that it corresponds to the athermal regime. In previous studies, the large decrease
in yield stress with temperature cannot be attributed only to a softening of the shear mod‑
ulus but was also related to thermal activation during plastic deformation. Please note
that although the strength of Ni2CrFe MEA was only measured in the temperature range
293–873 K, a comparison with other alloys shows that the strength of this alloy decreases
more slowly with increasing temperature, i.e., the alloy has a strong resistance to softening
at high temperatures.
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3.5. Analyses of Interactions between Slip Dislocations and Annealing Twins
In the primary recrystallization of low stacking fault energy metals after cold defor‑

mation, low‑energy twin boundaries develop, high‑energy grain boundaries and subgrain
boundaries are reduced, and deformed grains are engulfed, allowing annealing twin nucle‑
ation and growth. For FCC alloys, the twin boundary is generally the {111} planes, since the
{111} plane is a close‑packed plane and has a lower energy. Figure 9 shows the color‑coded
grain orientation maps and {111} plane polar diagram of the twins and the corresponding
grains in Ni2CrFe alloys after annealing at different temperatures for 1 h. As can be seen,
the twin boundaries in all annealed alloys are the {111} plane, which is corroborated by the
fact that the alloys are FCC structures.

To uncover the interactions between dislocations and the annealing twin boundaries,
TEM investigations were performed on CR‑1023/4 specimens after tensile fracture at
293 K. In Figure 10a, multiple annealing twins can be seenwith a thickness of about 200 nm.
These fine twins may not be detected in EBSD. More importantly, dislocations are seen to
pile up against annealing twin boundaries (Figure 10b), indicating that twin boundaries
are effective barriers to dislocation slip. Additionally, the selected‑area electron diffraction
(SAED) of the twin boundary demonstrates the crystallographic orientation relationship
between the annealing twin and the matrix, i.e., a 180◦ mirror symmetry relationship be‑
tween the twin and the matrix. Thus, the twin can be formed by rotating the matrix alloy
by 180◦ around the twinning direction, i.e., the orientation of the matrix/parent phase can
be transformed into a twinning orientation by the transformation matrix of Equation (2).

T(111) =
1
3

−1 2 2
2 −1 2
2 2 −1

 (2)
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Figure 9. Twin boundaries’ characteristics analyzed by EBSD. The color‑coded grain orientation
maps and {111} plane polar diagram of the twins and the corresponding grains in Ni2CrFe al‑
loys after annealing at different temperatures for 1 h. (a) CR‑873/1; (b) CR‑1023/1; (c) CR‑1173/1;
(d) CR‑1323/1.
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Figure 10. TEMmicrographs of theCR‑1023/4Ni2CrFe alloys after tensile fracture at 293K. (a) Bright‑
field (BF) image; (b) twin boundary and corresponding selected‑area electron diffraction (SAED);
(c) high‑resolutionTEM image of twin boundary; fast‑Fourier‑transformed images ofmatrix (d), twin
(e), and twin boundary (f).

Applying this transformation matrix to the Burgers vector of slip dislocations in the
matrix, the corresponding Burgers vector in the twin can be derived.
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Figure 10c shows a high‑resolution TEM (HRTEM) image for twin boundary, and the
corresponding fast Fourier transformation (FFT) images are shown in Figure 10d‑f. Please
note that the twin boundary in HRTEM images has a thickness of 10‑20 atomic layers,
which is thicker than the annealing twin boundary in undeformed alloys. There are also
obvious steps anddislocations present on the twin boundaries. In the following, wemainly
focus on the interaction between the slip dislocation and the twin boundary to explain the
reason for the increase in the thickness of the twin boundary.

Figure 11 illustrates the possible mechanisms for the interaction of a/2<110> perfect
dislocation (where a is the lattice constant) and a/6<112> leading to dislocations in the ex‑
tended dislocation (in FCC materials, the perfect dislocation dissociates into an extended
dislocation consisting of two Shockley partials with Burgers vectors a/6<112> separated by
a stacking fault [49]). Without loss of generalization, a pair of {111} planes are chosen, one
of them chosen to be the twin boundary and the other the interacting slip system in the
FCC crystal structure. The twin boundary is chosen to be on a (111)M plane, and the slip
plane is chosen to be a (111)M plane where the subscript M/T indicates that the indices
are referenced to the matrix/twin phase. The crystallography is described in Figure 11a
and d, where the matrix and twin are aligned in the following crystallographic directions:
[111]M // [111]T, [121]M // [121]T, [101]M // [101]T, and they are converted to each other
using Equation (2).
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In the current study, we analyzed two distinct incorporation reactions under different
slip dislocations, as shown in Figure 11 and summarized in Table 4. For the reaction I #, the
candidate a/2[101]M perfect dislocation in matrix has a Burgers vector of
→
b MD = a/2

[
101M

]
on its slip plane (111)M, with the matrix‑twin crystallography cho‑

sen as shown in Figure 11a. When this perfect dislocation intersects with the (111)M twin
boundary, the dislocation reaction of type I in Table 4 occurs. From this reaction, amovable
a/2[101]T perfect dislocation and two a/6[121]T twin partial dislocations that remain on the
twin boundary are formed within the annealing twin, as shown in Figure 11b. When the
perfect dislocation a/2[101]T ships out of the twin, another dislocation reaction similar to
I # occurs, and a a/2[101]M perfect dislocation slips into thematrix and leaves two a/6[121]M
twin partial dislocations on the twin boundary. By the aforementioned reaction, the thick‑
ness of the twin boundary is increased by two atomic layers, as shown in Figure 11c.
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Table 4. Possible reactions between dislocation and twin boundary in this study; the unconventional

stair‑rod Burgers vector (
→
b SR) and solution for stair‑rod partitioning factors (λ) of the FCC system

is given.

Type
(#)

Candidate
Dislocation Reaction

Solution for
Stair‑Rod

Partitioning Factors (λ)

I a
2 [101]M

a
2 [101]M

T(111)→ a
6 [141]T

Matrix perfect dislocation
→
b MD

→ a
2 [101]T+

Twin perfect dislocation
→
b TD

a
6 [121]T +

a
6 [121]T

Twinning partial
→
b TP

II a
6 [211]M

a
6 [211]M

T(111)→ a
18 [217]T

Shockley partial
→
b MS

→ a
6 [121]T

Twinning partial
→
b TP

+ a
18 [574]T
Stair‑rod

→
b SR

⇒ a
18 [574]T
Stair‑rod

→
b SR

→ λ a
6 [121]T

Twinning partial
→
b SR−TP

+ a
6 [211]T

Shockley partial
→
b SR−TS

λ = 2/3

As for the reaction II #, the candidate dislocation, a a/6[211]M leading partial dislo‑
cation ahead of the stacking fault (bold red line in Figure 11d) in extended dislocation,
approaches the twin boundary. The dislocation reaction of type II can be is partitioned
into two stages (in Table 4):
a. The leading partial dislocation intersects with the (111)M twin boundary and re‑

acts to generate a a/6[121]T twin partial dislocation and a stair‑rod dislocation. The
stair‑rod dislocation has a non‑conventional Burgers vector (of a type
a/6[310]M = a/18[574]T) in that it does not correspond to either a slip or twin Burg‑
ers vector of the FCC matrix (which include a/2<110> perfect dislocation, a/6<112>
Shockley dislocation, and a/3<111> Frank dislocation).

b. The a/18[574]T stair‑rod dislocation dissociates as it passes through the twin bound‑
ary to forma a/6[121]T twin partial dislocations and an a/6[211]T Shockley dislocation
that slips into the twin [50]. Note that the solution for stair‑rod partitioning factors
(λ) needs to be introduced in order to ensure the equality of the vectors before and
after the reaction, as in Table 4, λ = 2/3.
After the reaction II #, a movable a/6[211]T Shockley partial dislocation slips into

the twin, and two twin partial dislocations remain on the twin boundary, as shown in
Figure 11e. Figure 11d shows that another dislocation reaction similar to II # occurs when
the a/6[211]T Shockley partial dislocation ships out of the twin.

In summary, the thickness of the twin boundary increases because of the interaction
between the slip dislocation and the twin boundary, which can explain the phenomenon
we observe in Figure 10c. However, these reactions will raise the energy of the system,
so they are not automatic and must be subjected to an applied stress to occur. Therefore,
it is generally believed that twin boundaries can be obstacles to dislocation slip such that
pile‑ups are formed at the twin boundaries to improve the strength of the alloy.

4. Conclusions
In conclusion, this study systematically investigated the role of grain boundaries and

annealing twin boundaries on the strength of the non‑equiatomic Ni2CrFe medium en‑
tropy alloy. Six different recrystallized grain sizes alloys were produced, and the effects
of texture, grain size and temperature in the range between 293 and 873 K on the mechani‑
cal properties were documented. Transmission electron microscopy was used to correlate
the interaction between dislocations and twin boundaries. From these investigations, the
following conclusions can be drawn:
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(1) The Ni2CrFe MEA was found to be single‑phase FCC after annealing at 873–1323 K
for 40 min–6 h. The comparison with the CrFeNi alloy, which was reported in the
literature to have a BCC + FCC two‑phase microstructure after annealing at low tem‑
peratures, indicates that increasing the content of Ni improves the VEC value and
stabilizes the FCC phase.

(2) Deformed subgrains and adiabatic shear bands were observed in the cold‑rolled
Ni2CrFe alloy. The main crystallographic orientation of the cold‑rolled alloy was
a {334} <313> texture. Additionally, all recrystallized microstructures are weakly tex‑
tured, except for the alloy annealing at 1023 K for 6 h.

(3) Yield stress as a function of grain size (excluding annealing twins) and crystallite size
(including both grain and annealing twin boundaries) was investigated at 293 K and
found to be consistent with the Hall‑Petch relationship. The intrinsic lattice strength
of a single‑phase FCC Ni2CrFe polycrystal is determined to be σ0 = 90 MPa at 293 K.

(4) The evolution of the yield stress of the Ni2CrFe MEA (d = 24 µm, c = 15 µm) with tem‑
perature between 293 K and 873 K is found to be in reasonable agreement with other
alloys. However, this alloy has a stronger resistance to softening at high temperatures
compared with others.

(5) TEM images show that pile‑ups form at twin boundaries in deformation, suggesting
that twin boundaries do act as obstacles to dislocation ship and that crystallite size is
a more relevant length scale to characterize Hall‑Petch strengthening. Additionally,
the thickening of the annealing twin boundary after deformation was observed and
illustrated by the interaction between different dislocations and twin boundaries in
FCC alloys.
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