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Abstract: Advanced aluminides strengthened with incoherent Laves phase precipitates are promising
lightweight and creep-resistant alternatives for high-alloy steels and superalloys for high-temperature
critical components up to 750 ◦C service temperature. A significant issue with manufacturing these
aluminides with conventional casting is the strong coarsening tendency of the Laves phase precipitates
at elevated temperatures, leading to a significant strength reduction. In this context, the short lifetime
of the melt pool in additive manufacturing and its fast solidification and cooling rates promise to
consolidate these aluminides with homogeneously distributed fine Laves phase particles without
coarsening. The main scientific objective of this work is to exploit the unique characteristics of the
laser powder bed fusion (L-PBF) additive manufacturing (AM) process to print dense and crack-free
bulk Fe3Al-1.5Ta samples containing uniformly distributed (Fe, Al)2Ta Laves phase precipitates. The
Fe-25Al-2Ta (at.%) alloy was selected for this work since its creep resistance at 650 ◦C surpasses
the one of the P92 martensitic–ferritic steel (one of the most creep-resistant alloys developed for
steam turbine applications). Fundamentals on process–microstructure relationships governing the
L-PBF-fabricated builds are provided by a detailed microstructural characterization using X-ray
diffractometer (XRD) and ultra-high-resolution scanning electron microscopy (SEM) equipped with
energy-dispersive X-ray spectroscopy (EDX) and high-resolution electron backscatter diffraction
(EBSD) detectors. Orientation imaging microscopy (OIM) and grain reference orientation deviation
(GROD) maps were applied to measure texture and visualize substructures within the grains. The
mechanism of voids formation, morphology, and volume fraction as a function of the input energy
density was identified. The melting and solidification dynamics led to microstructures with large
columnar grains, porosity, and periodic cracks during the printing process. Processing samples
at the building temperatures below the brittle-to-ductile transition temperature, BDTT (750 ◦C),
often caused severe macrocracking and delamination. Crack-free samples with densities higher
than 99%, some approaching 99.5%, were fabricated from pre-alloyed gas-atomized powders with a
combination of high laser power (250–300 W), slow-to-medium scanning speed (500–1000 mm/s),
and 800 ◦C build plate preheating using a 67◦ rotation scanning strategy. The morphology of the
pores in the volume of the samples indicated a relatively sharp transition from spherical geometry
for scanning speeds up to 1000 mm/s to crack-like pores for higher values. The ultra-fast cooling
during the L-PBF process suppressed D03 Fe3Al-ordering. The Fe3Al-1.5Ta builds were characterized
by B2 FeAl-type order clusters dispersed within a disordered A2 α-(Fe, Al) matrix. Additionally,
the (Fe, Al)2Ta Laves phase (C14–P63/mmc) was predominantly formed at the matrix phase grain
boundaries and frequently dispersed within the grains. The quantitative EDX analysis of the matrix
gave 77.6–77.9 at.% Fe, 21.4–21.7 at.% Al, and 0.6–0.8 at.% Ta, while the composition of the Laves
phase was 66.3–67.8 at.% Fe, 8.7–9.8 at.% Al, and 22.4–24.9 at.% Ta, indicating that the Laves phase is
considerably enriched in Ta with respect to the matrix. The L-PBF-fabricated alloys were characterized
by coarse, columnar grains which grow epitaxially from the substrate, were several m in width, and
extended across several layers along the building direction. The grains exhibited a relatively strong
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microtexture close to <0 0 1> with respect to the building direction. The L-PBF builds showed a
bulk hardness value comparable to the as-cast and spark plasma-sintered counterparts. A negligible
variation of the hardness across the build height was observed. Within the framework of this study,
we demonstrated that the porosity and cracking issues could be resolved mainly by controlling
the process parameters and preheating the build platform above the BDTT. Nevertheless, alloy
modifications and/or post-manufacturing processing are required for microstructure refinement.

Keywords: laser powder bed fusion; iron aluminide; Laves phase; microstructure; porosity; electron
backscatter diffraction

1. Introduction

Intermetallic compounds of iron aluminides may address a key challenge of the avi-
ation and power generation industries to develop more creep-resistant and lightweight
alloys as a replacement for heavy and partly expensive conventional superalloys. It in-
creases the operating temperature and reduces the weight of rotating parts, enhancing
the thermal efficiency of the aircraft engines and steam turbines. Ultra-supercritical steam
turbines are aimed to operate at an increased temperature of 750 ◦C and steam pressure
up to 35 MPa [1]. A critical issue is the limited creep properties of current ferritic steels
at the targeted elevated temperatures. Polycrystalline Ni- and Co-based superalloys are
possible solutions; however, they are much heavier than steels. Advanced iron aluminides
are promising replacements, since they feature lower densities than commercial structural
materials and high strength and creep resistance up to at least 800 ◦C [1,2]. This increase
in the thermal efficiency of steam turbines could lead to a significant cost saving annually
and a drastic decrease in fuel consumption and environmental issues by lowering CO2
emissions from fossil-energy power plants. In addition to the potential use for higher-
performance aero-engine rotational applications, iron aluminides were also found to meet
the demand for sustainability in the marine industry. An Fe-Al-Mo-Ti-B alloy strengthened
with Mo2FeB2-type borides was recently proved to be an economical alternative to the
currently used Ni-based alloys in the combustion chamber of large-bore 2-Stroke marine
engines [3].

Fe–Al-based alloys, i.e., alloys which contain either disordered A2 α-(Fe, Al), B2-
ordered FeAl, or D03-ordered Fe3Al as majority phases, have long been considered excellent
candidates to replace heat-resistant steels or possibly even superalloys in high-temperature
applications up to 800 ◦C, primarily because of their excellent oxidation and corrosion
resistance even in aggressive environments [1,2,4,5]. They have a lower density and
are less expensive than steels and superalloys; however, they exhibit low strength at
temperatures above 800 ◦C [6,7]. Concepts derived from the phase diagram were studies for
the strengthening of Fe–Al-based alloys, including solid-solution hardening, strengthening
by precipitates, and ordering [8]. Specifically, strengthening by intermetallic Laves phases
is one of the concepts leading to improving the high-temperature mechanical properties
of iron aluminides [1,5,9,10]. The addition of alloying elements (A), including Nb [11,12],
Ta [13,14], Ti [15], or Zr [16], leads to the formation of a Laves phase in a thermodynamic
equilibrium with the iron aluminide matrix. The resulting C14 A(Fe, Al)2 Laves phases
precipitate as fine incoherent particles from the supersaturated aluminide matrix phase or
form a eutectic mixture depending on the alloying quantity [17]. A significant issue with
applying these aluminides at elevated temperatures is the strong coarsening tendency of
the Laves phase particles [17]. Microalloying with trace quantities of B and C appeared
beneficial to control the precipitation and growth of Laves phase particles through the
formation of borides [18] or carbides [19].

In the alloying series of Fe-25Al-xTa (x = 0.5–6 at.%, all compositions are given in
atomic percent throughout the text unless otherwise stated), the Fe-25Al-2Ta alloy was
identified to be more qualified for structural applications at and above 600 ◦C than its binary
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counterpart and other alloys of the series due to a superior creep resistance [1,10,13,20,21].
Surprisingly, the creep resistance of Fe-25Al-2Ta alloy at 650 ◦C surpasses the one of the
P92 (X10CrWMoVNb9-2) martensitic–ferritic steel, which is one of the most creep-resistant
alloys developed for steam turbine applications [20]. Oxidation experiments of Fe3Al
containing 2 at.% Ta showed an excellent oxidation resistance up to 800 ◦C [22].

State-of-the-art metal additive manufacturing (AM) allows the fabrication of near-net-
shape complex geometries, which enables the realization of more efficient and lightweight
designs, more sustainable part manufacturing, fast prototyping, and reduced machining
costs [23–25]. Metal-based AM is a potentially disruptive technology across multiple in-
dustries, including aerospace, biomedical, and automotive. Building up metal components
layer by layer increases design freedom and manufacturing flexibility, enabling complex
geometries, increased product customization, and shorter time to market, while eliminating
traditional economy-of-scale constraints [26].

AM has been introduced as a powerful tool for the aerospace industry. A case study
reported that AM could reduce jet engine air manifold production costs by optimizing
the design and reducing the machining costs [27,28]. AM also offers new opportunities
for creating novel materials with unique properties, such as composite materials, multiple
materials, functionally gradient materials, and even metamaterials [29]. AM technologies
also have great potential to address global energy challenges and are applied in nuclear
energy, batteries, fuel cells, and oil and gas [30]. The effect of AM on global energy demand
was assessed using a bottom-up approach, and it was revealed that AM will contribute to a
5–27% reduction in global energy use in 2050, and potential energy savings in aerospace
and construction are 5–25% and 4–21% by 2050 [31].

In the laser powder bed fusion (L-PBF) process, also known as selective laser melting
(SLM), a focused laser beam selectively melts a layer of metal powder. After consolidation,
the second layer of metal powder is applied and metallurgically bonded to the previous
layer. This cycle’s repetition enables the tool-free manufacturing of complex geometries in
a relatively fast time with a minimum of waste [32].

The AM process can be regarded as a multipass weld suffering from the weld defects
such as hot tearing and high residual stresses. Therefore, materials that are particularly
susceptible to weld-cracking, such as non-weldable nickel superalloys and intermetallics,
cannot easily be manufactured via AM without significant hot cracking [33,34]. Several
alloy modification, process control, and post-processing approaches have been utilized to
mitigate hot cracking susceptibility for many alloys. For example, high-strength 7075- and
6061-series aluminum alloys could be processed successfully by SLM through alloy modifi-
cation by 1 vol% hydrogen-stabilized Zr nucleants, producing crack-free materials with
strengths double that of the most common additively manufactured aluminum alloy [26].

The mechanical properties of the additively manufactured parts are sensitive to vari-
ous parameters, such as those of the AM method and the post-process heat treatment [35].
In general, AM-induced defects such as porosity and high thermal residual stresses often
suppress the mechanical integrity of AM parts. The employment of optimized AM process
parameters and the application of post-heat-treatment processes are beneficial for decreas-
ing the AM-induced defects and residual stresses [36]. For example, it has been shown
that the employment of optimized parameters for the AM process and the subsequent heat
treatment process in combination with surface machining enhance the fatigue strength
of AM Inconel 718 to even higher than that of the wrought alloy [36]. Alloy modification
is another strategy to improve the mechanical properties of the as-built materials. For
example, the creep rupture life and ductility of an IN718 superalloy produced by SLM were
improved by the addition of yttrium (Y) through the formation of Y oxide (yttria) instead
of Al-rich oxide and the suppression of δ-phase precipitate growth [37].

In another study, a methodology was proposed to control the fatigue life of 17-4Ph
stainless steel by selecting the most relevant manufacturing parameters. The results showed
that the fatigue limit of the specimens manufactured by SLM has reached near 90% of
the value found in samples machined from a bar [38]. Sara Giganto et al. proposed
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design recommendations for the precision SLM manufacturing of 17-4Ph parts. Regarding
geometrical accuracy, it was recommended to avoid surfaces with 45◦ negative slopes or
higher [39]. The benefit of producing parts from advanced iron aluminides by AM could
be two-fold. Due to the high cooling rates, fine-grained microstructures could be achieved
whereby the room temperature ductility of Fe3Al-based alloys can be improved. Besides, the
near-net-shape production of parts by AM will, in turn, reduce expensive machining costs of
the difficult-to-machine Fe3Al-based alloys. Several attempts at fabricating iron aluminides
by additive manufacturing have been reported. C. Shen et al. [40] produced Fe3Al alloy
of consistent composition and full density using the wire arc additive manufacturing
(WAAM) process, incorporating the in situ alloying of the elemental Fe and Al components.
They also presented a method to use neutron diffraction to measure residual stresses in
Fe3Al components fabricated by WAAM with different post-manufacturing treatments [41].
A. Michalková et al. [42] investigated the laser AM of iron aluminides strengthened by
various strategies of ordering (in Fe-30Al-10Ti), the precipitation of borides (in Fe-30Al-
5Ti-0.7B), or a coherent L21 Heusler phase (in Fe-22Al-5Ti). They discovered that all three
alloying strategies developed from as-cast alloys could be achieved through both selective
laser melting (SLM) and laser metal deposition (LMD) processes, resulting in nearly defect-
free and dense (>99.5%) samples. Th powder-based AM of Fe3Al-based alloys was explored
to produce Fe-28Al [43], Fe-30Al-0.35Zr-0.1B [44], and Fe-(25–40)Al-(10–20)Ti [45] alloys
by laser-engineered net shaping (LENS). G. Rolink et al. [46] applied L-PBF and LMD
techniques to produce samples from pre-alloyed gas-atomized Fe-28Al powder. Dense
(>99.5%) samples were made using varied processing parameters and by preheating the
substrate to 200–600 ◦C to prevent cracking during cooling. Despite the high cooling rates,
the L-PBF-built samples showed coarse grains elongated along the building direction (BD).
Such an anisotropic microstructure brings anisotropic mechanical properties, depending
on whether the specimens were loaded along the BD or perpendicular to it.

A significant issue with manufacturing Laves precipitation-strengthened iron alu-
minides by conventional casting is the strong coarsening tendency of the Laves phase
precipitates at elevated temperatures [17,47]. In this context, AM promises to consolidate
these aluminides with homogeneously distributed fine precipitates due to its short lifetime
of the melt pool and fast solidification and cooling rates. In the present work, we investi-
gated the L-PBF of Fe3Al-1.5Ta alloys with strengthening Laves phase precipitates for the
first time to the best of the authors’ knowledge. We selected this alloy composition as it
showed a supervisor creep resistance at 650 ◦C to the one of the P92 martensitic–ferritic
steel and excellent oxidation resistance up to 800 ◦C. The main objective of this work
is to demonstrate the feasibility of printing dense and crack-free bulk Fe3AlTa samples
containing uniformly distributed (Fe, Al)2Ta Laves phase precipitates by the L-PBF process.
Fundamentals on process–microstructure-property relationships governing the L-PBF alloy
are provided by a detailed microstructural characterization using SEM/EDX, EBSD, OIM,
XRD, and bulk Vickers hardness. The hardness variation across the build height is studied
compared to those of the cast and SPS materials to evaluate the applicability of L-PBF as a
valid alternative to standard processing routes. Such knowledge is vital, but the literature
is lacking, considering the current interest and activity to employ advanced aluminides in
aviation engines.

2. Materials and Methods

An alloy powder material with a nominal composition of Fe-25Al-1.5Ta was produced
by gas atomization by NANOVAL GmbH & Co. KG, Berlin, Germany. The particle size
distribution of the powder material is shown in Figure 1. The powder batch with a fraction
size of +10/−45 µm and an average particle size of d50 = 22.6 µm was selected for further
processing by L-PBF.
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1.5Ta alloy powder particles are characterized by spherical morphology, with relatively 
smooth surfaces exhibiting a typical dendritic microstructure. The BSE-SEM and EBSD 
micrographs of the embedded particles in Figure 2c,d exhibit that the powder particles 
are composed of matrix grains decorated by a white contrast phase, located mainly at the 
boundaries of the matrix grains. The grains are almost equiaxed in shape, with an average 
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Figure 2a,b show the BSE-SEM micrograph of the initial loose particles. The Fe-25Al-
1.5Ta alloy powder particles are characterized by spherical morphology, with relatively
smooth surfaces exhibiting a typical dendritic microstructure. The BSE-SEM and EBSD
micrographs of the embedded particles in Figure 2c,d exhibit that the powder particles
are composed of matrix grains decorated by a white contrast phase, located mainly at the
boundaries of the matrix grains. The grains are almost equiaxed in shape, with an average
size of 4.5 µm, and showing no preferred crystallographic orientation.
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The results of the EDX analysis performed on several powder particles numbered in
Figure 2a indicate that the average composition of the powder marginally deviates from
the nominal composition (Table 1).
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Table 1. The average concentration of the constituting elements measured by EDX on several powder
particles marked in Figure 2a.

Elements Concentration, at.%
Al Fe Ta

23.54 ± 3.30 74.77 ± 3.52 1.67 ± 0.42

The L-PBF experiments were performed with a 400 W AconityMIDI (Herzogenrath,
Germany) laser source equipped with a 400 W single-mode laser of 80 µm-spot diameter
and 1070 nm wavelength. The process was conducted in a chamber under the argon
atmosphere. The oxygen content amounted to less than 200 ppm during processing. The
typical parameters of L-PBF are listed in Table 2. Layer thickness and hatching distance
were set to 50 µm and 90 µm, respectively. The process parameters such as laser power (P)
and scanning speed (vs) were varied between 500 and 1500 mm/s in steps of 250 mm/s
and from 200 to 300 W in steps of 50 W. A stainless-steel plate with a thickness of 10 mm
was used as substrate material. Intermetallic aluminides are prone to cracking; therefore,
a high-temperature preheating during the AM process is required to reduce thermal gra-
dients and suppress crack formation [48]. The processing of crack-free iron aluminides
required a high-building temperature of 400 to 600 ◦C for LMD and 600 to 800 ◦C for
SLM samples [42]. The brittle-to-ductile transition temperature (BDTT) of Fe3Al-2Ta-cast
alloy occurs at 750 ◦C [49]. Therefore, the formation of the cracks during cooling is most
likely by processing the alloy below this temperature. We processed a few samples without
preheating and a few at the building temperatures of 300–500 ◦C, and we noticed severe
macrocracking and delamination of the samples from the build plate after printing a few
layers. Therefore, a higher temperature of 800 ◦C was selected for preheating the steel plate
to reduce temperature gradients and thermal stresses. Specimens of 8 × 8 × 8 mm3 were
built with a strategy illustrated in reference [50]. Parallel stripes with a width of 5 mm were
used with the scan vectors on successive layers rotating at an angle of 67◦.

Table 2. Typical process parameters adapted for L-PBF.

Beam Diameter Scan Speed Laser Power Layer Thickness Hatching Distance Substrate Preheating

80 µm 500–1500 mm/s
(increment 250)

200–300 W
(increment 50) 50 µm 90 µm 800 ◦C

The phase identification was performed by a Bruker D8 ADVANCE X-ray diffrac-
tometer (Bruker, Billerica, MA, USA) using Cu-Kα1 radiation (λ = 0.15406 nm) within the
2θ range of 20–120◦ with a step size of 0.1◦, and high-resolution scans in the range 25–35◦

were carried out with a smaller step size of 0.05◦. Crystallographic data [51,52] for the
present phases in Fe-25Al-1.5Ta are listed in Table 3.

Table 3. Crystal structure data for the present phases in Fe-25Al–2Ta alloy.

Phase Pearson Symbol Space Group No. Structure Designation Prototype

α-Fe cI2 Im3m A2 W
FeAl cP2 Pm3m B2 CsCl
Fe3Al cF16 Fm3m D03 BiF3

TaFe2Al, Heusler phase cF16 Fm3m L21 MnCu2Al
TaFe2, Laves phase hP12 P63/mmc C14 MgZn2

The macrostructures of the L-PBF-fabricated specimens sectioned parallel to the BD
were investigated by light optical microscopy (LOM; VHX Digital Microscope, KEYENCE
America, Itasca, IL, USA). Microstructures of the samples were characterized by field-free
ultra-high-resolution (0.9 nm at 15 keV, 1.3 nm at 1 keV) scanning electron microscopy
(SEM) on a TESCAN AMBER (Brno, Czech Republic) equipped with energy-dispersive
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X-ray spectroscopy (EDX; Oxford Instruments, Abingdon, UK) and high-resolution electron
backscatter diffraction (EBSD; Oxford Instruments Aztec system, Abingdon, UK) detec-
tors. The SEM was operated with a beam current of 100 nA and an accelerating voltage
of 15 kV. High-angular resolution EBSD data were recorded at a 1.18 µm-step size and
analyzed using the AZtecCrystal software (AZtec 4.3, Oxford Instruments Aztec system,
Abingdon, UK). Inverse pole figure (IPF) maps parallel to the BD were recorded to study
the crystallographic orientations.

The low- and high-angle grain boundaries (LAGBs/HAGBs) were identified with
a misorientation of 2–10◦ and more than 10◦, respectively. The individual grains were
outlined with a threshold angle of 10◦, and the grain size was given as equivalent circle
diameter (ECD).

EBSD orientation imaging microscopy (OIM) maps were employed to estimate texture
and visualize the substructures within grains. In the current study, we applied a grain
reference orientation deviation (GROD) axis and GROD-angle maps to visualize local
intercrystalline distortions within the grains. The grain reference orientation deviation
(GROD)-axis map displays the orientation heterogeneities that evolve in the samples [53].
For each pixel within the grain, the misorientation of the point relative to a reference
orientation for the grain to which the pixel belongs is calculated and displayed as a color
according to the IPF color key. The GROD-angle map is particularly useful for highlighting
angular deviations in grains with even the smallest orientation angle pixel by pixel. GROD-
angle maps are generated by determining the average orientation for each grain based on
the user-defined grain detection. The deviation from this mean orientation is then plotted
for each pixel.

The bulk Vickers hardness testing was performed with a LM 800AT LECO Microhard-
ness Tester (LECO Corporation, St. Joseph, MI, USA) applying 2 kg force for a dwell time
of 13 s. Hardness measurements were carried out on different regions of the samples, and
an average of five measurements was reported. For comparison, the hardness values of the
as-cast and spark plasma-sintered materials with the same chemistry are also reported [47].
An ingot with a diameter of 30 mm was cast using an investment casting procedure by
Access e.V. (Aachen, Germany) [47]. Spark plasma sintering was conducted at 1200 ◦C
for a holding time of 5 s under a compaction force of 35 kN by an FCT System GmbH
(Effelder-Rauenstein, Germany) using the same powder batch used for the L-PBF opera-
tions. For more details on the microstructure of the as-cast and SPS materials, the readers
are referred to references [14,47].

3. Results and Discussion
3.1. Effect of L-PBF Processing Parameters on the Porosity Formation and Morphology

L-PBF process is prone to melt pool instability due to the full melting mechanism,
which, along with poorly chosen process parameters, can result in microstructural defects
and porosity [54]. Processing parameters significantly contribute to the final porosity,
microstructure formation, and properties of the fabricated parts. Preliminary research
has been carried out to fabricate the Fe3Al sample with the lowest possible porosity, an
absence of cracks, and a sound reproduction of the model’s shape by the proper selection
of LENS-process parameters [44].

For a given material, laser energy density, E, is the energy provided by the laser beam
to a volumetric unit of powder material and is given by:

E =
P

vs × h× t

where P is the laser power (W), vs is the laser scanning speed (mm/s), h is the hatching
distance (mm), and t is the layer thickness (mm). When incident energy density (E)
increases, a large amount of melt is supplied, increasing the final density. An accurate
adjustment of the processing parameters is mandatory for the manufacturing of fully
dense components.
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The energy density in the L-PBF process resulting from the laser power, scan speed, and
hatch distance significantly influences the crack formation and residual porosity. Figure 3
exhibits an iso-contour processing map of the L-PBF-fabricated samples, showing the
variation of the residual porosity as a function of the laser power and scanning speed. Insets
display the typical LOM macrographs of cross-sections of the samples built with different
processing parameters. The macroscopic cracking caused some samples to delaminate
from the substrate (not shown here). The disintegration of the specimens due to high
thermal stress was occasionally observed during processing with low laser power. The
cracks originating from notches at the lateral surface were not observed, while unmelted
powder particles were found in some samples. Generally, at a constant P, the energy input
decreases with increasing vs; thus, the density of the samples decreases. On the contrary,
when the vs is kept constant, the energy input increases with increasing P; therefore, a
higher density is achieved.
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Figure 3. Iso-contour processing map of the L-PBF-fabricated samples showing the variation of
the residual porosity as a function of the laser power and scanning speed. Insets display light
optical macrographs of cross-sections of L-PBF-fabricated samples printed with different processing
parameters. Regions delineated by red rectangles represent the domains dominated by spherical gas
pores (left) and lack of fusion cavities (right). Contour values represent residual porosity in percent.
BD and SD refer to the building and scanning directions. Input energy density associated with each
sample is also given.
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The morphology of the pores in the volume of L-PBF-fabricated samples generally
changes from spherical for vs up to around 1000 mm/s to crack-like pores for higher vs
values, as outlined by red rectangles in Figure 3. The sharp crack-like pores were associated
with the lack of fusion (LOF) resulting from insufficient energy input or balling. In contrast,
the spherical pores generally arise from entrapped gas and the keyhole effect [55,56]. In
L-PBF-fabricated Ti-6Al-4V samples, gas pores up to 1 vol.% were found not to deteriorate
the mechanical properties remarkably [57]. However, with an increased volume fraction of
pores above 5%, tensile, fatigue, and hardness properties are significantly diminished [57].
The tight control of the cleanliness of metal powder feedstock and the atmosphere during
metal powder production and the melting process can largely reduce the formation of
gas pores.

LOF defects are irregularly shaped cavities that often contain trapped unmelted pow-
der particles and are attributed to material discontinuity due to the insufficient penetration
of the melt pool into the previous layer [58]. It was reported that LOF is critical to the
fatigue properties and delamination of layers, among other defect types in additively
manufactured Ti alloy parts [59]. A study of porosity formation in AlSi10Mg components
fabricated by L-PBF using a combined experimental and finite element analysis approach
showed that the large and irregular-shaped pores, especially those close to the surface, will
dictate the component failure, most often by single dominating crack propagation [60].

The samples printed with process parameters 200 W–1000 mm/s, 250 W–1250 mm/s,
and 300 W–1500 mm/s are subject to the same energy input of 44.4 J/mm3, though they
exhibit different pore morphology. The sample fabricated with 200 W–1000 mm/s contains
spherical pores; however, the other two samples fabricated with a higher laser power
(250–300 W) and scanning speed (1250–1500 mm/s) include crack-like pores. Considering
the positive effect of laser power on the density of energy input, we can then conclude that
the formation of crack-like pores is more likely at higher scanning speeds at a constant
energy input density.

At energy densities of approximately 59.3−133.3 J/mm3, samples without LOF defects
and a low residual porosity of less than 5% could be produced. The samples with the
lowest porosity values were obtained with high laser power (250–300 W) and slow-to-
medium scanning speed (500–1000 mm/s). The specimens built at 300 W/1000 mm/s
reach densities higher than 99%, with some approaching 99.5%. For the highest scanning
speeds (1250−1500 mm/s) and lower laser power (250 W), the highest void fractions
approaching 10−15% were observed.

3.2. Microstructure Characterization of the L-PBF-Fabricated Samples

According to the binary Fe–Al phase diagram [61], the D03-ordered Fe3Al (α1) is stable
below 552 ◦C for alloys containing from 18 to 37 at.% Al; and the B2-ordered FeAl (α2)
occurs between 23 and 54 at.% Al depending on temperature. Both Fe3Al (D03) and FeAl
(B2) phases are bcc-derivative-ordered lattices, and they are separated from the disordered
A2 solid solution by first-or second-order transitions [62]. A2 is a disordered body-centered
(bcc) structure. B2 is an ordered structure with Al atoms occupying the body-centered
sites (Pm3m) and has the ideal stoichiometry of 50 at.% Fe-50 at.% Al. D03 (Fm3m) is
an ordered structure with the ideal stoichiometry of 75 at.% Fe-25 at.% Al, where the Fe
atoms occupy the crystallographic 4a-(0,0,0) and 8c-(1/4,1/4,1/4) sites, while the Al atoms
sit at the 4b-(1/2,1/2,1/2) sites with a doubling of the cubic cell parameter (i.e., the cell
volume is increased by a factor of eight). The Fe atom in the 4a site has eight Fe-nearest
neighbor atoms, while the Fe atom in the 8c site has four Fe atoms and four Al atoms as
its nearest neighbors [63]. Further ternary ordering may lead to the formation of the L21
structure (Heusler phase), where the 4a and 8c sites are occupied by different transition
metals or at least different mixtures of atoms. This structure type was reported in the
ternary Al-Fe-Ti [64] and Al-Fe-Ta systems [65]. The primary X-ray diffraction lines of A2,
B2, and D03 are identical, so identification is only possible based on a few relatively weak
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superstructure reflections [66]. The phase identification of the superlattice structures is even
more complicated when the phase presents as a minor component in a multi-phase sample.

Figure 4 exhibits the X-ray diffractograms of the L-PBF-built Fe3Al-1.5Ta sample.
The primary diffraction lines of different phases are also presented. The L-PBF builds
are characterized by fundamental reflections of the disordered A2 α-(Fe, Al) phase and
characteristic superstructure peaks of a (100) and (101) B2-type order structures occurring
at around 21.29◦ and 30.79◦, with no reflections from the D03-type order phase. The
characteristic reflections of (111)D03 and (311)D03 should occur at around 26.68◦ and 52.41◦

using Cu-Kα1 incident radiation; however, they are not present in the XRD pattern of the
L-PBF builds. Apart from the matrix reflections, peaks of the C14 Fe2Ta Laves phase (also
described as (Fe, Al)2Ta [13,20]) are found at around 2θ = 35.04 and 40.59◦.
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Figure 4. XRD diffraction patterns of the Fe3Al-1.5Ta samples produced by L-PBF. A few characteristic
reflections of A2 α-(Fe, Al), B2 Fe-Al, D03 Fe3Al, and C14 (Fe, Al)2Ta phases are also presented.

The results of phase identification in the present study agree well with the litera-
ture. The presence of the metastable B2 and the suppression of the equilibrium D03 at
room temperature was found typically for the Fe3Al-based materials subjected to high-
cooling-rate LENS fabrication [44,67]. Likewise, water quenching from 900 ◦C in the binary
Fe-27Al alloy prevented D03 ordering at room temperature; however, it did not preserve the
high-temperature A2 structure, and the sample had the B2 structure at room temperature,
according to the neutron diffraction and XRD data [68,69]. In contrast, the phase identifi-
cation results in the Fe-25Al-1.5Ta alloy produced with an investment casting procedure
revealed the presence of the D03 order and the C14 Laves phase [70]. The results suggest
that the ordering transition from B2 to a D03 phase may take place during casting but
hardly occurs during ultra-high-cooling processing.
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Due to the ultra-fast cooling during the L-PBF process, the disordered A2 phase is
expected to be preserved to room temperature. Moreover, the L-PBF processing does not
allow the transition of B2 to D03; therefore, the D03 ordering is suppressed, and B2 is
preserved at room temperature. The L-PBF builds are thus characterized by a disordered
A2 matrix containing the ordered B2 phase domains. This conclusion agrees well with A.
Balagurov et al.’s work [71]. They employed a combination of high-resolution and in situ
real-time neutron diffraction to investigate coherent atomic ordering in Fe3Al-type alloys
in a wide temperature range. They showed that the bulk polycrystalline (Fe0.88Cr0.12)3Al
alloy in the quenched state comprised a disordered A2 matrix embedded with dispersed
clusters of the partially ordered B2 phase [71].

Noteworthy is that the ordering type was reported to have only a negligible effect on
the tensile yield and ultimate tensile strength of the Fe3Al–0.35Zr–0.1B alloy fabricated by
the LENS technique [44]. Nonetheless, the samples of the D03 structure showed almost
15% higher elongation than the samples with the B2 ordering type at 650 ◦C.

Figure 5 presents typical BSE-SEM micrographs of the L-PBF-fabricated samples from
different regions printed with process parameters P = 250 W and vs = 1000 mm/s. The
sample exhibits a characteristic columnar grain morphology of additively manufactured
metallic materials [72]. The microstructure primarily consists of large columnar grains,
elongated along the vertical BD through epitaxial solidification, as is typical for the FeAl
and Fe3Al parts fabricated by AM [40,46,73,74]. In addition, some isolated equiaxed grains
are also visible. The first layers near the build plate consist of finer grains (bottom image).
The middle section of the printed sample contains mainly large columnar grains with
a few small grains among them. The growth of the columnar grains is stopped in the
last layer of the sample due to the lack of further thermal cycling. Besides, a few small
grains are observed near the top surface. Competitive growth of grains with different
orientations occurs during the epitaxial grain growth [75]. The grains closely aligned with
the maximum thermal gradient direction (the BD) dominate the epitaxial growth due to the
grain selection. Columnar grains are unfavorable as they can impose solidification defects
and mechanical property anisotropy. Nonetheless, the thermal conditions involved during
additive manufacturing make columnar grains inevitable. The prevailing solidification
conditions favoring epitaxial growth (from prior deposited layers) and a lack of nucleation
events ahead of the solid/liquid (S/L) interface lead columnar grains to develop during
AM [76].

As shown in a higher magnification image in Figure 5, the Fe-Al matrix grains are
decorated by a phase with a white BSE contrast. According to earlier studies [14,70] and
XRD results in Figure 4, this phase corresponds to the C14 Laves phase (Fe, Al)2Ta with
hexagonal crystal symmetry. It was reported that the solubility of Ta in the binary Fe-Al
phases is generally low and varies with Al content [49]. For example, the solubility of Ta in
Fe-25Al alloys in equilibrium with Laves phase is about 0.7% at 1000 ◦C and 0.5% at 800 ◦C
and less at lower temperatures [49]. Ta solubility increases in Fe-Al alloys with increasing Al
content up to 40% Al [20,65]. An earlier study [20] indicated that the maximum Ta solubility
in the Fe-Al matrix is about 5.1% at 1000 ◦C; thus, the addition of small amounts of Ta to
Fe(Al) solid solution phases leads to the precipitation of the ternary Laves phase, resulting
in extended two-phase fields. An experimental study and thermodynamic re-assessment
of the binary Fe-Ta system revealed that the Laves phase forms through eutectic reactions
L↔ (δFe) + λ/C14 [52]. Thermo-Calc computations in Fe-25Al-1.5Ta alloy indicated that
the C14 Laves phase formed through a eutectic reaction L↔ α-(Fe, Al) + C14 at around
1150 ◦C and remained stable until lower temperatures around 570 ◦C during cooling [47].
The eutectic solidifies between the primary α-(Fe, Al) phase grains, therefore covering the
boundaries of α-(Fe, Al) grains after solidification. Upon further cooling, the Laves phase
transforms to the L21 TaFe2Al Heusler phase, a ternary equivalent of D03 Fe3Al.
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Figure 5. Typical BSE-SEM micrographs of the L-PBF-fabricated Fe3Al-1.5Ta builds in the BD-SD
cross-section at the interface with the substrate (bottom), middle, and top regions of the sample. The
arrows in a high magnification image refer to several (Fe, Al)2Ta Laves phase precipitates formed
primarily at GBs and inside the matrix grains. The build was printed with process parameters:
P = 250 W and vs = 1000 mm/s. The BD and SD refer to the building and scanning directions. The
region marked by a white rectangle at the very top represents a few layers that hardly contain Laves
phase precipitates.
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It was reported that the Laves phase primarily precipitated on the Fe-Al grain bound-
aries and was occasionally observed inside the matrix grains in the as-cast Fe-25Al-2Ta
alloys [47,49]. In contrast to the as-cast alloy, the builds in the present study also contain a
significant amount of Laves phase particles finely dispersed within the grains in addition
to the precipitates formed at the Fe-Al grain boundaries. Likewise, Laves phase particles
appear coarser in the L-PBF builds than in the as-cast material. We can thus surmise that
the repetitive heating cycles experienced by the builds during the L-PBF process likely
led to enhanced precipitation and particle coarsening. Further investigation is required to
verify this hypothesis.

The substrate preheating reduces along with the building height, affecting the precip-
itation phenomenon. Ultra-fast cooling during L-PBF largely suppresses Ta segregation
and the Laves phase formation and preserves the supersaturated FeAlTa solid solution at
lower temperatures. Upon a further heating cycle, the Ta-enriched Laves phase precipitates
mainly along the boundaries of the matrix grains and within the grains. At the very top
layers of the builds, as marked by a white rectangle in Figure 5, the strengthening Laves
phase concentration is much less than that in the bottom and middle regions due to the
lack of sufficient heating cycles for Laves phase precipitation at the top layers. The very
top layers (100 µm) of the builds hardly contain the Laves phase. A similar difference
in the strengthening phase concentration (γ′′) across the build height was reported in
the direct laser-deposited alloy 718 to cause hardness variation with height [77,78]. The
hardness variation across the building height in the present L-PBF-fabricated samples will
be discussed later in Section 3.3.

During metal AM processes, the local thermal history induced by the complex energy
input procedure impacts microstructure, defects, residual stresses, and material perfor-
mance [79]. K. Karczewski [80] investigated the effect of the cooling rate on grain morphol-
ogy and texture in Fe-28Al samples produced by the LENS process. They found that the
deposited materials were mainly characterized by the large columnar grains spread over
several layers along the BD within the range of cooling rates investigated (0.6 × 104 to
3.5 × 104 K/s). An increase in the cooling rate formed few equiaxed grains and slightly
reduced the columnar grain size. Moreover, the <0 0 1> texture was dominant in the builds
regardless of the variations in the cooling rate.

Table 4 presents the average concentration of the constituting elements of the Fe-
Al-Ta matrix phase and the (Fe, Al)2Ta Lave phase precipitates measured by EDX. The
quantitative analysis of the matrix area gives 77.6–77.9 at.% Fe, 21.4–21.7 at.% Al, and
0.6–0.8 at.% Ta, while the composition of the Laves phase is 66.3–67.8 at.% Fe, 8.7–9.8 at.%
Al, and 22.4–24.9 at.% Ta. An EDX line scan analysis around a Laves phase precipitate at a
grain boundary triple junction in Figure 6a,b indicates that the Laves phase is considerably
enriched in Ta with respect to the matrix. The EDX elemental mapping in Figure 6c
demonstrates that the distribution of the elements inside a Laves phase precipitate is
relatively uniform.

Table 4. The average concentration of elements within the Fe-Al-Ta matrix and (Fe, Al)2Ta Laves
phase determined by EDX.

Phase
The Concentration of Elements, at.%

Al Fe Ta

A2 α-(Fe, Al, Ta) matrix 21.5 ± 0.1 77.8 ± 0.1 0.7 ± 0.1
C14 (Fe, Al)2Ta Laves phase 9.1 ± 0.5 66.8 ± 0.7 24.2 ±1.2
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Figure 6. EDX line scan analysis around the (Fe, Al)2Ta Laves phase precipitated at a grain boundary
triple junction (a,b), and EDX elemental mapping inside a Laves phase precipitate (c) of the L-PBF
Fe3Al-1.5Ta builds printed with process parameters: P = 250 W and vs = 1000 mm/s.

Figure 7 exhibits EBSD inverse pole figure (IPF) maps superimposed with GB misori-
entation maps from different regions of the L-PBF-fabricated Fe3Al-1.5Ta sample along the
BD. The as-built specimens exhibit a columnar grain morphology extended over several
layers and oriented toward the BD. These elongated grains indicate an epitaxial solidifi-
cation and growth mechanism, yet the epitaxial microstructure is often impeded at the
solidification front by developing new grains with random crystallographic orientations.
The first layers near the sample–substrate interface consist of finer grains (bottom image).
However, a selection of grains occurs during further built-up, leading to coarsening and
the formation of elongated grains of several hundred micrometers in length. In the lower
region of the sample, some grains grew across seven layers (350 µm), while in the middle
and upper areas, grains with a length of up to 1250 µm are found (25 layers). The grain
size distribution is inhomogeneous throughout the sample, ranging from 4.4 to 360 µm
for the bottom, from 5.8 to 615 µm for the middle, and from 4.8 to 629 µm for the top
parts. In the lower, middle, and upper regions, the average grain size (equivalent circle
diameter) is about 202 µm, 564 µm, and 448 µm, respectively. Large temperature gradients
and fast cooling rates during L-PBF lead to the growth of elongated grains along the BD.
The epitaxial growth of the large columnar grains along the build-up direction is in good
agreement with the literature, where long grains of several hundred micrometers were
documented for Ti–6Al–4V [81] and Fe-28Al [46] samples processed by L-PBF.
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Figure 7. EBSD IPF (a) and GROD-axis (b) maps superimposed with GB misorientation maps from
different regions of the L-PBF-fabricated Fe3Al-1.5Ta builds along the BD. The BD and SD refer to
the building and scanning directions. High- and low-angle grains are outlined with black and white
boundaries. Grains were constructed assuming a 10◦ tolerance angle. The sample was printed with
process parameters: P = 250 W and vs = 1000 mm/s.

The successive melting and epitaxial solidification cycles lead to the formation of a
textured columnar microstructure due to the competitive growth of the grains. The EBSD
IPF maps reveal that the crystallographic orientation changes from random at the sample
base to a preference close to <0 0 1> orientation (red color) in the upper regions with
respect to the BD. A similar texture was reported for the binary Fe3Al alloys processed
by L-PBF [46]. Besides, most of the grains show a continuous variation of the color in the
BD. The grain boundary misorientation maps indicate a significant amount of HAGBs,
delineated by black lines, through the entire sample thickness along the BD.

Very high solidification and cooling rates and repeated abrupt heating and cooling
cycles generate the build-up of anisotropic microstructures and residual stresses during
metal powder bed fusion [82]. The magnitude of these stresses resulting from PBF process-
ing is generally large, sometimes approaching the material’s yield strength due to the high
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and localized energy of the laser/electron beam heating. The build-up of residual stress is
accommodated by the formation of dislocations that produce local crystallographic misori-
entation within grains; thus, it can be observed in orientation imaging microscopy (OIM)
images [53]. Terner et al. [83] used average misorientation maps to visualize the residual
stress levels of a superalloy 625 produced by L-PBF and subsequent heat treatments. They
reported that EBSD could be effectively used to investigate the amount and distribution
of strain energy levels caused by dislocations produced to accommodate the significant
thermal stresses during L-PBF. Likewise, Nolze et al. [84] showed that EBSD is a reliable
analytical method to visualize the comparatively big lattice rotations within additively
manufactured materials.

In the current study, we applied grain reference orientation deviation (GROD)-axis and
GROD-angle maps to visualize local lattice curvatures and substructures within the grains.
Local intercrystalline distortions are correlated with residual stresses developed during
L-PBF. The GROD axis calculates the misorientation axis for each pixel within a grain with
respect to the average orientation of the grain and displays it as a color according to the
IPF color key. The GROD axis helps to highlight the rotation axes to show the preferred
crystallographic direction independent of the grain size. Figure 7b represents the GROD-
axis maps superimposed with GB misorientation maps from different L-PBF-fabricated
Fe3Al-1.5Ta sample regions along the BD. Individual grains are composed of a few sub-
regions with distinctive orientations correlated with the local lattice rotations arising from
the high residual stress levels during L-PBF.

The GROD-angle map is particularly useful for highlighting angular deviations in
grains with even the smallest orientation angle pixel by pixel. In Figure 8, the GROD-angle
map taken from the middle part of the L-PBF-fabricated sample is displayed, reflecting
considerable lattice rotations within the sample as high as about 14◦. Likewise, a large
orientation deviation is visible within individual grains, manifested as a change in color.
The inset exhibits cumulative disorientation along the white arrow across an elongated
coarse grain within a distance of 500 µm. Disorientations as high as 6◦ are observed across
the grain, reflecting significant intercrystalline lattice rotations accumulated during L-PBF.
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Figure 8. GROD-angle map visualizing local orientation deviations within grains, taken from the
middle part of the L-PBF-fabricated sample. Inset shows cumulative disorientation in degrees along
the white arrow across a coarse columnar grain. The BD and SD refer to the building and scanning
directions. High- and low-angle grains are outlined with black and white boundaries. Grains were
constructed assuming a 10◦ tolerance angle. The sample was printed with process parameters:
P = 250 W and vs = 1000 mm/s.
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3.3. Bulk Hardness Testing

The Vickers hardness measurements were performed in several distinctive regions at
the builds’ bottom, middle, and top parts. Figure 9 shows the hardness spatial variation
of as-built Fe3AlTa alloys manufactured with L-PBF in comparison with those of the cast
and SPS alloys. The results show that hardness varies from 371 to 346 HV across the
build height. The lower hardness on the top layers may be attributed to a decrease in
the strengthening Laves phase concentration, as shown in Figure 5. In the early stages of
material built-up, ultra-fast cooling during L-PBF largely suppresses Ta segregation and the
Laves phase formation and preserves the supersaturated Fe (Al, Ta) solid solution to lower
temperatures. Upon further heating cycles, the Ta-enriched Laves phase precipitates both
along the Fe-Al grains’ boundaries and within the grains. Therefore, the higher hardness at
the bottom of the builds may be ascribed to enhanced precipitation hardening due to the
repetitive heating cycles experienced by the bottom region of the builds during the L-PBF
process. A similar hardness variation with height caused by a difference in strengthening
phase concentration was reported for direct laser-deposited alloy 718 builds [77,78]. In
alloy 718, γ′′ is not expected to form during initial rapid solidification but rather to develop
during subsequent heating cycles; thus, the higher hardness at the bottom of the builds
is observed.
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Figure 9. Vickers hardness (HV2) values of Fe3Al-1.5Ta alloys manufactured by different methods of
L-PBF, centrifugal investment casting, and spark plasma sintering (SPS). Spark plasma sintering was
conducted at 1200 ◦C for a holding time of 5 s under a compaction force of 35 kN and L-PBF with
process parameters P = 250 W and vs = 1000 mm/s using a 67◦ layer-rotation strategy. Data for cast
and SPS materials are shown for comparison. For more details on the microstructure of the as-cast
and SPS materials, the readers are referred to references [14,47].

The hardness of the builds in the plane normal to the BD varies between 372 and
394 HV, indicating a negligible difference between hardness in planes parallel and perpen-
dicular to the BD. The hardness values of the Fe3Al-1.5Ta alloys do not show a substantial
dependence on the manufacturing process. The L-PBF builds exhibit a hardness value
comparable to the as-cast and spark plasma-sintered counterparts, though they possess
quite different microstructures (for more details on the microstructure of the as-cast and
SPS materials, the readers are referred to references [14,47]). Similar results for the binary
Fe-28Al samples were reported, where the microhardness of SLM (353 ± 15 HV0.1) and
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LMD (313 ± 13 HV0.1) builds was found quite comparable to values for as-cast Fe-27.6Al,
with an average grain size of 290 µm [46,85].

The slightly lower hardness of the L-PBF Fe3Al-1.5Ta builds than the cast material can
be presumably attributed to AM-induced defects, such as porosity and the equiaxed grains
of the as-cast material (grain boundaries effect on hardening). This conclusion is partly
in line with the findings that show a significantly lower compressive yield stress for AM
Fe-30Al-10Ti builds than an as-cast alloy from room temperature up to 600 ◦C [42].

The bulk literature results suggest that post-AM processing is required in addition to the
employment of optimized AM process parameters to decrease the AM-induced defects and
improve the mechanical performance of the AM parts [36,79,86]. A. Michalková et al. [42]
investigated the laser AM of iron aluminides strengthened by various strategies of order-
ing (in Fe-30Al-10Ti), the precipitation of borides (in Fe-30Al-5Ti-0.7B), or the coherent
L21 Heusler phase (in Fe-22Al-5Ti). They discovered that the mechanical properties of
the builds are occasionally superior to the as-cast counterparts. The AM builds’ yield
stress and compressive creep strength matched the as-cast alloys above 600 ◦C. While at
lower temperatures, higher yield stresses were observed in some cases, depending on
the loading direction with respect to the building direction and post-heat treatment. No
general improvement of ductility was observed in AM builds, specifically in the case of
Fe–30Al–10Ti alloy, where the grain size in the builds was one order of magnitude less
than in the as-cast alloy. The strength and ductility of some iron aluminide alloys could
be markedly improved by AM through refinement of the microstructure and likely due to
internal stresses.

The builds printed by L-PBF in the present study are composed of the non-uniform
distribution of grains across the build height, from fine equiaxed grains at the very bottom
layers to large ones at the middle and top layers. The elongated columnar microstructure
resulting from the epitaxial growth is expected to reveal anisotropic mechanical properties
in Fe3Al-Ta builds, as reported for other iron aluminides [42,46]. A detailed investiga-
tion of the mechanical properties of the L-PBF builds compared to the as-cast material
will be published elsewhere. Within the framework of the present study, we can sur-
mise that the Fe3AlTa builds should not be used directly after additive manufacturing
without subjecting them to suitable post-manufacturing processing for grain refinement.
Different grain refinement strategies, including alloy modification and post-processing
thermal/thermomechanical treatments, can be considered for grain refining and improving
the mechanical properties of the Fe3AlTa builds to those of the cast alloys and beyond.

4. Conclusions

The current study investigates the laser powder bed fusion of Fe3Al-1.5Ta alloy in
terms of processability, microstructure, and hardness using SEM/EDX, EBSD, XRD, and
Vickers hardness testing. Crack-free samples of anisotropic microstructures with densities
higher than 99%, some approaching 99.5%, were fabricated from gas-atomized and pre-
alloyed Fe-25Al-1.5Ta powders by L-PBF.

The melting and solidification dynamics lead to microstructures with large columnar
grains, porosity, and periodic cracks during the printing process. Within the framework of
this work, we demonstrated that the porosity and cracking issues could be resolved mainly
by controlling the process parameters and preheating the build platform above the BDTT.
The main findings of the current study are summarized as follows.

• The samples with the lowest values of porosity were obtained with a combination of
high laser power (250–300 W), slow-to-medium scanning speeds (500–1000 mm/s),
and 800 ◦C build plate preheating using a 67◦ rotation scanning strategy within the
adapted parameters set (200–300 W/500–1500 mm/s);

• The morphology of the pores in the volume of the samples indicated a relatively sharp
transition from spherical geometry for scanning speeds up to 1000 mm/s to crack-like
pores for higher values;
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• The L-PBF builds were characterized by coarse, columnar grains which grow epi-
taxially from the substrate, were several millimeters in width, and extended across
several layers along the building direction. The grains exhibited a relatively strong
microtexture close to <0 0 1> with respect to the building direction;

• XRD phase identification revealed a B2 FeAl-type order within a disordered A2 α-(Fe,
Al) matrix decorated with Ta-rich (Fe, Al)2Ta Laves phase precipitates (C14–P63/mmc);

• The builds contain a significant content of Laves phase particles finely dispersed
within the grains in addition to the precipitates formed at the Fe-Al grain boundaries;

• Grain reference orientation deviation maps showed that individual grains were com-
posed of a few sub-regions, with distinctive orientations correlated with the local
lattice rotations arising from the high residual stress levels during L-PBF;

• The L-PBF builds showed a bulk hardness value comparable to the as-cast and spark
plasma-sintered counterparts;

• The hardness exhibited minor variation across the build height, ranging from 346 to
371 HV.
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44. Durejko, T.; Ziętala, M.; Łazińska, M.; Lipiński, S.; Polkowski, W.; Czujko, T.; Varin, R.A. Structure and properties of the Fe3Al-type

intermetallic alloy fabricated by laser engineered net shaping (LENS). Mater. Sci. Eng. A 2016, 650, 374–381. [CrossRef]
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