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Abstract: Ferritic materials consisting of a disordered matrix and a significant volume fraction of
ordered intermetallic precipitates have recently gained attention due to their favorable properties
regarding high-temperature applicability. Alloys strengthened by Heusler-type precipitates turned
out to show promising properties at elevated temperatures, e.g., creep resistance. The present
work aims at developing a fundamental understanding of the microstructure of an alloy with a
nominal composition of 60Fe–20Al–10Ni–10Ti (in at. %). In order to determine the microstructural
evolution, prevailing phases and corresponding phase transformation temperatures are investigated.
Differential thermal analysis, high-temperature X-ray diffraction, and special heat treatments were
performed. The final microstructures are characterized by means of scanning and transmission
electron microscopy along with hardness measurements. Atom probe tomography conducted on
alloys of selected heat-treated conditions allows for evaluating the chemical composition and spatial
arrangement of the constituent phases. All investigated sample conditions showed microstructures
consisting of two phases with crystal structures A2 and L21. The L21 precipitates grew within a
continuous A2 matrix. Due to a rather small lattice mismatch, matrix–precipitate interfaces are either
coherent or semicoherent depending on the cooling condition after heat treatment.

Keywords: ferritic alloys; microstructure; Heusler phases; X-ray diffraction (XRD); transmission
electron microscopy (TEM); atom-probe tomography (APT)

1. Introduction

In the last few decades, Fe–Al-based alloys have been much investigated, with spe-
cial focus on applicability at high temperatures. The Fe–Al–Cr–Ni system is of specific
interest because these alloys show so-called coherent microstructures that consist of a
disordered body-centered cubic (bcc) ferritic matrix (A2 structure) with ordered bcc-based
NiAl precipitates (B2 structure) embedded therein [1–6].

However, one of the major drawback of these alloys is the poor creep resistance and
their decline in strength above 700 ◦C [1,4,6,7] because of a rather low precipitate volume
fraction and the unoptimized lattice mismatch between the matrix and precipitates. This
misfit can be adjusted by alloying these materials with Ti, so that the Ni2TiAl phase (L21
structure, Heusler phase) forms coherently within a continuous ferritic matrix [8,9]. These
precipitates act as obstacles to dislocation motion, resulting in improved creep strength.
Furthermore, Strutt et al. [10] showed that L21–Ni2TiAl possesses better creep strength
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than that of B2–NiAl; thus, it is even more effective in improving the high-temperature
properties of alloys. A further advantage of these alloys is that a bcc-type equivalent to the
coherent γ/γ′ microstructure present in Ni-based superalloys can be produced because
of the sufficiently small lattice mismatch between the L21 precipitates (a0 = 0.5865 nm)
and the A2 matrix (2 × a0 = 0.5732 nm) [11,12]. Fe-based superalloys are beneficial in
comparison to Ni-based superalloys or austenitic steels due to their lower density, high
thermal conductivity [1,2], low coefficient of thermal expansion, and reasonable material
and comparably low production costs. Additionally, Fe–Al-based alloys exhibit good
oxidation resistance. Due to their attractive properties, Fe–Al-based alloys are possible
candidates for high-temperature applications, for example, in aerospace engines or power
plants [13–16].

Recent studies [8,9,17–28] that were conducted on Fe–Al–Cr–Ni–Ti(–Mo) alloys found
two distinct types of microstructures. On the one hand, the alloys can comprise a fer-
ritic matrix and L21 precipitates. On the other hand, there is also the possibility that
two-phase B2 + L21 precipitates form hierarchically within a ferritic matrix [8,9,17,19,21,26].
As Ti mainly partitions to the L21 phase, it enables the evolution of such hierarchical
microstructures. Through variation in Ti concentration, the precipitation sequence can
be adjusted [5,8,17,23,24]. Rawlings et al. [20] showed that Ti-containing alloys possess a
secondary creep rate that is up to 4 orders of magnitude lower at a given stress than that
for alloys without Ti.

The aim of the present study is to gain an indepth understanding of the microstructure
of a novel precipitation-strengthened alloy based on Fe–Al–Ni–Ti. The present phases and
their evolution are described for the first time for such a specific alloy composition. The
idea behind this alloy is to reduce density through raising the Ti content to about 10 at. %,
and eliminating Cr and Mo, in contrast to the above-mentioned Fe–Al–Cr–Ni–Ti(–Mo)
alloys. At the same time, higher Ti content gives the possibility to generate a higher
volume fraction of coherent Heusler precipitates. Fe and Ni occupy equal lattice positions
within the quaternary Fe2-xNixTiAl Heusler phase because of their similar atomic radii [28].
Therefore, the microstructural properties of this alloy were pre-estimated from ternary
system Fe-Al-Ti.

Morphological characteristics such as the size, shape, and arrangement of the precipi-
tates, and the evolution of the microstructure, especially the thermal stability of the phases,
are analyzed in detail. For reproducing the γ/γ’ microstructure of a Ni-based superalloy,
generating a coherent microstructure is inevitable. In ternary system Fe–Al–Ti, a miscibility
gap (A2 + L21) exists in which coherent microstructures can be formed [29]. However,
for the present alloy composition, it is not known if it is possible to generate a coherent
microstructure consisting of the two phases A2 and L21. Therefore, special emphasis was
laid on the investigation of the matrix–precipitate interfaces in different heat-treated condi-
tions. In addition, differences to the previously investigated Fe–Al–Cr–Ni–Ti alloys, which
contained about 8 at. % Cr and 0, 2, 4 or 6 at. % Ti, were identified [8,9,17,19,20,23]. The
microstructures after different heat treatments were, therefore, characterized employing
scanning electron microscopy (SEM), transmission electron microscopy (TEM) and atom
probe tomography (APT), along with Vickers hardness measurements in order to gain
sound knowledge of the microstructure. Moreover, the phase-transition temperatures were
determined with differential thermal analysis (DTA), and complementary high-temperature
X-ray diffraction (HT-XRD) experiments were performed.

2. Materials and Methods
2.1. Material and Processing

In the present work, a ferritic alloy with a nominal composition of 60Fe–20Al–10Ni–
10Ti (in at. %) was examined. An ingot of about 500 g was produced by high-frequency
remelting (machine type: Lifumat Met. 3.3 from Linn High Therm, Hirschbach, Germany)
and spin casting into a copper mold at the Chair of Ferrous Metallurgy, Montanuniversität
Leoben, Austria. For the production of the alloy, technically pure raw materials were used
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(Fe: 99.7 m.% and Al, Ni, Ti: 99.99 m.%). Chemical analysis was conducted by means
of X-ray fluorescence spectroscopy. In Table 1, the measured chemical composition is
compared with the nominal composition.

Table 1. Nominal and measured chemical compositions of the alloy in the as-cast state given in at. %.
The chemical composition was analyzed by means of X-ray fluorescence spectroscopy.

Fe Al Ni Ti Others

Nominal Bal. 20 10 10
Actual Bal. 20.9 9.7 9.6 0.36

For the following investigations, specimens with dimensions of approximately
10 × 10 × 15 mm3 were machined. Homogenization treatments were performed in a high-
temperature chamber furnace RHF 1600 from Carbolite at 1200 ◦C for 24 h followed by
either water quenching or furnace cooling. Analyzing the water-quenched state enables
a description of the microstructure present at 1200 ◦C. In binary Fe–Al alloys, the disor-
der/order transition from A2 to B2 or further ordering from B2 to D03 cannot be suppressed
by water quenching [30]. Through a comparison of this specimen with the slowly cooled
condition, the evolution of the microstructure during the cooling process can be investi-
gated. To test the long-term stability of the microstructure at different temperatures, which
could be interesting for technical applications, heat treatments were also performed at
900 ◦C for 100 h followed by water quenching and furnace cooling.

2.2. Experimental Techniques

In order to determine phase transitions, and solidus and liquidus temperatures, DTA
was performed in a Setaram Setsys 1750 (France). All transition temperatures were deter-
mined from heating curves with heating rates of 10 and 20 K/min. The measurements were
performed in alumina crucibles with a sample mass of about 120 mg.

HT-XRD experiments were conducted in Bragg–Brentano arrangement from room
temperature up to 1050 ◦C in a Seifert ID3003 diffractometer (Germany)equipped with an
Anton Paar (Austria) DHS 1100 high-temperature chamber using Co–Kα radiation.

Metallographic preparation of all specimens was performed using conventional tech-
niques, which were also established for other Fe-based alloys (grinding and polishing to
1 µm with a diamond polishing solution). The microstructures in the as-cast and in the
heat-treated state were analyzed by means of SEM employing a Zeiss EVO 50 (Germany).
Images were taken in back-scattered electron (BSE) mode at an acceleration voltage of
10 kV.

TEM studies were conducted on a JEOL JEM-2200FS (Japan) operated at 200 kV and
on a Philips CM12 (The Netherlands) operated at 120 kV. The JEOL JEM-2200FS was used
for imaging in TEM and scanning TEM (STEM) mode, and for energy-dispersive X-ray
spectroscopy (EDS) mappings and energy-filtered TEM (EFTEM) measurements. Selected
area diffraction patterns (SADP) were taken on the Philips CM12. Thin foils for TEM
investigations [31] and needle-shaped APT specimens [32] were prepared by a standard
liftout technique employing a focused ion beam (FIB) workstation Versa 3D DualBeam
from FEI (The Netherlands). After the liftout, TEM specimens were mounted on Cu grids.

APT measurements were performed using a Cameca local electrode atom probe
(LEAPTM) 3000X HR (France). Experiments were run in voltage mode for the determination
of the phase compositions, and in laser mode to map larger regions of the specimens. In
voltage mode, measurements were conducted at a temperature of 60 K with a pulse rate
of 200 kHz, a pulse fraction of 20%, and a target evaporation rate of 1%. In laser mode,
investigations were performed at 60 K with a pulse rate of 250 kHz a pulse energy of 0.3 nJ
and a target evaporation rate of 0.5%. The detection efficiency for the laser and voltage
modes was 37%. The reconstructions and the quantitative analysis of the phases were
performed using software package Cameca IVASTM 3.6.8. (France)
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Hardness measurements (Vickers HV10) were performed using universal testing ma-
chine M4C 025 G3M from Emco-Test (Austria). The given hardness values were calculated
from the arithmetic mean of five indents.

3. Results and Discussion
3.1. XRD, DTA and High-Temperature XRD Experiments

At room temperature (RT), the alloy consists of two phases, i.e., disordered A2 and
ordered L21, as shown in the XRD spectrum displayed in Figure 1. L21 ordering was
identified by the presence of the superlattice reflections, e.g., (311), and the structures of
both phases were confirmed by TEM investigations (see next section). The approximate
lattice parameters were 0.288 nm (A2) and 0.581 nm (L21) (Table 2).
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Figure 1. Section of XRD pattern of Fe–20.9Al–9.7Ni–9.6Ti measured at room temperature showing
the two strongest peaks of A2 (110) and L21 (220), and the (311) superlattice reflection of L21.

Table 2. Lattice parameters (nm) and the calculated lattice mismatch ∆ (%) of the A2 and L21 phases
as determined by means of HT-XRD at room temperature (RT), and 900 and 1050 ◦C.

Phase RT (nm) 900 ◦C (nm) 1050 ◦C (nm)

A2 0.2879 0.2915 0.2936
L21 0.5810 0.5899 -

∆ 0.9% 1.2% -

In order to analyze the evolution of the phases in dependence on temperature, and
particularly the phase-transition temperatures, DTA measurements were performed with
complementary HT-XRD measurements. The DTA heating curve in Figure 2 shows a sharp
peak at 720 ◦C associated with the Curie temperature, above which the alloy is no longer
ferromagnetic, a broad signal in the range of about 920–1020 ◦C, the onset of melting
(solidus) at 1291 ◦C, and the end of melting (liquidus) at 1355 ◦C.
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Figure 2. DTA heating curve of Fe–20.9Al–9.7Ni–9.6Ti determined with a heating rate of 20 K/min.
For better visibility of the solid-state phase transformations, the curve was split into two parts, and
the heat flow in the low-temperature part is shown in higher magnification.

In order to identify the phase transformation that yielded the broad signal between 920
and 1020 ◦C, an additional HT-XRD experiment was performed using the specimen that
had been annealed at 900 ◦C for 100 h and subsequently furnace-cooled. Upon reheating to
900 ◦C, two distinct peaks were visible between 2θ angles of 50◦ and 52◦, and the (311)L21
peak was still visible, confirming the presence of A2 and L21 at that temperature (Figure 3).
At 1050 ◦C, the two peaks between 2θ angles of 50◦ and 52◦ merged, and the (311)L21 peak
vanished, indicating the presence of a single-phase field region at this temperature. A thin
Al2O3 layer was formed on the surface of the sample, resulting in additional peaks. After
cooling to 900 ◦C, the same peaks were observed as after heating to 900 ◦C, i.e., A2 and
L21 were present again. The lattice mismatch between these two phases increased slightly
during heating from 0.9% at room temperature to 1.2% at 900 ◦C (Table 2).

Though the HT-XRD observations confirmed the DTA results that the alloy consisted of
the two phases A2 and L21 up to 920 ◦C, it is not clear what happens above this temperature.
The marked onset of the DTA signal at 920 ◦C (Figure 2) hints at the occurrence of a phase
transformation, possibly L21 ←→ B2. This could be followed by a rapid closing of the
A2 + B2 miscibility gap, which could yield a continuous signal up to about 1020 ◦C. In view
of the knowledge about phase equilibria in the Fe–Al–Ti system, such a scenario could be
possible [33]. Above about 1020 ◦C, the alloy should be single-phase, most likely consisting
of a disordered A2 phase.

3.2. Microstructural Investigations

Figure 4 shows SEM images of the microstructures in the as-cast state and after
homogenization in the A2 single-phase field region at 1200 ◦C for 24 h and subsequent
water quenching or furnace cooling. In the as-cast (Figure 4a) and in the homogenized
state after water quenching (Figure 4b), no microstructural details could be resolved in
the SEM. However, in the furnace-cooled state, dark precipitates could be seen that were
embedded in a bright matrix phase (Figure 4c). Measurements of the compositions by EDS
suggest that the matrix is the A2 phase and the precipitates were L21, which was later
confirmed by the TEM results. L21 precipitates appeared to be regularly arranged along
certain crystallographic orientations (Figure 4c). Furthermore, this image shows elongated
particles that exhibited a brighter contrast in BSE mode. White arrows in the insert of
Figure 4c exemplarily highlight some of these lines.
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Figure 3. XRD patterns of Fe–20.9Al–9.7Ni–9.6Ti at 900 ◦C on heating, at 1050 ◦C on heating and at
900 ◦C on cooling showing the two strongest peaks of A2 (110) and L21 (220) and the (311) peak of
L21. Above 950 ◦C, some Al2O3 formed on the surface of the sample, yielding additional peaks.

Results of the TEM measurements of the samples annealed at 1200 ◦C for 24 h in
the single-phase field region are now discussed; in contrast to the as-cast state, they
were cooled under controlled conditions. In Figure 5, bright-field (BF) STEM images
are presented. Employing TEM the microstructure of the water-quenched state could be
resolved (Figure 5a). It consisted of the two phases arranged in a mazelike way. In the
slowly cooled state (Figure 5b), the microstructure also consisted of two phases, A2 and
L21, with increased precipitate sizes in the range of about 300–700 nm.
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Figure 4. SEM images in BSE mode showing microstructures of (a) as-cast state and after heat
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(a) are defects resulting from metallographic preparation. In BSE mode, ferritic matrix (A2) exhibited a
bright contrast, whereas L21 precipitates were dark. In the magnified insert in (c), arrows exemplarily
denote elongated particles within the A2 phase.
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Figure 5. STEM-BF images after homogenization treatment at 1200 ◦C for 24 h followed by (a) water
quenching or (b) furnace cooling. In the furnace-cooled condition, arrows highlight similar Fe-rich
zones, as shown in Figure 4c. Furthermore, broken lines mark some polygonal L21 precipitates.

Comparing these two investigated states suggests that precipitate coarsening happens
during furnace cooling. The morphology of the microstructure also changes, i.e., after
rapid cooling the precipitates form elongated rods with high aspect ratios, whereas after
slow cooling, they become spherical or rather polygonal (aspect ratio ≈ 1). As an example,
one hexagonal particle (denoted with 1) and one octagonal particle (denoted with 2) are
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shown in Figure 5b, where the precipitate ribbons with a darker contrast than that of the
precipitates are highlighted by arrows. The arrows reveal that the ribbons were oriented
along certain directions. Liebscher et al. [8], and Song et al. [9] reported similar findings
within L21–Ni2TiAl precipitates. They showed that these features correspond to antiphase
boundaries (APBs), formed by a B2 or A2 phase depending on the Ti content of the
alloy. In general, there are two different ways in which APBs can form within the L21
precipitates in this material. They are either created by the coalescence of two adjacent L21
precipitates [34,35] or they form by thermally induced order–disorder transitions within the
precipitates [36]. In the present case, the APBs mainly developed through the coalescence
of two ordered L21 particles that were out of lattice registry.

Exemplary results of the TEM investigation of a sample after thermal exposure at
1200 ◦C for 24 h and subsequent furnace cooling are shown in Figure 6, providing essential
information on the formation of the microstructure. The selected area diffraction patterns
(SADP), which were recorded along the [011] zone axis for both phases, verify that L21
precipitates were embedded in an A2 matrix (Figure 6b,c). The basic reflections are common

to both phases ([01
–
1]A2 corresponds to [02

–
2]L21). As the L21 phase is an ordered Heusler

phase, it can only be identified unambiguously in the <011> zone axis because of its
characteristic <111> and <311> superlattice reflections [17].
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Figure 6. (a) TEM-BF image of a sample after thermal exposure at 1200 ◦C for 24 h and subsequent
furnace cooling. Regions with a contrast arising from APBs are marked with “1” and “2”. The black
dots within the A2 phase are preparation artefacts. SADPs of (b) the matrix (A2 structure) and (c) the
precipitates (L21 structure), acquired along the [011] axis.

Figure 6a shows two stages of coalescence (marked with “1” and “2”) of the L21
precipitates. In ”1” two particles were approached. As two ordered regions grew together,
an APB was formed. This is in good accordance with the observations reported by Lieb-
scher et al. [8], and Song et al. [19]. The confined APB (“2”), that was viewed under an
inclination within the precipitate was formed by an overgrowth of the precipitate where
the two ends of the APB unzip from the A2/L21 interface, leading to a constrained APB
within two partial dislocations.

Figure 6a also shows that the precipitates were surrounded by a dense dislocation
network. The lattice mismatch between matrix and particles was too large; thus, the elastic
strain energy was relaxed by the formation of a dense misfit dislocation network at the
phase boundaries, resulting in a semicoherent matrix–precipitate interface.

The elastic interaction energy between precipitates is attractive for long separation
distances and repulsive for short ones, as described in [37–39]. The latter contributes to
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the regular arrangement of precipitates, and repulsive forces prevent the precipitates from
coalescing. In the present case, some of the precipitates impinged on each other under
the formation of larger, elongated particles (Figure 6a). During furnace cooling, there was
enough time for the L21 particles to coarsen, which is associated with an increase in the
lattice misfit and hence the formation of an interfacial dislocation network. The relaxation
of misfit strains does not provide sufficient elastic energy needed to maintain the alignment
of the precipitates as reported in [37]. Hence, the precipitates adopted a more irregular
shape and coalesced.

The TEM-DF image of the sample after thermal exposure at 1200 ◦C for 24 h and
subsequent water quenching, see Figure 7a, was acquired using the (111) superlattice
reflection, which is characteristic for the L21 phase. In the water-quenched state, precipitates
could be assigned to the ordered L21 phase. As no dislocation network was found along
the matrix–precipitate interface, it could be assumed that the precipitates were coherent
with the A2 matrix. There was also a distinct difference in the phase compositions, as
emphasized using EFTEM. In Figure 7b the Ti-rich precipitates appear bright, whereas the
matrix appears dark. Combining DF imaging with EFTEM showed that the water-quenched
microstructure consisted of an A2 matrix and nanoscale L21 precipitates.
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Figure 7. TEM investigation of a sample after thermal exposure at 1200 ◦C for 24 h and subsequent
water quenching: (a) TEM-DF image taken using the (111) superlattice reflection, which is unique to
the L21 crystal lattice and thus appears bright in contrast; (b) Ti map obtained by EFTEM indicating
that there is a distinct difference in the Ti concentration of the two phases. (a,b) Different areas of
the sample.

These techniques were also applied to the furnace-cooled state, as shown in Figure 8.
Again, the DF image in Figure 8d was acquired with the (111) superlattice reflection. It is
evident from the EDS mappings in Figure 8b,c that regions inside the precipitates that had
been denominated as APBs were enriched in Fe, and depleted in Ti, Al and Ni. This is in
accordance with the observations from the SEM shown in the insert of Figure 4c, where
regions enriched in heavy elements, identified by their bright contrast in BSE mode, are
exemplarily marked with arrows. Figure 8e shows the Fe map obtained from EFTEM
analysis, which shows four L21 precipitates (dark contrast) that coalesced and formed APBs
along their contact line. Each of the three resulting APBs showed enrichment in Fe.
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Figure 8. TEM investigation of sample annealed at 1200 ◦C for 24 h in the furnace-cooled state: (a) area
where STEM-EDS mappings were performed; (b) Fe map representing ferritic matrix and (c) Ti map
representing L21 precipitates; (d) TEM-DF image taken using the (111) superlattice reflection, which
is unique to the L21 phase and thus this phase appears bright. The APBs can be seen, which appear
in a dark contrast within the precipitates; (e) Fe map received from EFTEM analysis, proving that the
APBs are enriched with Fe. (d,e) Different areas of the sample.

3.3. APT Measurements

In order to determine the chemical compositions of the nanometer-sized phases and
to map selected regions, APT measurements were conducted on the samples that had
been water-quenched or furnace-cooled from 1200 ◦C. In the reconstruction of the water-
quenched specimen (Figure 9a), the phase boundary between precipitate and matrix is
given by the isoconcentration surface at 55 at. % Fe colored in pink. L21 precipitates that
had a lower Fe content are green. APT shows that the ferritic matrix is continuous. The
precipitates form cuboids with aspect ratios >>1 (length of the shorter edge approximately
20–30 nm), which are separated by narrow channels of A2 phase.

After furnace cooling (Figure 9b), the precipitates were coarser (approximately
300–700 nm, see Section 3.2). In this reconstruction, isoconcentration surfaces at 48 at. % Fe
are visualized in pink. The L21 precipitate that had a higher Ti content is represented by Ti
atoms colored in green. A special microstructural feature that can just be resolved in the
APT is the secondary precipitates in the center of the primary L21 precipitate. The isocon-
centration surfaces indicate that these were Fe-rich particles that were solely present in the
center of the L21 precipitate. In the outer part, i.e., in the vicinity of the matrix–precipitate
interface, there was a subprecipitation free zone (SPFZ) of 40–50 nm where no Fe-rich
particles existed. As these type of precipitates are solely present in the furnace-cooled state,
but not in the water-quenched state, it can be concluded that they formed during the slow
cooling process. The composition of L21 in equilibrium with A2 shifts to lower Fe contents
with decreasing temperature, whereby L21 becomes oversaturated in Fe. This leads to
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the formation of Fe-rich precipitates within the L21 precipitates with an SPFZ, where the
diffusion paths are still short enough for the Fe atoms to reach the A2/L21 phase boundary.
The fact that the composition of the L21 phase in equilibrium with A2 shifts towards Fe
leaner compositions with decreasing temperature in the present Fe–Al–Ni–Ti alloy is in
line with the corresponding shift of the A2 + L21 phase field in the Fe–Al–Ti system with
decreasing temperature.
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Figure 9. APT reconstructions of the sample after homogenization at 1200 ◦C for 24 h and subsequent
(a) water quenching or (b) furnace cooling. Data were obtained from measurements conducted in
laser mode (see text). (a) Pink surfaces correspond to isoconcentration surfaces at 55 at. % Fe. The
interior of the particles is colored in green. The matrix phase was omitted here. (b) Isoconcentration
surfaces at 48 at.% Fe are delineated in pink, marking the position of the Fe-rich A2 phase. The
primary L21 precipitate can be identified through its high content of Ti atoms (green dots). Within the
primary precipitate, secondary Fe-rich precipitates (A2*) were found.

Song et al. [9] reported that in their alloy with 4.4 at.% Ti, Fe is enriched on APBs within
the L21 precipitates during aging at 700 ◦C due to a phase separation, i.e., L21 → Fe-rich
A2 + L21. Allen et al. [40] reported for the B2–NiAl phase that disordered Fe inclusions
arise through either homogeneous nucleation within the ordered domains or heterogeneous
nucleation at APBs. In the alloy investigated in the present work, both formation processes
were observed. Song et al. [9] showed that, after aging at 700 ◦C, additional L21 secondary
precipitates are present within the matrix that are formed during the cooling process. In
the present study, however, no secondary precipitates were found within the matrix.

The formation of a subprecipitate structure composed of near A2 composition within
the primary precipitates was also observed in B2–NiAl-containing alloys [41] and, on a
much larger scale, in L21-strengthened ferritic alloys [20]. The B2 and L21 phases are
supersaturated with Fe, which is in agreement with the solubility ranges of NiAl–FeAl and
Ni2TiAl–Fe2TiAl as was consistently reported by [17,22,41,42]. The formation of secondary
disordered γ precipitates is also observed in the γ’ phase of Ni-based superalloys and can
contribute to a further hardening of the alloys [43,44]. Baik et al. [21] suggested that this
might also happen in their Fe–Ni–Al–Cr–Ti alloy. Such behavior is expected to prevent the
deterioration of the microstructure during aging at high temperatures.
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The phase fraction of the precipitates can be determined by applying the lever rule
given in Equation (1) [45,46]:

fL21 =
Cbulk −Cmatrix

Cprecipitate −Cmatrix
(1)

where Cbulk is the global composition of the alloy, which is given in Table 1; and Cmatrix and
Cprecipitate are the chemical compositions of the A2 matrix and L21 precipitate, respectively.
The numerator and the denominator were calculated for each alloying element (Fe, Al, Ni,
Ti). Because the alloy comprises two phases, the slope of the linear fit represents the mole
fraction of the L21 precipitates. The determined phase fraction of the precipitates in the
water-quenched condition is 58.7 vol. %; in the furnace-cooled state, it was lower, with
52.8 vol. %.

The phase compositions of the water-quenched and furnace-cooled states are summa-
rized in Table 3. Standard deviation is ±0.1 at.%. In both conditions, the matrix mainly
consisted of Fe and dissolved about 13 at. % Al, and up to 1 at. % Ni and Ti, respectively.
The primary precipitates were identified as off-stoichiometric L21-(Fe,Ni)2TiAl precipitates.

Table 3. Quantitative analysis of the phase compositions in at. % of water-quenched (WQ) or furnace-
cooled (FC) samples from 1200 ◦C obtained from APT measurements in voltage mode (see text).
Standard deviation is ±0.1 at.%. The water-quenched sample was composed of the A2 matrix phase
and primary L21 precipitates; in the furnace-cooled state, secondary Fe-rich precipitates (A2*) were
also found within the primary L21 precipitates.

Sample Phase Fe (at. %) Al (at. %) Ni (at. %) Ti (at. %) Other (at. %)

WQ A2 84.5 12.9 1.1 1.1 0.4
L21 41.3 24.7 17.0 16.5 0.5

FC A2 85.4 12.9 0.8 0.6 0.3
L21 36.4 26.3 18.5 18.3 0.5
A2* 79.1 13.3 4.3 3.3 0.0

In the furnace-cooled state, the secondary precipitates within the primary L21 pre-
cipitates show a slightly different chemical composition than that of the A2 matrix. They
contained about 6 at. % less Fe, but considerably more Ni and Ti compared to the matrix.
However, the measured Al content is similar. It was assumed that these secondary pre-
cipitates could also be related to the disordered A2 phase. The secondary precipitates are
denoted as A2* to emphasize that they had a different chemical composition than that of
the A2 matrix itself.

3.4. Long-Term Annealing

Figure 10 shows the microstructures after long-term annealing at 900 ◦C for 100 h and
following water quenching (Figure 10a) or furnace cooling (Figure 10b). The L21 precipitates
coarsened substantially during annealing at 900 ◦C in the A2 + L21 two-phase region. After
cooling to room temperature, precipitates in the furnace-cooled condition were slightly
larger than those in the water-quenched condition. This is in line with the observations
on the samples furnace-cooled or quenched from 1200 ◦C and is related to the shift of the
A2 + L21 phase boundary with decreasing temperature. While in the quenched sample,
the compositions of the phases attained at 900 ◦C are preserved to room temperature, the
shift of the phase boundary with decreasing temperature even below 900 ◦C leads to a
shift in compositions and thereby of the phase fractions if the samples are slowly cooled.
The precipitate sizes increased by a factor of 10 to 20 (longitudinal axis 1 to 10 µm) after
annealing for 100 h when compared to the sample which were homogenized in the A2
single-phase field region at 1200 ◦C and subsequent furnace cooling. The morphology of
the precipitates also changed from spherical to rectangular, and regions could be identified
where coalesced particles were forming rod-shaped features.
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Figure 10. SEM images taken in BSE mode of the microstructures after heat treatment at 900 ◦C for
100 h followed by (a) water quenching or (b) furnace cooling.

This behavior might have been because of the loss of coherency of the precipitates.
Doi et al. [47] reported that, with an increasing degree of lattice mismatch, precipitates
change from spheres into cuboids, and further into needles or plates. Changes in morphol-
ogy and coarsening during long-term annealing can be retarded by optimizing the lattice
mismatch between matrix and precipitates [39,47]. Through adjusting the composition of
the alloy or by the addition of further alloying elements, the lattice mismatch of the matrix–
precipitate interface can be optimized, so that these interfaces become coherent instead of
being semicoherent. Baik et al. [21] suggested that secondary disordered precipitates that
have the same composition and crystal structure as those of the matrix phase could split
the primary ordered precipitates and thus prevent the degradation of the microstructure
(see Section 3.3). In the investigated alloy, however, there was no evidence of the split of
the primary precipitates after long-term annealing at 900 ◦C.

3.5. Hardness Measurements

Hardness measurements (HV10) were performed on samples in as-cast and heat-
treated states. The arithmetic means of five indents are given in Table 4. In the as-cast
condition and after thermal exposure at 1200 ◦C, followed by water quenching, high
hardness values (608 and 699 HV10, respectively) were achieved; after furnace cooling, the
resulting hardness value (463 HV10) was significantly lower. The increased hardness was
caused by different strengthening mechanisms that are discussed below.

Table 4. Arithmetic means and standard deviation of hardness values according to HV10 of samples
in the as-cast state and after heat treatment at 1200 ◦C for 24 h or at 900 ◦C for 100 h followed by
either water quenching (WQ) or furnace cooling (FC).

State As-Cast 1200 ◦C-WQ 1200 ◦C-FC 900 ◦C-WQ 900 ◦C-FC

HV10 608 ± 7 699 ± 8 463 ± 4 447 ± 6 446 ± 4

In both samples that were quickly cooled to room temperature (as-cast and water-
quenched), submicron precipitates were present, because the samples were quenched from
above the dissolution temperature of the L21 phase. In the as-cast state, the measured
hardness value was about 90 HV10 lower than that after water quenching because of the
slightly lower cooling rate of the casting process due to the larger sample mass. The high
volume fraction of precipitates <100 nm that was present in the rapidly cooled samples
was responsible for the increased hardness. In contrast to the as-cast and water-quenched
condition, after furnace cooling, the precipitates were coarser, with precipitate sizes of about
300–700 nm, resulting in decreased hardness. Another factor that affects increased hardness
after water quenching is the higher level of thermal stresses within the samples. In FeAl-
and Fe3Al-based alloys, the content of quenched-in vacancies and APBs hugely impacts
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the strength of the materials [48,49]. Depending on the heat treatment and Al-content of
the alloys, up to a few at. % of quenched-in vacancies may be present at room temperature.

According to [48–50], excess vacancies significantly contribute to hardening because
they impede dislocation motion. The investigated alloys are additionally strengthened by
APBs, which also act as obstacles to dislocation motion. Hasemann et al. [51] described
that, especially in Fe-rich alloy compositions, APBs are more effective in strengthening
because in such alloys, the concentration of quenched-in vacancies is comparatively small.

After long-term annealing at 900 ◦C for 100 h followed by either water quenching or
furnace cooling. precipitates are even coarser, with precipitate sizes of 1–10 µm. This is
reflected in lower hardness values of about 445 HV10 in both states. After cooling from
900 ◦C, thermal vacancies and thermal stresses appeared to impact the alloys’ hardness less.
The hardness may mainly be influenced by the microstructure itself, resulting in similar
hardness values after water quenching and furnace cooling.

4. Conclusions

In this study, the microstructure of a precipitation-strengthened ferritic alloy with a
nominal composition of 60Fe–20Al–10Ni–10Ti (in at. %) was examined by employing SEM,
TEM, APT, DTA, and XRD. In contrast to previously investigated Fe–Al–Cr–Ni–Ti(–Mo) al-
loys [8,9,17–20], Cr and Mo were omitted in order to reduce the alloy’s density. Considering
all investigations, the following conclusions can be drawn:

• Within the Fe–Al–Ni–Ti system, microstructures can be generated that comprise a disor-
dered ferritic matrix (A2 structure) and intermetallic Heusler precipitates (L21 structure).

• Alloying with Ti increases the dissolution temperature of the L21 phase when com-
pared to the stoichiometric binary D03 phase. In the investigated alloy, the L21 pre-
cipitates were stable at least up to 920 ◦C, which is an indispensable requirement for
applying the alloy at high temperatures.

• After water quenching from 1200 ◦C, i.e., from the A2 single-phase field region, the
microstructure was built up of two phases, A2 and L21. Their arrangement resembled
the γ/γ′ microstructure of Ni-based superalloys. APT measurements revealed that
the A2 matrix was continuous, and cuboidal L21 precipitates were embedded in the
matrix. After furnace cooling, the A2 matrix was still continuous. However, the L21
precipitates became spherical and were coarser than those in the water-quenched state.

• TEM showed that the matrix–precipitate interface was coherent in the water-quenched
state, which was a consequence of a sufficiently small lattice mismatch. After fur-
nace cooling, the mismatch was larger, resulting in semicoherent interfaces. After
long-term annealing at 900 ◦C in the A2 + L21 region for 100 h, the precipitates
substantially coarsened.

• APT investigations revealed that, after furnace cooling from 1200 ◦C, secondary Fe-rich
precipitates are present within the primary L21 precipitates. The phase compositions
suggest that these particles could be ascribed to the A2 phase. These secondary
precipitates are either formed on antiphase boundaries by heterogeneous nucleation
or in the center of the L21 precipitates by homogeneous nucleation. In all investigated
states, the L21 phase was identified as off-stoichiometric (Fe,Ni)2TiAl, with Fe being
its major constituent.
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