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Abstract: Reduced activation ferritic (RAF) martensitic steels are promising candidates for the first
wall of fusion reactors. However, current manufacturing capabilities call for these components to
be made by welding wrought plates. This limits design freedom and necessitates the use of post-
weld heat treatments (PWHT) in accordance with the boiler and pressure vessel code. Additive
manufacturing (AM) can offer a unique solution to solve this challenge by leveraging the layer-wise
deposition strategy to come up with temper bead deposition techniques to eliminate post-pro-
cessing heat treatments (PPHT). However, it is necessary to benchmark the properties of RAF steels
fabricated by AM with their wrought counterparts to identify the process-structure-property corre-
lation, which is the goal of this study. The study demonstrates that while tensile properties at room
temperature and high temperatures are satisfactory, the as fabricated and samples after PPHT have
significant heterogeneity in tensile elongation. This has been attributed to the presence of disconti-
nuities in the build. The as-fabricated samples have an average tensile strength of 1190 + 12 MPa
and an average elongation of 15 + 5% at room temperature and 658 + 20 MPa ultimate tensile
strength (UTS) and 14 + 7% at 600 °C. After the post-weld heat treatment, mechanical properties
decrease to around 600-650 MPa and an elongation between 20-25% at room temperature to 300
MPa UTS and 25-28% elongation at 600 °C. The characterization of microstructures at various
length scales demonstrates that the as-fabricated structure has a significant fraction of delta ferrite
in a lath martensitic matrix. No precipitates could be identified in the as-fabricated structure. PPHT
led to a decrease in the area fraction of delta ferrite and precipitation of M23Cs and MX. Detailed
characterization clearly demonstrates that the lack of precipitates in the as-fabricated structure
could be due to the slow tempering response of the alloy. Finally, the needs to develop new alloys
to achieve the objectives stated above are articulated.

Keywords: additive manufacturing; fusion energy; heat-treatment; reduced activation ferritic mar-
tensitic steel; microstructure analysis

1. Introduction

Advanced manufacturing is a disruptive manufacturing process that has found
widespread adoption in the automotive, aerospace and fossil fuel power industries [1-3].
However, the fusion materials community has been slow to capitalize on the benefits of
AM [1]. This is due to the difficulty in the qualification of AM processes, non-availability
of data to bench mark performance of alloys fabricated via AM with those of the wrought
counterparts, and finally a lack of new materials developed specifically for AM [1]. To
address this gap, it becomes necessary to evaluate the feasibility of fabricating these al-
loys, understand the challenges in fabrication and document the performance of alloys
fabricated using additive manufacturing.

When ferritic martensitic steels were considered as structural materials for fusion
reactors in the late 1970s, Sandvik HT9 was the front runner, attracting significant interest
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in the fusion community in the US [4,5]. HT9 is an 11-12% Cr steel with a C content ~0.2
wt.% strengthened by Mo and V carbides after tempering. In the 1980s, the idea of using
low activation materials was introduced to prevent the steels from activating after neutron
irradiation per the guidelines of the US nuclear regulatory commission (10 CFR Part 61)
[4,5]. Such guidelines indicate that typical steel alloying elements, such as Mo, Nb, Ni, Cu,
and N must be eliminated or minimized to obtain ‘reduced activation’. Therefore, alloying
elements, such as Mo, were replaced with W and V, leading to the development of Cr-W-
V alloys [6]. After three decades of alloy development, RAF steels for structural fusion
applications have converged to a nominal 9 wt.% of Cr. The Cr content was optimized
largely based on considerations of a radiation-induced ductile to brittle transition temper-
ature (DBTT) shift. In addition, the steels with 9% Cr were preferred due to the difficulty
in eliminating delta-ferrite in steels with higher Cr (12%) content without Mn, C or Ni
stabilization [7].

The most popular RAF steels are F82H (Japan), EUROFER (Europe) and ORNL 9Cr-
2WVTa (USA) [8]. The chemistries of F82H and ORNL-9Cr-2WVTa are very similar [4,5].
In comparison, EUROFER heats exhibit a lower W content, which makes the alloy less
susceptible to the Laves phase (FeCr)2(MoW) formation [9,10]. The Laves phase is detri-
mental to toughness and typically occurs during long-term aging and post-weld heat
treatment and highly depends on the W content of the alloys. Steels that contain less than
1% W typically do not form a Laves phase, even after extended aging for 10,000 h at 250-
500 °C or at 750 °C for 500 h [11]. Similar experiments on EUROFER steel did not lead to
any Laves phase precipitates after long-term aging at 500 °C for 5000 h and 600 °C for 1000
h [12]. In case of the ORNL 9Cr-2WVTa, the formation of a Laves phase did not occur until
a temperature of 550 °C. Previous studies undertaken demonstrated that the 9Cr-2WVTa
steels have impact toughness and performance close to the Grade-91 steels that needed to
be replaced [13].

Typically, these alloys are used in a normalized and tempered condition. Tempering
leads to the recovery of the dislocation substructure and, consequently, the precipitation
of the dominant carbides M23Cs (60-150 nm) on the lath boundaries and the precipitation
of a fine distribution (20-80 nm) of Nb-based MX carbides [14]. V and Ta, which substitute
Nb as a precipitate former in other alloys, are expected to form favorable MX precipitates.
However, the behavior of Ta is not very clear, with some evidence of Ta remaining in solid
solution and not partitioning in the precipitation process. While M23Cs helps to stabilize
the lath boundaries, MX particles tend to exert a pinning pressure on dislocations and
therefore retard recovery and grain growth [15-17].

According to the current design for the ITER Test Blanket Module, there are six sub-
components, which have to be fabricated and assembled using RAF steels [18-20]: the first
wall, caps, stiffening grid, breeding units, back plates/manifolds and attachment systems
[21]. These assemblies need to be fabricated by welding, which leads to challenges in
maintaining necessary preheat and interpass temperatures [21-23]. During welding it is
crucial to preheat the base material and maintain an interpass temperature to mitigate
hydrogen-induced cracking of RAF steels and other ferritic martensitic steels [18,20]. After
fabrication, it is mandatory to heat treat welds fabricated on RAF/FM steels to temper the
martensite for a time period determined by the thickness of the part, as mandated by the
ASME boiler and pressure vessel code [24]. However, for certain cases, it has been re-
ported that welds fabricated with laser or EB welds can meet the toughness requirements
without any post-weld heat treatment. For instances, welds fabricated on 5 mm thick EU-
ROFER plates using laser and electron beam (EB) welds had a ductile to brittle transition
temperature (DBTT) close to —10 °C and -65 °C, respectively, while those from gas tung-
sten arc welding (GTAW) were close to 25 °C [18]. When the thickness of the plate is in-
creased to 40 mm the welds need PWHT treatment to improve the toughness [18]. It is
important to note that these results are encouraging from the viewpoint that the DBTT
requirements can be met without PWHT. The code, however, does not allow any relaxa-
tion in PWHT requirements [18]. The fundamental reason for the weld technique
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discrepancy was not discussed but could be due to the lower heat inputs in the laser and
EB welds compared to TIG welds. This could contribute to an increase in toughness
through a reduction in the delta ferrite content in the weld metal, as reported by Ariva-
zhagan et al. [25]. Delta ferrite is the first phase to form during solidification of the molten
weld [26-28]. This ferrite transforms to austenite upon further cooling and the austenite
transforms to martensite on cooling below the Ms temperature. However, under non-equi-
librium cooling conditions, the delta ferrite may not transform to austenite and may be
present as stringers along the austenite grain boundaries [26]. During a reheating process,
an increase in the delta ferrite content in the weld is observed, where the weld metal is
reheated in the gamma-delta region. The delta ferrite content is directly proportional to
the heat input with high heat input welds having a higher delta ferrite content [25,26].
Consequently, the low heat input welds, such as narrow gab EB welding and laser weld-
ing, have a smaller heat affected zone and therefore increased toughness is observed.

The other factor affecting the mechanical properties in general (and toughness in par-
ticular) during multipass welding is the degree of tempering of the steel [7]. For example,
it has been observed and documented that weld beads, when thin and wide, allow for a
higher degree of tempering-promoted grain refinement. Thicker weld beads/layers lead
to a drop in toughness due to the lack of grain refinement. These findings have resulted
in the development of temper bead welding [29]. While popular for repairs, there is activ-
ity to use this process to fabricate new welds to avoid PWHT. The temper bead welding,
as the name suggests, utilizes the reheating effects in multipass welding to temper the
previous bead. Once the first layer is welded, a second layer is deposited adjacent to the
first layer. This heat from the second layer penetrates the layer below and tempers the first
layer. In certain cases, part of the first layer is ground off before the second layer is depos-
ited to increase the extent of tempering. This procedure is called the half-bead tempering
process [30,31]. In another modification (“butter-bead” temper bead welding), the heat
input to deposit subsequent passes is progressively changed by changing the size of the
electrode. It has been reported by Bhaduri et al. that the “butter-bead” temper bead pro-
cess is more suitable for welding 9Cr steels [29]. The reason for reviewing this literature
is to present the reader with information on the state-of-the-art welding of these alloys.
While there have been significant strides made to reduce challenges coming from the
weldability of these alloys, most of these challenges remain.

Additive manufacturing is a new manufacturing process, which involves fabricating
the part layer-by-layer from power [3,32] or wire-based feedstock [33,34]. The layer-wise
deposition also necessitates melting and reheating cycles, which has challenges very sim-
ilar to multipass welding. However, the key difference between layer-wise deposition and
multipass welding is the amount of control which can be achieved by systematically al-
tering the spatial and temporal changes to the thermal gradients. This type of control is
unprecedented in this type of manufacturing [35-38]. In addition to greater control during
processing, if the process parameters are carefully controlled in principle, one could per-
form in situ tempering, which could potentially lead to “born qualified parts”. This could
eventually negate the need for expensive post-weld heat treatments and other supply
chain issues that conventional welding-based manufacturing needs [39]. New complex
designs to overcome the unsolved challenge of a divertor concept for Fusion reactors are
possible using AM instead of traditional manufacturing routes. AM excels at high product
complexity and small production volume [40]. However, while great strides have been
made in the ability to fabricate non-weldable Ni-based superalloys without any cracks
[41], the amount of work on AM of FM/RAF steel is limited to a few feasibility studies [2].
Some seminal studies pertaining to the feasibility to fabricate FM steels using laser direct-
energy deposition (DED) have indicated that it is possible to achieve temper bead welding
in HT-9 [3,42]. Previous work on HT9 has demonstrated that by depositing layers that
were ~0.5 mm thick, the subsequent passes led to the precipitation of both M23Cs and MC
carbides and carbonitrides that were in the size range ~80 nm, which, after PWHT, coars-
ened to ~150 nm [1,2]. In the case of HT9, the high delta ferrite content in the as-fabricated
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state of around 15% will limit the maximum toughness. This is probably due to the high
Cr equivalent in the alloy, as detailed by Onoro et al. [43,44]. Future work conducted on a
new FM alloy for Gen 1V fission reactors, designed specifically for AM, also indicated that
it was possible to achieve a toughness level comparable to ODS Eurofer, while achieving
the same levels of strength [3,42]. Toughness was achieved by two primary mechanisms:

1. Balancing the Cr and Ni equivalent to prevent the formation of delta ferrite in the
weld metal.
2. Enhancing tempering by careful control of process parameters.

The key processing goal was to ensure maximum precipitation of MX precipitates in
the previous layer during the subsequent deposition of the next layer. In addition, the thin
and shallow bead size ensures enough tempering in the previously deposited layers.
These successes in the fabrication of steels for fission have sparked interest in evaluating
the feasibility of fabricating RAF steels using AM and identifying the opportunities to
design a RAF alloy tailored for additive manufacturing. However, to start modifying ex-
isting alloys for AM, we need to understand the challenges with the current generation of
RAF steels in the context of AM. The goal of this manuscript is, therefore, to:

1. Benchmark a 9Cr-2WVTa alloy fabricated via AM and rank its performance with
wrought variants of the same alloy;

2. Understand the response of the alloy to post-processing heat treatments and compare
the performance of similar treatments on wrought counterparts;

3. Identify gaps in processing and provide insight into further areas for alloy design
and set the stage for future activities in this area.

2. Experimental Techniques

We deposit a RAF steel developed at Oak Ridge National Laboratory using laser
blown powder additive manufacturing (LAM) and perform detailed mechanical and mi-
crostructural characterization. Four identical (40 x 40 x 10 mm?) samples of Fe-9Cr-2WV
alloy with the chemistry listed below in Table 1 were fabricated using laser blown powder
DED Modulo 450 by BeAM® in Cincinnati, OH, USA, with a laser power of 700 W, travel
speed of 700 mm/min and powder ulkarni rate of 6 g/min. The targeted layer thickness
was 0.5 mm per layer and the actual layer thickness was measured to be around 0.6 mm
per layer. A regular 90° raster was used with a hatch spacing of 0.6 mm. The nominal
chemical composition of comparable RAF steels is presented in Table 2.

Table 1. Chemistry demonstrating the composition of the alloy used for fabrication determined us-
ing CNO-analyzer and inductively coupled plasma mass spectrometry (ICP-MS). The displayed
values are in weight %.

Condition Fe cr W V Ta C Mn N
ORNL 9Cr-2W alloy (nominal)  Bal 90 20 025 0.07 010 040 0.025
Powder chemistry Bal 957 194 036 0.05 0076 036 0.041
Deposit chemistry Bal 9.61 198 030 0.03 0070 036 0.01

Table 2. Summary of chemistries for different FM steels [4,5]. The displayed values are in weight %.

Program Steel C Si Mn Cr W V Ta N B
Japan F82H 01 02 05 80 20 02 004 001 0.003
- JLE-1 01 008 045 90 20 020 007 005 -
Europe OPTIFER I 01 006 050 930 1.0 0.25 0.07 0.015 0.006

- OPTIFERII  0.125 0.04 050 940 - 025 - 0.015 0.006

EUROFER 011 0.05 050 85 1.0 025 0.08 0.03 0.005
USA  ORNL9Cr-2WVTa 010 030 04 90 20 025 007 - -
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Following fabrication, three samples were normalized and tempered using different
conditions. The conditions were:

1. HT-1: 980 °C normalize for 30 min and temper at 750 °C for 120 min;
2. HT-2: 1150 °C normalization for 60 min and temper at 750 °C for 60 min;
3. HT-3: 1150 °C normalization for 30 min and temper at 750 °C for 30 min.

HT-1 uses conditions applied for EUROFER and OPTIFER [45-47], while HT-2 and
HT-3 use the same temperatures utilized for the recent CNA development. HT-2 and HT-
3 exhibit varying normalization and tempering durations to investigate the impact of re-
duced heat treatment times on the delta-phase fraction, lath sizes and precipitate for-
mation.

The heat treatments were performed in an Ar atmosphere to avoid oxidation of the
samples. Following the heat treatment, the samples were extracted for characterization
and sectioned off using a low-speed saw to avoid any damage to the substructure. Fol-
lowing sectioning, pieces were polished to a submicron finish. Samples for optical micros-
copy were then etched using a modified Vilella’s etch to delineate the grain boundaries,
delta ferrite and precipitates. Optical microscopy was performed using a microscope by
Olympus America. Following optical microscopy, the samples were polished with a col-
loidal silica solution for 4 h and scanning electron microscopy (SEM) was performed using
a MIRA 3 SEM by TESCAN USA, Inc. equipped with an Oxford Symmetry EBSD detector
using a probe current of 4 nA. All EBSD data were collected using a 20 kV accelerating
voltage with a 6 nA beam current. Identical step sizes of 0.1 micron were used for all scans.
The printed samples and the investigated areas as well as the position of machined tensile
test samples are shown in Figure 1.

Side SSJ3

Botiom ‘ 'TenSIIe test
f— - -SaMpleS

[
32 mm

Figure 1. Locations where tensile test samples were extracted and three locations labeled “Side Bot-
tom”, “Side Top” and “L-Top”, where microstructures were investigated.

Specimens for transmission electron microscopy (TEM) were prepared using stand-
ard focused ion beam (FIB) preparation. Lift-outs of bulk samples with a length of 20 mi-
crons were subsequently thinned to a thickness of around 100 nm in the regions of interest.
Primary TEM was performed using an FEI (now Thermo Fisher Scientific, Waltham, MA,
USA) Talos F200X scanning transmission electron microscope (S/TEM) operating at 200
kV in ORNL’s Low Activation Materials Development and Analysis (LAMDA) labora-
tory. Energy dispersive X-ray spectroscopy (EDS) was used to map the carbide
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distributions and observe local micro chemical variations. The mapping was completed
using a probe current of ~1 nA and a probe size of less than 1 nm with active drift correc-
tion every 10 s. The spectrum images were recorded using a 1024 x 1024 pixels region with
a 3 x 3 neighborhood averaging filter applied during image post-processing. Spectrum
images were cropped in post-processing to generate the included figures. Mechanical tests
were performed on a SS-J3 specimen. This geometry has been used extensively in the past
to enable in reactor irradiations. SS-J3 specimens with dimensions 0.75T x 1.25W x 5.00%
mm? were extracted perpendicularly and with in-built directions to investigate the direc-
tionality in the properties. The tensile tests were performed at room temperature (RT), 500
°C, 600 °C and 700 °C with a strain rate of 10 s! using shoulder loading.

3. Results
3.1. Microstructure Characterization
3.1.1. Impact of the Investigated Region in the Sample

Microstructure characterizations were performed at three positions labeled “L-Top”,
“Side Top”, and “Side Bottom”, as shown in Figure 1. An overview of the grain structure
and the difference between the boundary (top of each micrograph) and center of the as-
fabricated and heat-treated samples are shown in Figure 2. Each image shows a 3.4 mm
width and 4.9 mm length of the “Side Bottom” cut piece, with the top of each micrograph
showing the cut between the “Side Bottom” and “Side Top” sample, as displayed in Fig-
ure 1. The build direction is from bottom to top in Figure 2. The optical micrographs for
each heat treatment demonstrate a more homogenous microstructure in comparison with
the as-fabricated condition. Some regions were etched less and led to some brighter spots
in comparison, displayed for the EUROFER-like HT-1 and the CNA-like HT-2 micro-
graphs in Figure 2. Those regions exhibited far fewer high angle grain boundaries, but
martensite structures within the prior austenitic grains were clearly visible. EBSD meth-
ods were deployed to identify grain boundaries and kernel average misorientations as a
measure to determine martensite and delta ferrite regions.

Figure 2. Optical micrograph of the “Side Bottom” location of each condition with the build direc-
tion from bottom to top.

Several EBSD maps were taken in the center of the width of each sample in an attempt
to minimize the impact of varying cooling rates between the center and boundary regions,
the goal of which is to give better comparability between the as-fabricated and heat-
treated samples. Grain sizes are shown together with inverse pole figure maps in Figure
3 exemplarily for the as-fabricated condition with a binning of 0.5 micron. The grain sizes
along the build direction (BD) demonstrate a significant difference in the frequency of
small grains—with 55 percent of the grains smaller than 0.75 micron in the “Side-Top”
region in comparison to only 40 percent of the grains exhibiting a grain size smaller 0.75
micron in the “Side-Bottom” region. The observed grain growth appears to be the effect
of an intrinsic heating of the already printed material (i.e., “Side-Bottom”) when new lay-
ers of material are printed on top (prevalent for “Side-Top”). To investigate the impact of
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this intrinsic heating, the mean grain diameters for all areas and sample conditions are
compared in Figure 4.

— T

Side Top

L-Top

Figure 3. Grain sizes at three different center locations in as-fabricated conditions were determined
and are plotted in the top left. IPF maps were taken from the center of each sample. The build direc-
tion is shown in a corner of each IPF map.

4.0 1 o B Side Bottom
A Side Top
35 - ® L-Top
,é_ o Standard Deviation
2304 o °
o}
2 . ) o
g 2.5 - & o °
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g |}
$ 20- 4 o
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1.0 4 -
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& ‘ : ’
& & & &
‘;\9‘0
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Figure 4. Mean diameter of three center areas for as-fabricated and heat-treated conditions. Full
symbols represent the mean diameter, while corresponding open symbols represent the standard
deviation.

The mean grain sizes for the “Side-Bottom” and the “L-Top” areas do not display any
trend between grain size and heat treatment —as shown in Figure 4. However, the “Side-
Top” area reveals a clear trend —that annealing reduces the mean grain size but increases
the standard deviation. HT-2 and HT-3 used higher normalization temperatures in
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comparison with HT-1 and shorter tempering times at the same temperature as HT-1.
There is no difference between HT-2 and HT-3 regarding the normalization and temper-
ing temperatures, but the durations were halved for HT-3. Figure 4 shows that there is no
significant difference in the grain size between HT-2 and HT-3, but a significant difference
between those and HT-1 and the as-fabricated condition. A higher normalization temper-
ature and a shorter tempering duration led to a reduction in the grain size in an area with
its normal direction perpendicular to the build direction.

However, to investigate the impact of additive manufacturing and its intrinsic heat-
ing, tensile test samples were taken from the center of the “Side-Bottom” region, close to
the “Side-Top” region, as shown in Figure 1; all further microstructure characterizations
in this manuscript refer to the “Side-Bottom” region.

3.1.2. As-Fabricated Condition

The samples in the as-fabricated condition demonstrated extensive amount of delta
ferrite and a columnar prior austenite grain structure. The microstructure was predomi-
nantly martensitic and SEM and optical microscopy could not detect the presence of any
carbide/carbo nitride phases. Formation of delta ferrite in these steels has been well stud-
ied and documented. The higher delta ferrite in the sample probably resulted from the
higher Cr content from the high W content in the welds. While previous work has docu-
mented the presence of a layered delta ferrite in this work, delta ferrite occurs as localized
islands. The difference in morphology is probably driven by the differences in the Cr and
Ni equivalent between the alloy studied in the literature and the alloy under investigation.
The mechanism of formation of delta ferrite during reheating or solidification has been
discussed extensively by Sridharan et al. and will not be discussed here [2]. To rationalize
whether these islands form via a reheating mechanism or primary delta ferrite during
solidification, optical microscopy and electron back scatter diffraction was performed, and
the results are presented in Figure 5. Figure 5a,b shows optical microscopy images at dif-
ferent magnifications to demonstrate the uniformity of the sample between the center and
the boundary region. Figure 5c shows the inverse pole figure (IPF) map of the center of a
different area in comparison with the area shown in Figure 3, and Figure 5d displays the
Kernel average misorientation (KAM) map of Figure 5c.

/ ': ‘:\N |
SO LDl <o ¢
As fabricated

dferrite <«

|
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Figure 5. Characterization of the “Bottom” sample in an as-fabricated state (a,b). Optical micro-
graphs showing a martensitic structure with delta ferrite stringers with the build direction from
right to left of the “Side-Bottom” region (c). Inverse pole figure with build direction from bottom to
top (d). Kernel average misorientation maps clearly demonstrating the presence of delta ferrite.

Both martensite and delta ferrite have similar crystal structures with BCC and BCT
lattices, respectively. However, the metastable BCT structure of martensite exhibits higher
dislocation densities and demonstrates a higher KAM value, while the delta ferrites have
a smaller KAM value and correspond to the blue regions in the KAM map in Figure 5d.
The orientation of these delta ferrite grains can then be detected from the inverse pole
figure in Figure 5c. Predominantly, most of the delta ferrite grains have a <100> pole in-
dicative that the delta ferrite does not occur during reheating and is from the solidification
process [48], but some areas, such as in Figure 5, show varying delta ferrite orientations.
To investigate the lath structure and the presence of carbides in the build scanning TEM
(STEM), EDS was performed on the samples, and the results are presented in Figure 6.

EDS map of (b)

Figure 6. STEM micrographs (a—c) and EDS maps showing the absence of precipitates in the as-
fabricated structure.

The TEM micrographs clearly demonstrate the presence of an untempered marten-
sitic structure. The martensitic laths are heavily dislocated, indicating that the subsequent
passes did not temper the microstructure. The EDS maps of vanadium and chromium also
indicate a low density of vanadium nitrides and chromium carbides unlike previous stud-
ies, suggesting that the chemical composition of the alloy used for this study has an in-
creased resistance to tempering in comparison with previously tested alloys [2,49].

Therefore, to optimize the microstructure, a series of post-processing treatments were
performed to understand the relationship between structure and processing. Typically,
ferritic martensitic steels are subject to normalizing and tempering post-processing treat-
ments to eliminate delta ferrite and ensure a high density of refined MX and Ma23Cs
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precipitates [50]. The key is to ensure that the normalizing treatments dissolve pre-exist-
ing carbides and carbo nitrides and the tempering treatments should ensure an optimum
size distribution of precipitates. To optimize the heat treatments CALPHAD-based Pandat
software with an in-house database [51] was used to determine the normalizing and tem-
pering treatments. In addition, two heat treatments were selected to replicate wrought
material treatments. The third treatment was designed to eliminate the delta ferrite. Figure
7 shows the thermodynamic calculations, highlighting the major phases in Figure 7a and
pointing out the precipitate formation in Figure 7b. Figure 7a shows clearly that the nor-
malization temperature for HT-1 (typical EUROFER97 heat treatment) completely trans-
forms the microstructure in fcc gamma at 980 °C but is not high enough to dissolve already
existing V-rich carbides (V,Ta)(C,N), as shown in Figure 7b. Those carbides fully dissolve
at around 1060 °C. CNA-like heat treatments 2 and 3 are set at a higher normalization
temperature to dissolve and precipitate those carbides during the tempering process.
However, HT-2 and 3 are very close to the bcc delta phase region, which could lead to a
localized formation of delta ferrite. The tempering times were carefully chosen to form a
large number of nanosized MX-type precipitates, while limiting the formation of M23Cs
type precipitates. In addition, the tempering temperatures were high enough to avoid the
formation of an embrittling C14 Laves phase.
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Figure 7. Results from Pandat calculations demonstrating the expected microstructure after heat
treatments with different scales of the y-axis. Normalization temperatures are shown in (a) and tem-
pering temperatures are shown in (b).

3.1.3. Heat Treatment-1

This heat treatment was performed to emulate the wrought EUROFER alloys. These
alloys are essentially FM steels designed for fusion; the heat treatments are optimized to
enhance the sink strength by optimizing precipitate size distribution. The optical micros-
copy in Figure 8 shows that the sample (after the described heat treatment) still has some
remnants of the columnar grain structure. While there were some regions that had some
grain refinement due to the nucleation of the prior austenite grains, a significant number
of columnar grains exist. There are some indications of tempering, and the presence of
tempered martensite can be observed from the optical micrographs. Delta ferrite stringers
could not be observed from the optical micrographs with different magnifications pre-
sented in Figure 8a,b. To study the role of this heat treatment on delta ferrite, EBSD was
performed, and the results are presented in Figure 8c,d. Figure 8c shows the inverse pole
figure and Figure 8d shows the KAM map. The KAM map clearly indicates that the mor-
phology of delta ferrite does not change and is predominantly in the interdendritic re-
gions. However, an abnormal large delta ferrite grain was identified. Further scans were
not able to identify more of the abnormally grown grains. In addition, there is a marginal
reduction in the phase fraction of delta ferrite, as summarized in Table 3. The reduction
of the kernel average misorientation in comparison with the as-fabricated material
demonstrates that the material underwent a recovery process. The IPF also demonstrates
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that the delta ferrite does not form during the heat treatment, as observed in heat treat-
ment-1, but is a remnant from the fabrication process. For that reason, controlled intrinsic
heat treatment by optimizing the AM parameters can presumably reduce the formation
of delta ferrite. However, the KAM map demonstrates clearly abnormal grain growth,
which indicates the lack of local precipitate formation, as the precipitates were not able to
inhibit abnormal grain growth.

SO S
:*?f;t

s

Figure 8. Characterization of the samples after PPHT (HT-1 treatment) (a). Optical micrographs
showing a highly directional anisotropic tempered martensite structure (circles), (b) with sporadic
delta ferrite stringers (c). Inverse pole figure (d). Kernel average misorientation maps clearly show-
ing the presence of delta ferrite and abnormal growth in the top left corner of (d).

Table 3. Summary of microstructure features in as-built and heat-treated conditions.

Delta Fer- Martensit MX Num-
Processing .e ater AENS®  MuCs  MzCoNumber  MX i
L. rite Area Lath . . . ber Den-
Condition . . Size/nm Density/m=2  Size/nm K
Fraction % Size/nm sity/m-3
As-built 92+19 284 +22 63+11 1-3 x 10 28 +22 1-2x10w
HT-1 34+04 372+19 82 +43 2-5 x 1019 51+38 2-7x10w
HT-2 52+0.6 332+15 77 +47 4-6 x 101° 24+21 2-5x10%

HT-3 54+1.0 341 +16 64 + 40 4-6 x 10" 18+16 3-6 x 102

The first number is the mean value, followed by the standard deviation as a plus/minus value. The
range for the number densities includes errors from TEM lamella thicknesses and variations meas-
ured in different areas.

A STEM micrograph presented in Figure 9a demonstrates limited recovery in the
martensite laths —possibly due to the lower normalization and tempering temperatures
compared to previously published research on similar RAFM steels [1,2]. While large
M23Cs precipitates could be observed in EDS maps shown in Figure 9b—f, those maps also
show that the finer MX carbides are absent and not observed in the number densities pre-
viously observed. Therefore, to re-confirm this observation, an EDS map at higher
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magnification was recorded and the results are summarized in Figure 10a—f, showing the
STEM image and the associated elemental maps.

Figure 9. STEM EDS micrograph of the area displayed in (a) is showing that the structure is domi-
nated by MX carbides after PPHT (HT-1). The elements Fe, Cr, W, V, and N are shown in (b—f)
respectively.
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Figure 10. STEM micrograph (a) and associated EDS maps (b—f) at high magnifications of HT-1
exhibit a low density of fine MX precipitates.

The results confirm that while both M23Cs and MX coexist, they are not refined. This
has been observed and documented in previous studies, where low austenitizing temper-
atures lead to the coarser precipitates due to incomplete dissolution of preexisting precip-
itates. However, as was observed previously, W segregates almost exclusively to M23Cs,
while the MX precipitates contain mostly V and N. In addition, the precipitates form al-
most exclusively along the prior austenite grain boundaries. It is pertinent to mention that
in comparison to HT-2 and HT-3, a lower normalizing temperature could drastically re-
duce the number density of precipitates and increase the overall size of the precipitates,
as the precipitates do not get dissolved, as shown in Figure 7b. In addition, a high tem-
pering duration of 2 h further facilitates the growth of precipitates but gives enough time
for recovery of the microstructure.

A reduced tempering time could potentially lead to reduced recovery leading to the
observed lath structure as shown in other TEM micrographs [50,52]. The implications will
be discussed in the later sections.
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3.1.4. Heat Treatment-2

This heat treatment was performed to replicate the heat treatments used for CNA
alloys [53]. Note that this heat treatment has a significantly higher normalizing tempera-
ture and a shorter tempering time in comparison to HT-1. The optical microstructures and
electron backscatter diffraction results are presented in Figure 11a-d.

Figure 11. Characterization of the samples after PPHT (HT-2 treatment) (a,b). Optical micrographs
showing a tempered martensitic structure with sporadic delta ferrite stringers (c). Inverse pole fig-
ure (d). Kernel average misorientation maps clearly show the presence of delta ferrite.

The figures show the presence of a refined prior austenite grain size with a tempered
martensitic structure. In addition, the microstructure also has a significant amount of delta
ferrite in the microstructure. The extent of microstructural change is more significant than
observed for heat treatment-1. To elucidate whether this delta ferrite is retained from the
processing or is a result of the heat treatment, electron back scatter diffraction was per-
formed, and the results are presented in Figure 11c,d with Figure 11c showing the inverse
pole figure and Figure 11d showing the corresponding KAM map. Again, we can use the
KAM to identify the orientation of the delta ferrite phases. The KAM map shows a signif-
icant change in the morphology of the delta ferrite phase: The interdendritic delta ferrite
in the as-fabricated condition is broken into localized islands of delta ferrite, as shown in
the KAM maps. Delta ferrite in the as-build condition should transform into austenite
during normalization; however, a larger area fraction of delta ferrite for HT-2 (and HT-3)
in comparison with the low normalization temperature, HT-1, suggests a formation of
delta ferrite during normalization (summarized in Table 3). The CALPHAD calculations
show that the normalizing temperature is close to the two-phase region. This could have
resulted in the breaking up of the delta ferrite phase leading the formation of the observed
microstructure. To investigate the tempered structure and characterize the precipitates, a
more detailed TEM campaign was performed.

TEM micrographs are presented in Figure 12. Figure 12a shows a STEM micrograph
of HT-2, which clearly shows the presence of a tempered martensitic structure with a high
density of precipitates. EDS mapping was performed at a higher magnification to
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understand the overall distribution. Chemistry and morphology of the precipitates are
shown in EDS maps of the region displayed in Figure 12b, which clearly show the pres-
ence of two morphologies of precipitates. EDS maps suggest that the Cr-rich larger pre-
cipitates potentially could be classified as M23Cs and the finer V-rich precipitates could be
V(CN). The nitrogen maps demonstrate preferential segregation of nitrogen to the vana-
dium-rich regions. It is also observed from the EDS maps that tungsten segregates to the
chromium-rich regions.

100 nm 100 nm

Figure 12. HAADF image of the microstructure after HT-2 (a). STEM EDS micrographs of area (b)
are showing the presence of both M23Cs and MX carbides after PPHT (HT-2).

To further understand and identify the precipitates, detailed high resolution TEM
and diffraction patterns were performed on the two types of precipitates. The results are
presented in Figure 13. Figure 13A shows a combined EDS map of Cr and V of a region
from the sample and Figure 13B shows the high resolution bright field micrograph of the
precipitates marked in Figure 13A. Figure 13C,D show the corresponding simulated dif-
fraction patterns using fast Fourier transformation (FFT) from the chromium-rich regions
and the vanadium-rich regions, respectively.
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Figure 13. EDS map of Cr and V of HT-2 (A). HR TEM micrograph (B) of area B is shown with

micrographs (C,D) displaying the FFT of the highlighted areas C and D. The corresponding EDS
map (A) identifies V-rich regions as MX and Cr-rich regions as M23Cs.

Analysis of the diffraction patterns was performed using CrystalMaker Software
Ltd., Oxford, England. ICSD files 155292 (VN), 159870 (VC) and 167668 (M23Cs) were used
for overlayed patterns in CrystalMaker to identify the Cr-rich regions to be M23Cs and the
V-rich regions to be vanadium nitrides or carbonitrides. The differences between VN and
VC are too small to distinguish in the diffraction pattern, but due to the EDS data it can
be concluded that the precipitate is either a vanadium nitride or carbonitride. Similar re-
sults have also been reported in other studies [54].

3.1.5. Heat Treatment-3

This heat treatment was performed to be similar to the second heat treatment, but
with a lower tempering time. The tempering time was reduced primarily to prevent the
coarsening of the precipitates and to prevent extended recovery of the martensite laths.
The microstructural results are presented in Figure 14a—d. The optical micrographs are
similar to what was documented earlier for HT-2 in Figure 11. The high temperature nor-
malizing led to an excessive precipitation of delta ferrite, as shown in the KAM maps.
Based on the interpretations of the KAM maps and the IPF maps it can be hypothesized
that the delta ferrite is primarily a result of reheating (excessive normalizing temperature)
or localized variations in the chemical composition. To investigate the effects of the re-
duced tempering time on the precipitate formation, TEM analysis was performed and the
results are demonstrated in Figure 15. The TEM micrographs demonstrate that with
shorter tempering times, the size of MX and M23Cs precipitates is reduced. However, the
TEM micrograph demonstrates that the reduced tempering cycle and the formation of
smaller precipitates did not serve to reduce the extent of coarsening of the lath structure.
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Figure 14. Characterization of the samples after PPHT (HT-3 treatment) (a,b). Optical micrographs
showing a tempered martensitic structure with sporadic delta ferrite stringers (c). Inverse pole fig-
ure (d). Kernel average misorientation maps indicate the presence of delta ferrite.

100 nm 100 nm

Figure 15. HAADF image of the microstructure after HT-2 (a). STEM EDS micrographs of area (b)
are showing the presence of both M23Cs and MX carbides after PPHT (HT-3).

3.2. Mechanical Properties

The ultimate tensile strength, yield strength and total elongation for all the samples
are shown in Figure 16. For the samples tested at RT, the extent of heterogeneity in the
samples was only marginal. The samples extracted perpendicular to the build direction
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(shown in blue) exhibited a reduction in ductility for the as-fabricated samples in compar-
ison to their wrought counterparts. The results clearly demonstrate that the samples in the
as-built state have a significantly higher strength and lower elongation. That indicates a
martensitic structure with a high dislocation density, as shown in Figure 5. However, dur-
ing testing at higher temperatures, the directionality of the specimens becomes prominent
where the samples extracted perpendicular to the build direction always show a higher
elongation compared to the ones extracted parallel to the build direction. This dependence
on directionality and testing temperature could be a result of the variance of critical de-
fects along the build direction or due to the difference in operating deformation mecha-
nisms.
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Figure 16. Mechanical properties for tensile test samples at different temperatures in all conditions
perpendicular to the build direction (X) and in-build direction (Z). Ultimate Tensile Strength (a),
Yield Strength (b), and Elongation in % (c) were plotted against the test temperature.

As expected, the addition of a heat treatment served to reduce the mechanical
strength and increase the ductility. While the heat treatments corresponding to HT-1 and
HT-2 did reduce the extent of heterogeneity in the samples, the samples subject to HT-3
still demonstrated significant heterogeneity during testing at all temperatures. This could
be due to the decreased tempering time provided to the sample. Another important point
is that the samples were machined out of different locations within each sample, due to
stacked positions, as shown in Figure 1. For the tensile tests, this point was not further
evaluated and potentially has an impact on the deviation within each batch. Therefore,
the here shown values should only be observed as reference points, due to the potential
large deviation and the small sample sizes. However, previous work has demonstrated
that plastic anisotropy exists in the samples along the build direction while normalizing
and tempering treatments did serve to reduce the extent of anisotropy [2]. The current
study indicates that tempering time could also be a variable influencing the extent of ani-
sotropy in the builds. To rationalize these effects and to understand the effects of pro-
cessing on the performance, detailed multiscale characterizations of the builds were per-
formed.

The anisotropy in mechanical properties could result from two contributing factors:
microstructural heterogeneity and porosities and other defects [36]. Therefore, a detailed
characterization was undertaken to quantify the extent of micro porosities in the samples.
Several locations were imaged at different magnifications using the same accelerating
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voltage and probe current to ensure similar brightness and contrast. The void sizes of
several images, such as the one shown on the left side of Figure 17, were calculated using
Image ] software at different magnifications and are plotted for each sample condition on
the right-hand side of the figure.
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Figure 17. Porosity distribution in samples in as-fabricated and heat-treated conditions.

A total of 10, 25, 75 and 90% quantiles are shown together with the mean and median
values to represent the distribution of void sizes. All those values show no significant
changes, which means that the average sizes and the void size distribution do not change
significantly during any heat treatment. Only the HT-2 sample shows a higher number of
small voids and a larger spread of void sizes, while the median and mean values remain
close to the reference as-built condition. The observed distribution of discontinuities is not
sufficient to explain the observed heterogeneity in mechanical properties; therefore, the
differences could be attributed to different cooling rates during the AM process, which
applies to the sample location of each individual sample. Therefore, a larger spread in
values was expected for the mechanical property values shown in Figure 16 due to the
different positions from which each sample has been machined. In addition, while the
extent of discontinuities is similar for all samples, it is pertinent to point the readers to the
drastic reduction in heterogeneity after heat treatments, which suggests a strong influence
of the microstructure on tensile properties.

4. Discussion

The microstructure in the as-fabricated condition consists primarily of martensite
and delta ferrite. The formation of delta ferrite has been documented extensively by Onoro
et al. [43,44]. Detailed Scheil solidification simulations performed for these alloys indicate
that delta ferrite is the first phase to solidify at ~1500 °C and solidification is complete at
1426 °C. After 1426 °C, the delta ferrite starts to transform to austenite until the tempera-
ture reaches 1200 °C [7]. However, this transformation is strongly dependent on the cool-
ing rate and could potentially be suppressed at faster cooling rates. The propensity for
delta ferrite formation is a strong function of the Cr and Ni equivalent in the steel. It has
been reported that when the Cr equivalent exceeds 10.5 the propensity for delta ferrite
formation is high. Potentially, delta ferrite in addition to solidification could also form
during the reheating cycles. Wang et al. have performed several elegant experiments on
the subject material using thermomechanical simulators to simulate welding thermal cy-
cles. They noticed delta ferrite formation when the temperature during reheating was be-
tween 1200-1300 °C. The results on delta ferrite of the study conducted here were
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documented and summarized in comparison with as-build conditions and other heat
treatments in Table 3. It was also observed that the delta ferrite formed at higher temper-
ature does not transform to austenite during cooling and persists in the microstructure
[16].

As discussed in the Introduction, the primary purpose of using additive manufactur-
ing for fusion energy is to leverage the effects of multiple thermal cycles to produce a
tempered martensitic structure with a high density of nanostructured carbides and carbo-
nitrides. Therefore, in addition to the formation of delta ferrite in the as-fabricated condi-
tion, the role of thermal cycles on tempering the previous passes also need to be studied.

The results clearly demonstrate the absence of precipitates in the as-fabricated struc-
ture. This is in stark contrast to previously reported studies, where a high density of
nanostructured carbides was reported during the additive manufacturing of HT9 [1,49].
The authors reported that a higher normalizing temperature would result in a finer pre-
cipitate size and resulted in an increased number density of precipitates during additive
manufacturing of HT9. These differences were driven primarily by the differences in the
as-fabricated structure. In the as-fabricated state, the microstructure had a high number
of MX precipitates that coarsened when normalized and tempered at lower temperature.
In contrast, when normalized and tempered at higher temperatures, the MX precipitates
in the as-fabricated state dissolved and reprecipitated. Therefore, it is necessary to discuss
the absence of carbides in the as-fabricated structure in this case. In this study, precipitates
were found for all heat-treated conditions, with higher normalization temperatures re-
sulting in smaller precipitates similar to the precipitates reported for HT-9.

To rationalize this, the effects of thermal cycles on carbides during welding are re-
viewed to provide some context to the reader. Precipitates dissolve or coarsen depending
on the peak temperature during the layer-wise deposition of the AM process. The carbides
and carbo-nitrides begin dissolving at around 900 °C, and complete dissolution occurs at
around 1100 °C. Therefore, when the peak temperature of the thermal cycle is below 850
°C, the carbides only coarsen [55,56].

Filachioni et al. demonstrated the presence of a range of different carbides in the as-
welded structure of a similar (RAF) steel [57]. Specifically, there are five different types of
carbides: Cr-rich M7Cs and M23Cs, along with W2C, V2C and FesWsC in the as-welded state.
It was also documented that the volume fraction of M7Cs and M23Cs depends on the cool-
ing rate. The volume fraction of M7Cs was higher for GTAW welds compared to EB welds.
Several other studies document the presence of needle-like MsC carbides in single-pass
welds due to auto tempering and M~Cs and M23Cs carbides during multipass welding [57].
However, the EDS maps shown in this study do not demonstrate any evidence for the
formation of the precipitates after AM. The absence of precipitates could only be ex-
plained by the fact that TEM foil was extracted from a local region, where precipitation
did not occur, or the presence of W, which could increase the resistance of the alloy to
tempering. Therefore, more studies are warranted in this area.

We now move to the discussion of the microstructure evolution during post-pro-
cessing heat treatments. From the previous section, it is clear that after post-processing
treatments, the microstructure typically exhibits a reduction in delta ferrite content and
demonstrates recovery of martensite sub-structure and an increase in the number density
of precipitates. These results are summarized in Figure 18. Here, it is obvious from Figure
18a that extended tempering duration coarsen M23Cs precipitates, displayed by the color
of the circles, while the tempering times barely have an impact on the martensite lath size.
However, all heat treatments were successful in reducing the delta ferrite. Figure 18b dis-
tinguishes between M23Cs and MX precipitates and highlights the impact of the heat treat-
ments on those precipitates. All heat treatments have a similar impact on M23Cs by tripling
the number density, but HT-2 and HT-3 demonstrate that the higher normalization tem-
peratures have a positive influence on the size and number density of MX precipitates,
which function as sinks for dislocations and defects created under neutron irradiation. A
shorter tempering time, as in HT-3, demonstrates the lowest coarsening of M23Ce.
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Figure 18. (a) Delta ferrite area fraction, martensite lath size and M23Cs sizes plotted in relationship
to the heat treatment; (b) particle number density and particle sizes of MX and M23Cs precipitates
are plotted for all conditions.

However, there are subtle differences in precipitation, which need to be qualitatively
and quantitatively assessed. For example, additive manufacturing could lead to local fluc-
tuations in compositions that could drive different responses during post-processing. For
instance, it has been reported that N and C segregation during the welding of 9-12% Cr
steels could lead to re-austenitization during tempering and consequently reduce tough-
ness in welds [7]. In another observation, the authors clearly document a difference in the
inter- and intra-granular precipitation of carbides driving the chemical heterogeneity
driven due to the welding process [58,59]. For that reason, it is necessary to understand
whether the tempering responses lead to similar precipitation sequences to those reported
in wrought steels and dictated by thermodynamic equilibrium.

To evaluate the effects of post-processing on the fine structure of the precipitates, the
EDS maps were quantified to quantitatively assess the distribution of different elements
in different precipitates, which are presented in Table 4. In addition, the information is
graphically presented in Figure 19, which shows the distribution of Cr, V and W in MX
and M23Cs, respectively. The data obtained in the present study are contrasted with those
from the literature. Fe was not stripped during the EDS quantification, as it is also an ele-
ment inside M23Cs and MX precipitates, as shown in Table 4.

Table 4. Chemistries quantified from the STEM EDS measurements.

HT-1: 980 °C Normalize for 30 min + Temper at 750 °C for2 h

Phase Volume % Fe Cr W Ta )\ C N
wt.% M23Cs 1.85 4291 3986 1226 031 111 329 0.23
Std. deviation 1.38 1.28 1.32 0.1 0.1 0.21
wt% (V,Ta)(CN)  0.63 46.56 12 1.13 021 3288 064 6.5
Std. deviation 1.5 0.45 0.2 009 108 01
wt.%  Ferrite 98.01 86.6  8.39 2.33 055 0.19 - -
Std. deviation 2.62 0.28 026 0.08 0.03 -
HT-2: 1150 °C Normalization for 60 min + Temper at 750 °C for1 h
wt.% M23Ce 1.95 3450 4825 1065 0.06 111 543 -
Std. deviation 1.13 1.54 116 006 010 0.29
wt% (V,Ta)(CN)  0.19 4547 1099 1.01 0.03 3025 1.68 10.51
Std. deviation 4.59 1.41 068 0.01 316 0.60
wt.%  Ferrite 97.86 88.95 8.79 0.87 - 0.11 - -

Std. deviation 2.69 0.29 0.11 0.03 .
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HT-3: 1150 °C Normalization for 30 min + Temper at 750 °C for 30 min
wt. % M23Cs 1.81 44.00 4046 10.01 0.32 1.17  3.67 0.26
Std. deviation 1.37 1.26 1.05 0.08 0.08 0.17  0.05
wt.% (V,Ta)(C,N) 0.68 55.51 10.45 1.44 059 2274 0.72 740
Std. deviation 1.78 0.42 0.25 0.15 0.79 0.12 0.33
wt. % Ferrite 97.51 85.72  8.59 2.34 1.77 0.21 - -
Std. deviation 2.6 0.28 0.26 0.2 0.03 - -
CALPHAD simulations
Ferrite 97.68 89.56 8.15 1.82 - 0.13 - -
M23Cs 2.071 2446 55.61 12.13 - 1.9 5.09 -
(V,Ta)(C,N) 0.202 0.23 5.38 - 6.33 69.82 258 15.64
TaC 0.044 - 0.14 1.6 88.14 3.34 6.62 0.16
Literature (9Cr-2WYV) [60]
M23Cs - 46.7 4.6 - 0.9 - -
(V,Ta)(C,N) - 8.3 0.5 - 442 - -
Literature (9Cr-2WV-Ta) [60]
M23Cs - 42.1 4.6 - 0.9 - -
(V,Ta)(C,N) - 2.5 0.9 41.2 5.7 - -
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Figure 19. Shows the distribution of elements in MX and M2Cs for all the PWHTs. Cr and W refer
to the left y-axis, V refers to the right y-axis. Cr content in the matrix (around 8.4% to 8.8%) contrib-
uted to the higher amount of Cr measured using STEM EDS.

Due to the surrounding matrix being mostly Fe and to a lower extent Cr, the meas-
ured Fe and Cr values of any precipitate are assumed to be higher than their actual con-
tent. Despite that, the data indicate significant super saturations of Cr experimentally
measured chemistries in the MX precipitates (between 10.5 and 12 percent) compared to
the theoretical calculations from CALPHAD for all three heat treatments. This could be
due to the low tempering temperatures that the samples were subjected to. It has been
previously demonstrated that under conditions of rapid cooling from the normalizing
temperatures the carbides nucleate without any partitioning of substitutional alloying el-
ements by a para-equilibrium mechanism [61,62]. With the increase in tempering
time/temperature, substitutional elements (Cr, V) partition into the carbides [50,62]. There-
fore, Cr partitioning to M23Cs and V partitioning in MX occurs with increase in the tem-
pering time/temperature. In addition, despite the different normalizing temperatures, the
samples after HT-1 and HT-2 do not show any significant difference in chemistry, though
the size distributions are different. While HT-1 and HT-2 are tempered at 120 and 60 min,
respectively, HT-3 was tempered for 30 min. However, the difference in the Cr content in
M2Cs between these precipitates is ~10 wt.%, indicating that Cr partitioning is nearly
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complete in all cases. Therefore, as observed in wrought materials, nucleation of the pre-
cipitates occurs via a para-equilibrium mechanism and growth by a local equilibrium
mechanism. The Cr content also falls in the range reported for wrought variants of similar
RAF steels that were subject to similar heat treatment [60]. A similar trend is also observed
for V partitioning. However, the CALPHAD results demonstrate a higher Cr and V con-
centration compared to what was experimentally observed. This is presumably due to the
fact that CALPHAD assumes chemistries dictated by thermodynamic equilibrium, which
may not always be the case or was not achieved after the here used short heat treatment
times. In general, precipitate formation and growth during tempering are similar to mech-
anisms reported in wrought materials. That indicates that theories used to design heat
treatments for wrought steels could be used to tailor the microstructure of RAF steels fab-
ricated using AM.

The present research attempts to set the stage for future research activities in this
area. While reasonable progress in understanding the ability to process these materials
has been made, the following challenges remain:

1. Parameter optimization: The goal of tailoring the process parameters (laser power,
travel speed and hatch spacing, in particular) should be geared towards not just elim-
inating defects, but also to move towards the paradigm of temper bead deposition.
Temper bead deposition techniques could ensure that the as-fabricated part can be
readily used without the need for any post-processing treatments;

2. Alloy design: This is perhaps the greatest challenge for additive manufacturing of
these materials. All these materials are designed to be processed using conventional
manufacturing. However, far from being equilibrium manufacturing processes, such
as AM, they lead complex spatial and temporal changes in the thermal cycles leading
to different responses in these conventional alloys. In particular, alloys that can lend
themselves to being amenable to temper bead deposition techniques, have low resid-
ual stresses by tuning the Ms temperature, and are capable of forming a high density
of stable carbo-nitride precipitates, need to be developed and investigated.

5. Conclusions

This study demonstrates the feasibility of fabricating RAF steels using blown powder
additive manufacturing. Three different normalizing and tempering treatments were
evaluated. Two are traditionally utilized for EUROFER97 and CNA materials. The third
heat treatment was an experimental short normalization and tempering process.

The mechanical testing results clearly demonstrated that the samples fabricated us-
ing AM showed similar strength levels and elongations to those reported in their wrought
counterparts, despite the presence of minor discontinuities. The presence of these discon-
tinuities seemed to cause a scatter in the tensile elongation disproportionately compared
[33] to the other properties. Detailed characterization over different length scales demon-
strated that the as-fabricated structure had a significant presence of delta ferrite. The delta
ferrite grains were predominantly oriented along the <100> direction, suggesting that
these are remnants from the solidification structure. All conducted post-processing heat
treatments (normalizing) resulted in the significant reduction in the amount of delta fer-
rite in the microstructure from 9.2 to 3.4, 5.2 and 5.4 percent for HT-1, HT-2 and HT-3,
respectively. However, as HT-2 and HT-3 show a higher delta fraction, it can be assumed
that the temperature during normalization was high enough to locally form delta ferrite.

The normalized and tempered structure resulted in a refined dispersion of both MX
and M2Cs. HT-2 and HT-3—with their higher normalization temperature —exhibited a
10-fold increase of MX precipitate numbers in comparison to HT-1, while similarly keep-
ing the M23Cs numbers. Detailed composition measurements of all the precipitates were
compared with those reported in the literature. Similar to what was documented for
wrought alloys, the precipitation sequence for the steel fabricated using AM was also
driven by para-equilibrium mechanisms. The results demonstrate that post-processing
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treatments for RAF steel parts fabricated using AM could be developed by using concepts
that are used to guide heat treatment design for wrought materials. This study has helped
identify gaps that the RAF steel community could focus on by printing parts using AM
that are “born qualified”.
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