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Abstract: This study investigated the microstructural evolution of the weld interface and creep
fracture behavior of 10% Cr martensitic steel welds using Haynes 282 filler metal. The welded joints
were subjected to post-weld heat treatment (PWHT) at temperatures of 738 ◦C for 4, 8, and 15 h.
Creep tests were carried out at 600 ◦C under stress of 200 MPa. The creep rupture life increased with
an increase in holding time for PWHT up to 8 h compared to the as-welded condition. However,
when the holding time for PWHT was further increased to 15 h, creep properties (i.e., rupture life
and creep strain) decreased considerably, and the failure location was found to shift from the ICHAZ
to the weld interface. The microstructural investigation revealed that Type I carbides precipitated at
the weld interface and recrystallized grains with Cr depletion were formed near Type I carbides in
the partially mixed zone during creep exposure. The creep failure at the weld interface began on the
surface and propagated inward through the recrystallized grains of the weld-interface region.

Keywords: dissimilar metal welds; weld-interface failure; creep test; post-weld heat treatment; Type
I carbide; Cr-depleted region; 10% Cr martensitic steel

1. Introduction

In the steam-generating systems of fossil fuel power plants, high-chromium (9–12%
Cr), martensitic, heat-resistant steels have been widely used as structural materials at
elevated temperatures [1,2]. Currently, enhancing the operating efficiency of power plants
by increasing the service temperature and pressure is necessary because of environmental
and economic considerations. Power plants operating at ultra-supercritical (USC) or
advanced USC (A-USC) conditions require heat-resistant materials with enhanced creep
resistance at temperatures above 600 ◦C [3]. To achieve the required mechanical properties
at the service temperature and reduce the cost, Ni-based superalloys are employed for
high-temperature applications above 650 ◦C, whereas advanced high-chromium (9–12%
Cr) martensitic steels are used at temperatures lower than 650 ◦C [4]. Using different
types of materials within the systems requires a dissimilar metal weld (DMW) joint. Ni-
based filler metal is preferred for joining the DMWs between Ni-based alloys and 9–12%
Cr martensitic steels because of its low carbon solubility, high ductility, and excellent
solidification cracking resistance [5].

For successful long-term application in a high-temperature environment, it is necessary
to investigate the microstructural change across the welded joint and its effect on creep
properties. The creep rupture of DMWs between 9–12% Cr steels and Ni-based alloys
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commonly occurs on the steel side because of its relatively lower creep strength [6–8]. It is
reported that premature creep rupture of 9–12% Cr martensitic steel welded joints typically
occurs in the fine-grained heat-affected zone (FGHAZ) or intercritical HAZ (ICHAZ),
known as Type IV failure [9].

Type IV cracking is related to softening of the HAZ, coarsening of precipitates, for-
mation of Laves phase, and lack of sufficient precipitates pinning at the grain bound-
aries [8–10]. The welded joints of 9–12% Cr martensitic steels are generally subjected to
post-weld heat treatment (PWHT) to remove the heterogeneity in microstructure and to
recover the mechanical properties of the welds. Our recent study demonstrates that Type
IV failure resistance improves with an increase in holding time for PWHT up to 8 h at
738 ◦C because of the combined effect of microstructural homogenization and suppression
of the Laves phase formation in the ICHAZ [11]. A longer holding time for PWHT at 738 ◦C
was assumed to be required for optimal creep properties. However, when the holding time
for PWHT was increased to 15 h, creep properties decreased considerably, and the failure
location was found to shift from the ICHAZ to the weld interface. Consequently, there is
a need for the proper selection of PWHT condition to obtain the optimum combination
of microstructure and mechanical properties in accordance with the final requirement of
intended application.

Several authors have reported the possible causes of interface failure of DMWs:
(1) a large difference in the coefficient of thermal expansion (CTE) between the ferritic
and austenitic alloys [12,13], (2) creep voids nucleation and growth around Type I car-
bides [13–15], (3) oxide notch formation at the interface [8,13,16,17], and (4) a sharp change
in microstructure and mechanical properties across the fusion line [13,18,19]. However,
the mechanism of a weld-interface premature failure has not been fully investigated,
specifically in DMWs.

This study focuses on the microstructure evolution of the weld-interface region for
as-welded, PWHTed, and creep tested conditions. Specifically, the mechanism of Type I
carbides formation and their effect on the interface failure in the DMWs of 10% Cr steel
using Haynes 282 filler metal were explored.

2. Experimental Procedures
2.1. Materials, Welding Procedure, and PWHT Conditions

The material used in this study was a 10% Cr martensitic steel plate with a thickness of
10 mm. It was normalized at 1100 ◦C for 1 h and tempered at 700 ◦C for 30 h. We reported
previously that the 10% Cr steel base metal (BM) consisted of a typical tempered martensite
structure with coarse Cr-rich M23C6 and fine V-rich MC precipitates [20]. The AC1 and
AC3 transformation temperatures measured by a differential scanning calorimeter (DSC,
NETZSCH 404C, Selb, Germany) were 852 and 895 ◦C, respectively. Haynes 282 was used
as a welding wire. Chemical compositions of the as-received 10% Cr steel and Haynes 282
filler are listed in Table 1.

Table 1. Chemical composition of the 10% Cr steel BM and Haynes 282 filler metal.

Chemical Compositions (wt%)

C Cr Co Mo W V Nb Ti Al Fe Ni

10% Cr Steel 0.08 9.8 2.7 0.7 1.6 0.2 0.06 - - Bal. 0.05
Haynes 282 0.06 19.44 10.28 8.5 - - - 2.22 1.47 0.32 Bal.

Welding was performed using the automatic gas tungsten arc welding (GTAW) process
with pure Ar gas as the shielding gas. A single V-groove of 60◦ (7 mm in depth) was
prepared for weld deposition. A detailed weld preparation and welding process were
described in the previous study [11]. The voltage and current used in the welding process
were 10–14 V and 236–240 A, respectively. A summary of welding conditions used is given
in Table 2.
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Table 2. Welding conditions applied to produce DMWs.

Welding Current (A) 236–240

Voltage (V) 10–12 (1st pass)
11–14 (2nd pass)

Welding speed (mm/s) 2.0
Shielding gas Pure Ar
Preheat temp. N/A

Interpass temp. (◦C) 48
Filler metal dia. (mm) 2.4

Section I in the ASME Boiler and Pressure Vessel Code requires the PWHT of 9–12%
Cr steels to be carried out in a temperature range of 675–785 ◦C. After welding, the PWHT
was carried out at 738 ◦C for a holding time of 4, 8, and 15 h. The temperature of 738 ◦C is
in the normally recommended PWHT temperature range for 9–12% Cr steels and lower
than the AC1 temperature of the BM.

2.2. Creep Testing

Creep tests were performed at 600 ◦C with an applied stress of 200 MPa using an ATS
(series 2300) machine. Cylindrical specimens with a gauge diameter of 4 mm and a gauge
length of 25 mm were employed for creep tests. The welded joint was in the center of the
specimen and within the gauge length, as described in our recent work [11]. To investigate
the weld-interface cracking mechanism, creep interruption testing was conducted at 630 ◦C
under the stress of 150 MPa for the welded joint with a PWHT temperature of 738 ◦C for
15 h.

2.3. Microstructural Characterisation

Metallographic examinations of the welded joints were carried out under the as-
welded, PWHTed, and creep tested conditions using a light optical microscope (LOM,
Olympus_BX53M, Tokyo, Japan), scanning electron microscope (SEM, JSM_7001F, Ak-
ishima, Japan), and field emission scanning transmission electron microscope (FE-STEM,
Thermo Fisher Scientific Talos F200X, Waltham, MA, USA). For the microstructure charac-
terization by LOM and SEM, the specimens were polished and etched in Vilella’s reagent
(1 g picric acid + 5 mL HCl + 100 mL ethanol). Backscattered electron (BSE) images of
SEM were used to distinguish the W and Mo-rich Laves phase (bright contrast) from
M23C6 particles (dark contrast) [21]. A TEM microanalysis of the weld-interface region
was performed on the specimens prepared by the focused ion beam (FIB, Thermo Fisher
Scientific Scios2, Waltham, MA, USA) technique. Selected area electron diffraction (SAED)
was used to determine the crystal structure of the phase.

The chemical compositions and element distribution were analyzed by energy dis-
persive spectroscopy (EDS) and electron probe microanalysis (EPMA), respectively. The
location of the FCC/BCC interphase boundary was identified via an electron backscatter
diffraction (EBSD) phase map, and a kernel average misorientation (KAM) analysis was
used to evaluate the strain accumulation in the weld-interface region. Variation in austen-
ite transformation temperature (A3) across the weld-interface region was determined by
Thermo-Calc software (Stockholm, Sweden) using the TCFE9 database.

3. Results and Discussion
3.1. Effect of PWHT Holding Time at 738 ◦C on Creep Rupture Behaviour

Creep curves of the 10% Cr steel DMWs under various PWHT conditions are shown
in Figure 1. The as-welded specimen ruptured at 2763 h (~40% below base metal). The
specimens with a PWHT temperature of 738 ◦C for 4 and 8 h were ruptured at 3242 and
5043 h, respectively. However, for the specimen with a PWHT temperature of 738 ◦C
for 15 h, the creep properties (rupture life and creep strain) decreased considerably. The
variations in the creep rupture life and strain under the various PWHT holding time at
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738 ◦C are shown in Figure 2. All the welded joints exhibited lower creep properties
compared to the 10% Cr steel BM.
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Figure 3 shows the failure location of ruptured specimens subjected to creep defor-
mation. The as-welded (no PWHT) specimen that was ruptured at 2763 h was fractured
in the ICHAZ (close to the FGHAZ), commonly known as Type IV failure [9]. The creep
rupture life increased with an increase in PWHT holding time up to 8 h compared to the
as-welded condition. The specimens with a PWHT temperature of 738 ◦C for 4 and 8 h
were also fractured in the ICHAZ (Figure 3a,b).
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For the specimen with a PWHT temperature of 738 ◦C for 15 h, the creep properties
(rupture life and creep strain) decreased considerably, and the failure location was found
to shift from the ICHAZ to the weld interface (Figure 3c). Moreover, on the opposite side
of the fractured surface, Type I carbides and creep voids were observed along the weld
interface after the creep test. Remarkably, a small notch was observed at the weld interface
in the 738 ◦C-8 h PWHTed creep specimen, even though the Type IV failure occurred in
the ICHAZ with the maximum creep life (tr: 5043 h), and the interface crack propagated
along the weld interface from the specimen surface (Figure 3b). This implies that the
preferential accumulation of creep deformation occurred at both the ICHAZ and the weld
interface. Our previous study reported that Type IV failure resistance improved with
increasing PWHT holding time at 738 ◦C, owing to the combined effect of a homogenized
microstructure and suppression of the Laves phase formation in the ICHAZ [11]. Therefore,
sufficient PWHT at 738 ◦C could concentrate more stress/strain at the weld interface rather
than in the ICHAZ during the creep test.

3.2. Microstructure Evolution and Type I Carbide Formation at the Weld Interface

The microstructure and EPMA analysis results across the weld-interface region under
the as-welded condition are shown in Figure 4. In the coarse-grained HAZ (CGHAZ)
near the fusion boundary, most of the precipitates dissolved in the matrix because of high
peak temperature for welding, and the structure transformed first to austenite and then
to martensite [22,23]. Within the fusion zone near the fusion line, a partially mixed zone
(PMZ, ~15 µm in width) formed. In this zone, the composition changed gradually from
that of the fusion zone to that of the BM [13,24,25]. In the PMZ (Figure 4b), Ni and Cr
contents increased, and Fe content decreased from the 10% Cr steel BM toward the Haynes
282 weld metal (WM). The weld interface between WM and CGHAZ is indistinct because
an increase in Cr and Ni contents at the weld interface makes this region resistant to etching
by Villela’s reagent (Figure 4a).
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To investigate the detailed-microstructural characteristics of the weld-interface region,
an FIB specimen for the TEM analysis was extracted from the fusion boundary marked
by a yellow line in Figure 4a. Figure 5a shows a bright-field TEM image with an EDS
line analysis. The interface band (~0.5 µm in width) was observed in the PMZ adjacent
to the fusion boundary; however, there were no abrupt chemical composition changes
across the interface band. The SAED of the WM corresponded to the FCC structure because
of the Haynes 282 filler metal (Figure 5b). However, the interface band was confirmed
as the BCC structure by a SAED analysis (Figure 5c). The chemical composition in the
interface-band region is similar to the HAZ because insignificant mixing occurred with
the filler metal, but it had a slightly high Ni content. The Ni element, a strong stabilizer
of FCC, tends to decrease martensite start (Ms) temperature [13,19]. During welding,
the 10% Cr steel HAZ adjacent to the WM was austenitized (FCC in structure) where
temperature exceeded the austenite transformation temperature (A3). Upon cooling, a
martensitic transformation (BCC in structure) occurred in the HAZ (Figure 5d). As the
cooling progressed, it was expected that the interface-band region subsequently transforms
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into martensite. Martensite transformation did no longer form in the fusion zone where Ms
temperature dropped below room temperature. The interface band consisted of FCC/BCC
boundary and fusion boundary, respectively, for the WM and BM sides.
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The SEM microstructure and EDS analysis results of the weld-interface region after
PWHT at 738 ◦C for 15 h are shown in Figure 6a. The PWHT changed the martensite to
the tempered martensite, consisting of the precipitates in the HAZ. Large Cr-rich M23C6
carbides were distributed along the grain, packet, and block boundaries. Furthermore,
small Cr-rich M23C6 carbides were observed near the weld interface in a row, which is
known as Type I carbides [13,26]. Importantly, precipitates were not observed between the
FCC/BCC boundary and the row of Type I carbides. Figure 6b shows TEM/EDS analysis
results of the FIB specimen extracted from the fusion boundary marked by a yellow line in
Figure 6a. The bright-field (BF) TEM image and EDS elemental mapping results correspond
well with the Cr-rich carbides distribution. The chemical composition in the interface-band
region along the white dotted line (Figure 6b) showed an abrupt increase in Cr near the
weld interface. Type I and small Cr-rich carbides were produced ~0.3 µm away from the
FCC/BCC boundary within the interface band.
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Figure 7 shows the nano-indentation and EBSD (phase map, unique grain color map
and KAM) analysis of the weld-interface region after PWHT at 738 ◦C for 15 h. Because the
depth of the nano-indentation tip was extremely small (~200 nm), the nano-indentation
test was performed on the as-polished specimens (i.e., before etching). The HAZ hardness
decreased considerably after PWHT because of the evolution of precipitates as a result
of a tempering reaction and the formation of tempered martensite [27]. The phase map
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indicated a BCC and FCC, respectively, in HAZ and WM, and the KAM showed that
considerable strain accumulated in HAZ, therefore confirming that the HAZ was occupied
with tempered martensite. Importantly, however, fine grains (~0.5 µm width) with a locally
high hardness value were observed inside the weld interface.
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respectively.

Detailed composition analysis was conducted to identify the mechanism of the fine
grain and Type I carbide formation. A comparison of Figures 5a and 6a reveals that the
chemical composition in the interface-band region after PWHT is similar to that in the
as-welded region except for the M23C6 carbide. Using the chemical composition measured
by TEM/EDS across the weld-interface band under as-welded condition (Figure 5a), the
variation in austenite transformation temperature (A3) was thermodynamically calculated
by Thermo-Calc software (Figure 6c). The A3 temperature normally decreases with increas-
ing Ni content [18,19]. It is assumed that a portion of the interface band with relatively
high Ni content was austenitized during the PWHT at 738 ◦C because the A3 temperature
was lower than the PWHT temperature. Therefore, fine-grained austenite could form in
the interface band near the WM, which subsequently transforms into fine martensite on
cooling from the PWHT temperature. Shin et al. [18] and Falat et al. [3] also reported the
formation of martensite at the fusion boundary after PWHT. The newly formed fine marten-
site was considered for the higher hardness of the weld interface than the neighboring
regions (Figure 7a). During the PWHT, large numbers of precipitates were formed at the
grain/packet/block boundaries of the CGHAZ (Figure 6a). However, a precipitate-free
matrix was observed in the fine grain newly formed from the interface band because that
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region should be austenite during PWHT, which has a high solubility for carbon [13,14].
Thus, Type I carbides (a series of small M23C6 carbides) formed preferentially along BCC
(fresh martensite of the interface band near the WM)/BCC (tempered martensite of the
interface band near the BM) boundary during cooling from the PWHT temperature.

The evolution of the weld-interface band was observed after welding, and it is associ-
ated with Ms temperature changes owing to the chemical-composition gradient in the PMZ.
During PWHT, the austenitized-fine grain led to the formation of a row of carbides (Type I
carbides) in the interface-band region. Figure 8 schematically illustrates the development
of the weld-interface band and Type I carbide. During welding, PMZ was formed near
the BM (Figure 8a). After welding, the interface band was formed in the PMZ, and it was
solidified as austenite and then transformed to martensite (Figure 8b). During PWHT,
M23C6 carbides were precipitated along the grain/packet/block boundary in the HAZ,
and small Type I carbides were distributed along FCC (austenite)/BCC (martensite) grain
boundary (Figure 8c). After PWHT, numerous small Type I carbides were formed along
BCC (fresh martensite)/BCC (tempered martensite) boundary on cooling from the PWHT
temperature (Figure 8d).
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3.3. Weld Interface Creep Failure Mechanism

Figure 9a shows the SEM microstructure of the weld-interface region (non-fractured
side) of the 738 ◦C-15 h PWHTed specimen after the creep test at 600 ◦C with applied stress
of 200 MPa. The corresponding BSE image is shown to distinguish the W and Mo-rich Laves
phase (bright contrast) from the Cr-rich M23C6 particles (dark contrast). Some Laves phase
((Fe, Cr)2(W, Mo)) particles were distributed with the M23C6 carbides. The precipitation of
the Laves phase is normally considered to reduce the creep strength because the nucleation
and growth of the Laves phase are promoted by the diffusion of W or Mo from the matrix
to the Laves phase, which results in the loss of solid solution strengthening [28]. The Type
I carbides after creep rupture were much coarser than the M23C6 carbides in the CGHAZ
before the creep test. This implies that additional precipitation of the M23C6 carbides in the
newly formed martensite occurred mostly near the Type I carbides during creep exposure
at 600 ◦C.
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Figure 9b shows TEM/EDS analysis of the FIB specimen, which was extracted from
the fusion boundary after the creep test as indicated with a yellow line in Figure 9a. A
bright-field TEM image revealed that polygonal subgrains were only formed within the
interface band, implying that significant local recovery occurred in this region during the
creep test. This is attributed to the refinement of the prior austenite grain (PAG) size before
creep. Morito et al. [29] and Takaki et al. [30] showed that the martensite structure has only
one packet/block whose PAG size was less than 2 and 1 µm, respectively. The packet/block
number is considerably reduced when the PAG size is below 10 µm [31,32]. Owing to
the limited packet/block boundaries, M23C6 carbides were preferentially nucleated and
grown on those PAG boundaries along the Type I carbides during creep exposure. The
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TEM/EDS elemental mapping confirmed that Type I carbides and Laves phase particles
were distributed along the recrystallized grain boundary (Figure 9b). Precipitates of the
packet and block boundaries in the martensitic steel play a significant role in maintain-
ing its high creep strength by stabilizing the subgrain structure against coarsening and
recrystallisation [33]. Thus, the fine-martensite grain without packet and block boundaries
underwent extensive recovery and subgrain growth by reducing the pinning effect.

Figure 10 shows the segregation of Cr, W, and Mo elements to the grain/packet/block
boundaries measured by EPMA. The higher concentration of Cr along the weld interface is
associated with the Type I carbide, and the Cr-depleted region formed in the interface-band
region was observed near the row of Type I carbides. At the weld interface, additional
precipitation of the Cr-rich M23C6 carbides expense Cr solutes from the matrix adjacent
to the carbides during creep exposure occurred, which resulted in the formation of the
Cr-depleted region near the Type I carbides. Remarkably, the creep voids were observed
along the Cr-depleted region of the weld-interface region. Furthermore, the high W and
Mo concentrations contributed to the formation of Laves phase precipitates near the Type I
carbides (Figure 9b).
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To investigate the microstructure evolution and failure mechanism of weld interface
during creep exposure, a creep interruption test was conducted. Figure 11 shows the
SEM and EBSD (phase map, unique grain color map, and KAM) analysis results of the
weld interface near the crack tip after the creep interruption test for 1600 h (creep strain
~ 1%). Numerous creep voids were observed between the FCC/BCC boundary and the
row of Type I carbides along the weld interface (marked with yellow arrows in Figure 11a).
Figure 11b shows the weld-interface region undergoing a considerable decrease in strain
accumulation during the creep test. In comparison with Figure 7b–d (before the creep test),
the microstructures of the weld-interface region were completely recrystallized after the
creep test. Creep-void nucleation is typically associated with the stress/strain concentration.
Laha et al. [7,19] and Krojer et al. [3] showed that the preferential concentrations of the
creep deformation were observed in the ICHAZ and the weld-interface region. By applying
prolonged PWHT at 738 ◦C, a homogenized microstructure of the 10% Cr steel HAZ was
obtained [11]. Thus, the stress concentration was higher at the weld interface than in the
ICHAZ. Moreover, the strength of the weld-interface region decreased by the loss of the
solid solution strengthening effect of Cr, W, and Mo owing to the formation of the Cr-rich
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Type I carbides and Laves phase during creep exposure. Therefore, the soft recrystallized
grains of the interface region were preferentially deformed under the applied creep stress in
the study. The discontinuities such as Type I carbides, Laves phase particles, and FCC/BCC
interphase boundary provided preferred nucleation sites for creep voids.
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interruption test: (a) SEM image and (b) EBSD analysis (phase map, unique grain color map,
and KAM).

For all the creep specimens with weld interface cracking, interface cracking always
initiated from the surface and propagated inward through the subgrains between the
FCC/BCC boundary and the row of Type I carbides (Figures 3b and 11a). Figure 12 shows
the SEM/EDS elemental distribution of the crack-propagation region at the weld interface.
Oxidation along the interface crack was observed. The oxide notch is known to be produced
at the interface and it leads to interfacial failure by the growth of the oxide [8,16,17]. Because
of the relatively poor oxidation resistance of the Cr-depleted region and the difference
in creep strength between austenitic WM and ferritic BM, uncoordinated deformation
should induce an oxide-notch initiation [8,34]. In the presence of geometric discontinuities
such as notches, localized creep takes place in a small region near the notch root [35,36].
Once a crack was initiated ahead of the oxide notch, crack propagation occurred along
the soft recrystallized grains of the weld-interface region under the external creep stress
(Figure 11a), providing fresh surface to be exposed to the air to promote the oxidation.
Moreover, crack propagation through this interface region became dominant by the creep
voids formed ahead of the crack.
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4. Conclusions

In this study, the microstructural evolution of the weld interface was associated with
the creep fracture behavior of 10% Cr steel welds using Haynes 282 Ni-based filler metal.
The creep tests were carried out at 600 ◦C under a stress of 200 MPa, and it was found
that excessive PWHTs accelerated the premature failure of the weld interface. The main
conclusions are as follows:

The creep life of the PWHTed joints at 738 ◦C increased with an increase in the PWHT
holding time up to 8 h compared to the as-welded condition. However, when the holding
time for PWHT was increased further to 15 h, creep properties decreased considerably,
and the failure location was found to shift from the ICHAZ (Type IV failure) to the weld
interface.

The evolution of Type I carbides was observed after PWHT, and it is associated
with the austenitized fine grain in the weld-interface band during PWHT, owing to the
chemical-composition gradient in the PMZ.

During creep exposure, the weld-interface region produced a soft subgrain structure
and poor oxidation resistance owing to the extensive recovery and additional Cr-rich Type
I carbides formation, respectively.

Weld-interface failure was initiated by an oxide notch on the surface of the Cr-depleted
region in the weld-interface region and then propagated along the soft recrystallized grains
of the weld interface by stress/strain concentration under the creep stress.
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