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Abstract: The role of kinetically and thermodynamically driven microstructural evolution on
FeNiZr was explored through in situ XRD analysis. A statistical approach based on log-likelihoods
and composite link model was used to fit and extract important data from the XRD patterns.
Best practices on using the statistical approach to obtained quantitative information from the XRD
patterns was presented. It was shown that the alloyed powder used in the current study presents
more thermodynamic stability than previously reported ball-milled powders. Based on hardness
values, it was shown that mechanical strength is expected to be retained at higher processing
temperatures. Lastly, a 2-dimensional heat transfer model was used to understand heat flow through
the powder compacts.

Keywords: microstructural evolution; XRD; penalized likelihood analysis

1. Introduction

The promise of alloy design through control of a material’s microstructure has led to a substantial
amount of work towards developing stable bulk nanocrystalline (NC) metals over the last several
decades. These NC microstructural features are desired for their known correlation to mechanical [1],
radiation tolerance [2–4], and shock loading [5,6] properties. However, there has been limited success in
developing stable NC alloys, with the exemption of a few notable truly thermally stable systems [7–10].
This is due to competing kinetic and thermodynamic mechanisms that arise with an increase in
temperature, e.g., grain and phase evolution. Therefore, understanding these mechanisms will enable
the development of truly stable NC alloys only accessible for a limited number of material systems.

Typically, the stability of these bulk NC systems is understood from a kinetic versus
thermodynamic perspective. The most understood kinetic mechanism is known as Zener pinning,
where secondary phases are introduced to pin grain boundary motion [11–13]. One of the limitations of
this mechanism is the need to have efficient spacing between pinning features, otherwise unconstrained
grain growth will result [14]. From a thermodynamic stabilization standpoint, solute drag has been
suggested as a mechanism to enhance NC stability by arresting growth kinetics [15]. Solute drag occurs
when solute atoms segregate to interfaces enveloping grain boundaries and lowering their chemical
potential, which inhibits their motion [16,17]. In fact, solute drag can be considered a crossover
mechanism where the solute presence on the grain boundary affects the mobility as well as reduces
the thermodynamic driving force. This inherently means that solutes in grain boundaries lead to an
increase of grain boundary mobility activation energy, while at the same time decreasing the excess
grain boundary free energy. Koch et al. suggested that Zener pinning is more stable for NC metals
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(<100 nm) at high homologous temperatures [18]. Moreover, thermodynamic stabilization has gained
attention due to the intrinsic applicability to alloy design [19,20]. Nonetheless, it is often difficult to
determine which stabilizing mechanism dominates for a particular material system [19,21].

A common technique for producing NC metals is mechanical alloying (MA), which blends
different powders by cold-welding and fracturing [22]. This technique can have the added benefit of
producing high purity alloyed powders from elemental powders. Therefore, it has been widely used
in the development of NC metals. Iron-based alloys are of special interest because of the wide range of
applications for steel alloys, which yields many opportunities for developing alternative materials.
Some systems that have received notable attention include Fe–Al [23,24], Fe–Cr [25], Fe–Cu [26,27],
Fe–Ni [28], and Fe–Zr [29], amongst others. The latter two, where Ni and Zr lead to a decrease in the
phase transition temperature and grain boundary stabilization, respectively, motivated development
of Fe1−x−yNixZry alloys [4,30–33], which result in a decrease in phase transition temperature and
grain boundary stabilization from the Ni and Zr additions, respectively. Alloying with Zr increases
the likelihood of oxides forming due to its affinity for oxygen, which results in an oxide dispersion
strengthened (ODS) alloy [34]. This special alloy subclass has been widely studied for nuclear fission
reactor structural applications due to their stability at higher temperatures [4,35]. Kotan et al. showed
that this alloy is kinetically stable to temperatures up to 700 ◦C. However, it has been shown that
the ferrite-to-austenite transitions (α → γ) can be measured through XRD at lower temperatures
(∼630–650 ◦C) [31,33].

Recent work exploring the competing mechanisms between kinetically and thermodynamically
stabilized NC alloys has focused on understanding and harnessing the phase transition kinetics to
enable true stability [33,36–38]. Huang et al. showcased the importance of this interplay through a
detailed study on the Fe91Ni8Zr1 α→ γ where they observe that grain growth is constrained by the
reverse austenite (γ) transformation. To add to this understanding between phase transformation and
grain growth in Fe91Ni8Zr1, a detailed in situ evolution study across multiple isothermal conditions
is performed. One of the more interesting features of this alloy is that it undergoes polymorphic
transformation at temperatures similar to where unconstrained grain growth is observed. This makes
it a great candidate for studying the interplay between kinetically and thermodynamically driven
microstructural evolution [38]. To better understand the relationship between phase transformation
and grain growth in Fe91Ni8Zr1, high-throughput (HiTp) in situ X-ray diffractometry (XRD) is used to
characterize the evolving microstructure. A penalized likelihood fitting procedure is implemented
to approximate the observed data [39]. This statistical approach is used to analyze microstructural
evolution, e.g., grain size and phase amounts. Lastly, a 2D thermal transport simulation is presented to
comment on the expected thermal state during the XRD measurements.

The main objective of this work is to demonstrate the applicability of a statistical based
fitting algorithm to quantify the microstructural and thermodynamic evolution of the FeNiZr alloy.
While common-practice methods like the Rietveld refinement are great at quantifying XRD patterns,
they require a priori knowledge of the observed microstructure, and can be cumbersome when
analyzing a large data set. The proposed methodology is able to fit XRD patterns without a priori
knowledge of the underlying microstructure. Furthermore, it can also be easily used to extract
important microstructural features like average grain size and phase concentration. Also, due to this
flexibility, it can easily be incorporated into HiTp frameworks to analyze large datasets.

2. Experimental Procedure

2.1. Mechanical Alloying

The Fe91Ni8Zr1 (at. %) ternary alloy was investigated to fully characterize the thermodynamic
stability of the NC Fe-rich alloys. The NC powders were alloyed by mixing 800 g of high purity
elemental powders (Fe—99.9% from American Elements, Ni—99.9% from American Elements and
Zr—99.5% from Materion). The initial elemental powders are stored and loaded into the milling vessel
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in an Ar filled glovebox to minimize exposure to oxygen (≤20 ppm). The MA was performed in a
ZOZ CM08 rotary ball mill (Zoz GmbH, Wenden, Germany) with a 10:1 ball to powder mass ratio of
1/4” stainless steel balls. A positive pressure of Ar is maintained within the milling vessel during
the milling process again to minimize exposure to oxygen. Alloying of the powder was for 30 h
at sub-zero temperatures, which limits the amount of cold-welding and increases alloying through
fracture. This resulted in a homogeneous unagglomerated alloyed NC powder with particle sizes
between 5–100 µm. The milled powder was then transferred to air tight containers, sealed, and stored
within the glovebox to further limit exposure to air.

2.2. In Situ XRD Characterization

Microstructural evolution was monitored at elevated temperatures through in situ XRD analysis
performed with an Anton Paar HTK 2000 N fitted with a PW3376/00 Co LFF DK184436 tube.
This source allows for optimization of the peak-to-noise ratio inherent from Fe absorption of Cu
radiation. A thin layer (∼1 mm) of alloyed powder was placed on top of a Pt heat strip holder, which
was then aligned to the diffractometer optical axis. The chamber was depressurized to approximately
1× 10−5 Torr and filled with forming gas (97% Ar/3% H) to prevent oxidation of the samples during
the in situ measurements. Samples were then resistively heated to the target temperature with the
maximum heating rate (350–400 ◦C/min) and held at temperature for 60 min. Diffraction patterns of a
limited diffraction range (48–55 deg) were collected every minute for an hour, with a collection time of
approximately 20 s, quantifying the quasi-instantaneous structure. This scanning frequency results in
HiTp microstructural information. This limited diffraction range was chosen because it is known to
contain the bcc (110) and fcc (111) diffraction peaks, which enable observation of the phase transitioning.
This procedure was repeated for 700, 800, 900, and 1000 ◦C isothermal conditions. After cooldown,
a final scan at room temperature (RT) was performed to characterize the resulting microstructure for
each condition. The XRD patterns were analyzed by a penalized likelihood smoothing approach [39],
and these patterns were used to calculate grain size via the Scherrer method [40]. The diffraction peak
full-width-half-max (FWHM) was used to calculate the grain size since it is less sensitive to background
removal than the integral breadth approach. Lastly, instrumental broadening was corrected by applying
the same analysis to the LaB6 standard.

2.3. Hardness Measurements

Vickers hardness measurements were performed on 3 mm diameter compacts of the various heat
treated conditions. The compacts were made by pressing ∼0.1 g of powder to 3 GPa within a 3 mm
diameter WC die set. These compacts were then annealed in a tube furnace under a forming gas to
prevent oxidation at the same temperatures as those used for the XRD studies. Samples were annealed
for 20, 40, and 60 min and then were allowed to cool to room temperature. The furnace heating rate
was approximately 110 ◦C/min. Hardness measurements were taken using a Wilson Tukon 1202
micro-hardness tester equipped with a Vickers diamond-pyramid indenter from the polished surfaces
of the various heat treated specimens.

3. Results and Discussion

3.1. XRD Characterization Methodology

To fully characterize the microstructural evolution, in situ XRD patterns were collected during
short dwell times. One of the limitations of analyzing patterns obtained within short collection times
at elevated temperatures is that the resulting patterns tend to be noise prone. The noise arises from the
limited signal count and the vibrational frequency of the excited atomic structure. Typical approaches
to characterizing XRD patterns, to include the Rietveld refinement [41], assume the XRD patterns
follow a symmetric probability distribution, e.g., Gaussian distribution. Due to the complex kinetic
and thermodynamic evolution captured in this work, the resulting patterns tend to be asymmetric.
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Furthermore, due to the HiTp data collection process, a large amount of data is collected. Therefore,
developing a systematic approach to analyze the data is of utmost importance. In order to best
overcome these limitations, a penalized log-likelihood (PL) scheme developed by de Rooi et al. [39]
was adopted. The PL method specifies a set of statistical parameters that maximize the likelihood that
the observed data is most probable, as predicted from a statistical model, and has the form

L(µi|yi) = yi log µi − µi − log yi! (1)

where yi is the XRD pattern intensity at a 2θ Bragg diffraction angle and µi is the intensity estimator.
Additionally, de Rooi et al. also presented a technique based on the composite link model, which allows
for the decomposition of the approximated pattern to be separated into Kα1 and Kα2 components.
This decomposition enables Kα2 removal for quantitative grain size calculations. This approach has
been successfully implemented to XRD patterns from bulk samples, thin films and standards [39],
nanotubes/wires [42] and single crystal topological crystalline insulators [43]. While traditional
approaches like Rietveld refinement do not require the XRD patterns to be smoothed or decomposed
into Kα1 and Kα2 components for qualitative analysis, these techniques require a priori knowledge of
the expected microstructure. The PL method is “material agnostic” in the sense that it will be able to
analyze the patterns without a presumed atomic structure.

Figure 1a shows an example of PL smoothing and is compared to a pseudo-Voigt fit, which shows
these fits to be of comparable performance. An important intrinsic feature about the PL method is
that you can obtain a confidence interval, shown as the green bands on Figure 1a, yielding a statistical
measure of the goodness of fit (see Supplemental Information). Since the smoothing method employed
is based on the use of B-splines, care must be taken to choose the proper number of spline segments
(ns). Figure 1b shows the resulting fits for three ns values. If too few segments are used, the splines
are unable to properly approximate the XRD pattern. However, including too many segments will
lead to an over fitting of the curve. To determine the optimal number of segments, the mean square
error (MSE) and Pearson-correlation were calculated as a function of ns (see Supplemental Information
Figure S1). It can be seen that for ns = 40 both these metrics begin to plateau, meaning that little
information is gained from increasing ns. It is shown that the PL method tends to perform badly when
fitting at the diffraction angle extremes, especially when the data is overfit (i.e., ns = 200). This is likely
a result of trying to extrapolate an overfit B-spline of a noise prone signal.
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Figure 1. Example of the smoothing and fitting schemes. (a) Shows the differences between a traditional
pseudo-Voigt and the PL smoothing for the as milled powder. The error for each fit is shown below the
pattern. The green bands correspond to the PL 95% confidence interval. (b) Shows the influence of the
number of spline segments on the goodness of fit. Too many segments lead to over fitting, while too
few does not capture the proper pattern shape. Note that for ns = 200, the 95% confidence interval
quickly grows towards the beginning of the pattern.
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3.2. Microstructure Phase Evolution

The concurrent microstructural changes were examined by XRD for four isothermal conditions.
To be able to perform such short collection times, the diffraction range was limited to capture the (110)
α and (111) γ diffraction planes. Figure 2a shows the pre and post-annealed XRD patterns with the
resulting (110) α peak at RT. The preannealed patterns (dashed curves) clearly show broad (110) α

peaks (at 2θ ∼ 52.35 degs), indicative of nanocrystalline bcc. Post-annealed patterns (solid curves)
show that 700-900 ◦C retain some level of nanocrystallinity,

r̄10−60
α (nm) =


21.7, T = 700 ◦C
25.2, T = 800 ◦C
42.3, T = 900 ◦C

(2)

Furthermore, there’s a peak shift to lower angles, which suggests a change in lattice constant due
to solute diffusion out of solution. Contrary to Kotan et al., a γ peak was not detected at 700 ◦C after
holding for an hour (see Figure 2b), who reported the presence of the peak at 650 ◦C. In fact, even
at 800 ◦C only a relatively small peak is detected. Interestingly, Huang et al. also observed the early
onset of the phase transition [33,36]. Kotan et al. also report that α grain growth stagnates to a grain
size of ∼50 nm at a critical temperature of T0 ∼ 710 ◦C [33], about twice as large as those observed
in the present study. This suggests that the powder tested in this work is more thermally stable than
previously reported alloys of nominally similar chemical composition. This could be due to differences
in the milling procedures, which might lead to better (more uniform) mixing of our alloyed powders.
Another possible explanation is the high heating rate (>350 ◦C/min). Huang et al. showed that by
increasing the heating rate from 20 K/min to 40 K/min the amount of austenite present is substantially
lower across multiple annealing conditions [36]. Therefore, our much higher heating rate could have
resulted in a lower amount of austenite formation, which effectively retards grain growth. If powders
are not properly mixed, the presence of Ni-depleted regions could result in earlier α→ γ transition.
Figure 2c shows a representative set of XRD patterns collected at several times for the 900 ◦C condition.
It is clear that the γ phase nucleates at the onset of the XRD measurements. The γ peak narrows
quickly, and remains consistently narrow for the duration of the experiment. It should be noted that
the measured γ grain sizes are at the resolution limit.
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Figure 2. In situ XRD measurements were performed at different anneals, showcasing the instantaneous
microstructural state. (a) pre (dashed) and post (solid) annealed alloys at RT showing the presence
of α Fe91Ni8Zr1 (bulk Fe reference was simulated with VESTA [44]), (b) after 60 min holds at the
corresponding temperatures, and (c) 900 ◦C anneal illustrating the nucleation and evolution of the
γ phase.

To better understand the interplay between kinetic and thermodynamic stability, the XRD patterns
were used to approximate the relative phase concentrations. An advantage of the PL method is that
there is no need for a priori knowledge of the possible phases present. While techniques like Rietveld
refinement yield a concentration measure from the fitting procedure, no equivalent measures emerge
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from the PL method. Therefore, three methods were tested to approximate the relative concentration,
and are expressed as

Cbcc ≡
Xbcc

Xbcc + X f cc
=



max(µbcc)

max(µbcc) + max(µ f cc)
(3a)

max(ŷ1,bcc)

max(ŷ1,bcc) + max(ŷ1, f cc)
(3b)∫

ŷ1,bccd(2θ)∫
ŷ1,bccd(2θ) +

∫
ŷ1, f ccd(2θ)

(3c)

where X is the p phase fraction and ŷ1 is the Kα1 component of the estimated XRD pattern. The first
two variants consider the corresponding phase maximum intensity from the estimated XRD and Kα1

patterns, respectively. While the last equation is similar to the technique known as integral breadth
method. It should be noted that calculations yield a qualitative measure of the phase change.

The three methods were tested on the 900 ◦C condition since both phases were observed
throughout the complete hold, see Figure 3a. It is shown that Equation (3a,3b) follow a similar
trend, with the former overestimating the amount of retained ferrite. While the use of µ pattern as
opposed to ŷ pattern seems to lead to an overestimation, the confidence intervals suggest that these are
statistically equivalent. In contrast, the “integral breadth method” largely overestimates the amount of
retained ferrite. This overestimation is likely due to the difficulty in consistent background removal of
low intensity peaks. Furthermore, it leads to a larger uncertainty level, illustrated by the large shaded
region. Therefore, Equation (3a) is used to calculate the amount of retained ferrite for all isothermal
conditions, shown in Figure 3b and summarized for 5 min intervals in Table 1.

Table 1. Summary of the calculated α concentration as a function of time.

Time [min] C (700 ◦C) C (800 ◦C) C (900 ◦C) C (1000 ◦C)

1 1.000 1.000 0.700 0.199
5 1.000 1.000 0.559 0.110
10 1.000 0.848 0.524 0.096
15 1.000 0.850 0.485 0.000
20 1.000 0.835 0.460 0.000
25 1.000 0.825 0.453 0.000
30 1.000 0.833 0.438 0.000
35 1.000 0.812 0.421 0.000
40 1.000 0.807 0.408 0.000
45 1.000 0.804 0.401 0.000
50 1.000 0.802 0.395 0.000
55 1.000 0.797 0.389 0.000
60 1.000 0.796 0.384 0.000
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Figure 3. Approximation of the retained α phase at different hold times. (a) different methods were
tested to determine which method is more reliable, (b) the resulting phase evolution at the different
isothermal conditions, and (c) fit to the 900 ◦C estimated phase evolution, which is compared to the
result by Kotan et al. The linear fit was performed using the last 17 min of the current data.

3.3. Concurrent Grain Growth and Mechanical Property’s Implication

The XRD patterns were analyzed through the Scherrer method to calculate the average grain size
for the different anneal cases, shown in Figure 4a. The blue shaded region represents the grain sizes
over the resolution limit for our instrumental setup. Furthermore, it must be noted that a ns = 40 was
observed to under fit the grain sizes. This is due to the slightly under estimated peak intensity (µ),
which results in a smaller half maximum Kα1 intensity. Hence, the ns parameter was increased to 60
and 80 for α and γ grains, respectively, which resulted in better grain growth trends. It can be seen
that initially there is thermally activated grain growth from an initial size of 10.54 ± 0.27 nm (black
line), followed by a stabilization of the α growth. Considering the XRD patterns between 10–60 min
anneals, the average α grain size was determined to be

r̄10−60
α (nm) =


20.5± 0.4, T = 700 ◦C
27.3± 1.1, T = 800 ◦C
29.9± 1.5, T = 900 ◦C

. (4)

Comparing these to the calculated post-anneal grain size (Equation (2)), it is shown that there’s
non-negligible grain growth for the 900 ◦C case. The microstructure remained stable at 700 ◦C, showing
no further grain growth through the remainder of the experiment. For 800 and 900 ◦C anneals, the α

phase grains grew slightly more, but remained stable as well. However, the γ phase was shown to
undergo substantial grain growth. In fact, the 900 and 1000 ◦C anneals show grain sizes that are at/or
beyond the resolution limit. It should be noted that due to low signal-to-noise ratio in the early stages
at 800 and 1000 ◦C, the calculated grain sizes for γ and α, respectively, are not completely reliable.
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Figure 4. Annealing at temperatures over 700 ◦C lead to microstructural changes and subsequent
mechanical properties decline. (a) shows grain growth curves for both phases (where detected) at the
different anneals, and (b) shows boxplots for hardness taken at different anneal conditions.

Figure 4b shows hardness measurements for all anneal conditions after 60 min holds. Furthermore,
hardness for the 800, 900 and 1000 ◦C after 20 and 40 min holds are shown. For comparison, hardness
values for the as-milled powders are shown as well. For 700 ◦C, hardness values were only after a
60 min anneal because the XRD analysis did not show any significant microstructural changes as a
function of anneal time. While the grain size is slightly larger after a 700 ◦C anneal than the as-milled
powder (see Equations (2) and (4)), a small increase in average hardness is observed. This increase is
likely due to dissolution of the Zr remaining in solution from the as-milled condition, resulting in the
nucleation of more Zr-oxide precipitates. For the 800 ◦C anneal, the hardness values for 20 and 40 min
anneals overlap, while a substantial drop is noticed for the 60 min hold. This is likely due to grain
boundaries becoming unpinned by the oxide precipitates, leading to grain growth and reducing the
Hall–Petch effect. Lastly, the 900 and 1000 ◦C anneals show a large drop in hardness when compared
to the as-milled powder. The 900 ◦C anneal shows a gradual decrease in hardness with increase in
hold time. However, hardness values are statistically undistinguishable at the three holds. For the
1000 ◦C anneal, the hardness decreases to approximately 281.6± 30.2 HV after 20 min, and remains
statistically unchanged for the other hold times. This correlates to the measured XRD which showed
that the alloy fully undergoes the α→ γ transformation after ∼ 10 min.

4. Conclusions

The relationship between kinetic and thermodynamic stability of the Fe91Ni8Zr1 alloy was
explored through HiTp in situ XRD across multiple anneals. In order to efficiently fit and analyze
the large data set, a PL method was employed to quantify microstructural changes as measured
from the XRD patterns. A systematic approach was formulated and best practices in employing the
PL method were discussed. The proposed methodology is not only able to fit XRD patterns with a
priori knowledge of the underlying microstructure, and it can easily be used to extract important
microstructural features like average grain size and phase concentration. The α→ γ transition was not
observed until higher temperatures, suggesting that the alloy presented here was comparatively more
thermodynamically stable than those previously reported. Furthermore, α was shown to be relatively
stable at isotherms up to 900 ◦C, although asymptotically decreasing. Changes in mechanical properties
were examined via hardness measurements, which show that mechanical integrity is maintained for
the 700 ◦C. For higher anneals, mechanical integrity gradually deteriorates until plateauing to bulk
properties as nanocrystallinity is lost. It is believed that the unique MA applied synthesized superior
alloyed powders.

Supplementary Materials: The following are available online at http://www.mdpi.com/2075-4701/10/4/482/s1,
Figures S1, S2 and S3.
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