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Abstract: The lightweight Fe–Mn–Al–C steels have drawn considerable attention from the literature
due to their outstanding combination of high ductility and specific strength. Although the mechanical
behavior of such steels has been extensively studied, the effect of Al when no C and Si are added
has not been investigated in detail. For this reason, the main objective of this work was to study the
microstructural evolution and mechanical behavior of carbon and silicon-free high-Mn steels with
different aluminum contents. Alloys with 0, 2.5, and 5 wt. % Al were processed by spray forming
to ensure high homogeneity and a fully austenitic microstructure. Cold rolling and annealing were
performed to obtain a fine grain-sized material. The mechanical properties were similar regardless
of the Al content, especially the work hardening rate. Deformation twinning and strain-induced
phase transformation were not observed for any of the compositions. Additionally, a dislocation
cell-like structure was observed for all of the alloys indicating that the Al additions did not change
considerably the dislocation behavior, even though it considerably changed the estimated Stacking
Fault Energy (SFE) value for all the alloys studied in this work.

Keywords: lightweight steels; Fe–Mn–Al; high-Mn steels; TWIP effect; work hardening rate;
spray forming

1. Introduction

High-Mn steels can be classified as Advanced High-Strength Steels (AHSS) and their development
has been focused on understanding the exceptional mechanical properties, especially the ductility that
can be achieved for such alloys [1,2]. The presence of plasticity-induced mechanisms has been described
as one of the main contributions; however, the outstanding combination of high ductility and strength
also arise because of the high capacity of the material to store dislocations in the microstructure [3].
High-Mn steels are usually fully austenitic due to the Mn and C additions; however, Al can be added to
reduce the density, and a duplex microstructure might be present [4]. An important plasticity-induced
mechanism for the face-centered cubic (FCC) high-Mn steels is the TWIP (Twinning-Induced Plasticity)
effect, which arises from the relatively higher Stacking Fault Energy (SFE) compared to medium- and
low-Mn steels [5].

The key factors that influence the occurrence of the TWIP effect and consequently the mechanical
properties of high-Mn steels are the grain size, the texture and the Stacking Fault Energy (SFE). Large
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grains tend to favor the plasticity-induced mechanisms, while the resolved shear stress on the twinning
system affects whether twinning will occur at a given applied stress depending on the grain orientation.
The overall deformation mechanisms during plastic deformation are governed by the SFE value and it
has a direct effect on the plasticity-induced mechanisms. Low SFE values (typically less than 20 mJ/m2)
favor the occurrence of the TRIP (Transformation-Induced Plasticity) effect [6]; intermediary SFE values
(typically between 20 and 45 mJ/m2) tend to favor the TWIP effect [7] and higher values tend to favor
the occurrence of the MBIP (Microband-Induced Plasticity) effect [8]. Due to its simplicity, the method
used most often to estimate the SFE is from thermodynamic calculation [9–11]. The main idea behind
this method is to consider that a stacking fault in an FCC crystal is one hexagonal close packing (HCP)
region. Olson and Cohen [12] developed one model which is based on the classical nucleation theory, in
which it is possible to estimate the SFE as 2ρ(∆Gγ->ε) + 2σγ->ε. The ρ is the atomic density of the {111}
planes and ∆Gγ->ε is divided into the chemical and the magnetic contributions of the Gibbs free energy
for the face centered cubic (FCC) austenite (γ) to the hexagonal close packed (HCP) martensite (ε).
The σγ->ε parameter is the interfacial energy per area between the two phases (HCP and FCC). There
are several models available in the literature, which describe equations to obtain the values [8,10,11].
In addition to the SFE predictions, models have also been proposed to determine the critical resolved
shear stress (CRSS) for the TRIP and the TWIP effects [13].

The Al addition has been proposed to decrease the density and consequently increase the specific
strength of the alloy [14]. It is common to refer to the Fe–Mn–Al–C system as “lightweight steels” due
to their lower density compared to conventional steels. However, the aluminum directly affects the
stability of the phases presented in the alloy and, when in high amounts, the ferrite becomes present in
the microstructure. The Al is also related to the occurrence of short-range ordering (SRO), leading to
an additional barrier to the movement of the dislocations [15]. Furthermore, Al addition is known to
increase the SFE, which alters the deformation mechanisms, increasing the onset for the TRIP and the
TWIP effects.

Typically, this class of alloys presents C as one of the main alloying elements since it is a potent
austenite stabilizer. Besides this, it might lead to carbide precipitation, it increases the yield strength due
to solid solution hardening, and it also might induce the Portevin–Le Chatelier effect [16]. Even though
C is one of the main alloying element for steels, its presence on lightweight steels might induce some
misinterpretation regarding its effects on the SFE value and on solid solution hardening [13].

Fe–Mn–Al–C is considered the main lightweight steel system [17] and the effect of each alloying
element is vastly described in the literature [5,9,15]. However, there are few studies on the effect of Al
additions in alloys with low interstitial contents, mainly C, in fully austenitic base materials. For this
reason, the objective of this work is to study the overall effect of Al on the microstructure and mechanical
behavior of high-Mn fully austenitic alloys. In order to obtain a highly homogeneous structure, the
alloys were processed by spray forming followed by cold rolling and annealing. The absence of C
decreases the stability of the austenite and for this reason a high-Mn steel was chosen.

2. Materials and Methods

Three different alloys were produced from commercially pure metals by spray forming and
the final chemical composition is presented in Table 1. The processing parameters were kept the
same for all the alloys and are presented on Table 2. The spray forming was chosen to obtain a
highly homogeneous and texture-free material in the as deposited state [18]. Even though the final
microstructure is homogeneous, cold rolling followed by annealing was used to refine and normalize
the grain size of all the deposits and to obtain a comparable microstructure for all the systems.
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Table 1. Chemical composition of the alloys from the present work. The Mn and Al contents were
measured by EDS and the C content was measured by the inert gas fusion method.

Alloy Mn Al C Fe

0Al 36.89 0 0.02 Bal.
2.5Al 38.22 2.46 0.01 Bal.
5Al 38.26 4.96 0.01 Bal.

Table 2. Spray forming parameters.

Pouring temperature 1793 K (1520 ◦C)
Atomization gas Nitrogen

Atomization pressure 0.5 MPa
Feedstock mass 4.0 kg

Gas–metal ratio (GMR) 1.7
Flight distance 200 mm

Substrate material Mild steel
Diameter of the substrate 300 mm
Rotation of the substrate 20 rpm

The CALPHAD method (Thermo-Calc® software with the TCFE7 database) (Thermo-Calc
Software, Solna, Sweden) was used to calculate the stable phases for the different alloys of this work.
The objective was to obtain a fully austenitic microstructure at high temperatures in order to observe
the effect of Al in solid solution without precipitation of second phases. Additionally, the phase
evolution in equilibrium was obtained, and it was possible to predict the stable phases after the
spray forming processing. The SFE was determined by thermodynamic calculation as described in
Appendix A. The equations used to predict the SFE in this work were chosen after Pierce et al. [19],
in which experimental SFE values were compared to the thermodynamic modeling of steels with up
to 28 wt. % of manganese. Additionally, the experimental SFE value of the 0Al alloy was measured
in a recrystallized sample with a subsequent small cold rolling step that resulted in a total thickness
reduction of less than 1%; this step was performed to induce a small amount of dislocations on the
material. The distance between the Shockley partials were obtained for four different dislocations with
different characters and the separation was measured in ten points through their length. The weak
beam dark field transmission electron microscopy (WBDF–TEM) in a g(4 g) condition was performed
in order to obtain the images as described in [19,20]; this condition was used in order to obtain a
higher excitation error and, consequently, decrease the observed dislocation thickness. Care was
taken to choose only dislocations that were at least 200 nm apart from other dislocations in order to
avoid dislocation interactions affecting the partials separation. Equation (1) was used to correlate the
SFE value (γ) with the Shockley partials distance (dactual). The µe f f and νe f f are the effective shear
modulus and Poisson’s ratio, respectively, both determined by the torsional resonant frequencies and
the iterative method described in [21]; bp is the partial dislocation Burgers vector determined from the
lattice parameter, and β is the total dislocation character angle.

γ =
µe f f b2

p

8πdactual

2− νe f f

1− νe f f

(
1−

2νe f f cos(2β)

2− νe f f

)
(1)

Cold rolling with 50% thickness reduction followed by annealing was performed in order to
control the grain size. The annealing temperature and time were chosen through the evaluation of
the recrystallization behavior of all the systems. For that, microhardness tests were performed on
heat-treated samples from 500 ◦C to 900 ◦C (for 50 ◦C intervals) for 10 min. The heat treatment for the
tensile tests was performed at 850 ◦C as will be detailed in the Results section. The final grain size was
measured by the linear intercept method (ASTM E112–13). The tensile tests were performed at room
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temperature on the heat-treated samples according to ASTM E8/E8M–16 using an Instron Universal
testing machine, model 5500R with strain rate of 10−3 s−1.

The microstructures were characterized by Scanning Electron Microscopy (SEM) on a Phillips
XL-30 FEG (FEI, Hillsboro, OR, USA) coupled with energy dispersive X-ray spectroscopy (EDX).
Electron Backscatter Diffraction (EBSD) analysis was performed on a FEI Inspect S50 SEM microscope
(FEI, Hillsboro, OR, USA) equipped with an EDAX system. The SEM samples were prepared using
conventional metallographic procedure (mounting, grinding, and polishing) and etched with Nital
2%. EBSD samples were prepared by mounting and grinding, with a final polishing using a vibratory
system, Vibromet 2 (Buehler, Lake Bluff, IL, USA). Transmission Electron Microscopy (TEM) was
performed in order to observe the Shockley partials separation and the dislocation structure after the
fracture of the material using a Tecnai G2 F20 (FEI, Hillsboro, OR, USA) (TEM/STEM) operating at
200 kV and equipped with a field emission gun (FEG). The TEM foils were prepared by grinding the
base material to 80 µm-thick pieces and the final thinning was made by a Precision Ion Polishing
System (PIPS) operating at 5 keV.

3. Results and Discussion

3.1. Stacking Fault Energy (SFE)

Following the procedure shown in Appendix A, the values for the SFE were calculated varying
the Mn and the Al content for Fe–Mn–Al ternary alloys at room temperature. Figure 1 presents the SFE
calculations coupled with the calculated phase diagram at 973 K (700 ◦C). The latter was performed to
provide additional information regarding the equilibrium stable phases by varying the Mn and Al
content. The analysis of the SFE together with the phase diagram is essential because for low Mn and
higher Al content, it is not possible to obtain a fully austenitic microstructure, even with an intercritical
heat treatment. For this reason, it is important to observe that the calculated SFE value would not make
sense in the region for which it is not possible to obtain a single-phase FCC microstructure. It must be
emphasized that the SFE was calculated at Room Temperature (RT) in order to predict the mechanical
behavior at this temperature. The phase diagram that is presented, together with the SFE map, was
calculated for a different temperature, 973 K (700 ◦C), since it is possible to obtain a fully austenitic
structure (metastable) at room temperature by heat treatment at that temperature, followed by water
quenching. The SFE value for this alloy can then be predicted at room temperature from the provided
colormap. The final SFE estimated values were 31, 45, and 57 mJ/m2 for the 0Al, 2.5Al, and 5Al alloys,
respectively (this result is shown in Figure 1 by the white triangles). Despite its low amount, it must
be mentioned that the residual C content picked up from the feedstock and during processing was
considered in the SFE calculation for the alloys.
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In order to verify the accuracy of the calculated SFE values, the distance between the Shockley
partials was determined for the 0Al system (which had a calculated SFE of 31 mJ/m2). Figure 2a
illustrates one example of the WBDF image used to determine the distance between the dissociated
dislocations in a recrystallized sample with a low level of deformation. The values used in Equation (1)
were 64.66 GPa, 0.24, and 0.147 nm, for the effective shear modulus, the effective Poisson’s ratio, and
the partial dislocation Burgers vector, respectively. The Shockley partials separation was measured in
four different dislocations with distinct characters. Figure 2b illustrates the points with its error bars
for the 0Al alloy and the dashed lines represent the best fit for the behavior of different SFE materials
regarding its partial dislocation separation and the dislocation character angle. The final SFE obtained
value for the 0Al alloy was 28 ± 9 mJ/m2, which agrees with the thermodynamic prediction value of
31 mJ/m2 for this material. Therefore, it was assumed that the thermodynamic modeling present in
this work offers a reliable value for all the alloys.
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the 0Al alloy and (b) partial dislocation spacing as a function of total dislocation character angle for
different dislocations.

3.2. Microstructural Evolution

As shown in Figure 3, the equilibrium solidification sequences for all alloys were also obtained
by CALPHAD. It was possible to observe that the primary phase depends on the aluminum content:
austenitic for 0 wt. % Al, ferritic for 2.5 wt. % Al changing to austenitic in the final stages of
solidification, and ferritic for 5 wt. % Al. At a certain temperature range, however, irrespective to the
Al-content, all compositions would present a fully austenitic structure. Furthermore, increasing the
Al content increases the stability of the primary BCC phase (Fe-δ) and, consequently, the 5Al alloy
(Figure 3c) presents a wide, fully ferritic field right below solidus temperature. Decomposition into
austenite is followed at lower temperatures. Therefore, the final microstructure after spray forming was
expected to be different (mainly the grain size) due to the overall solidification model based on Grant’s
results [18]. The different grain sizes and microstructures directly influence the SFE and the overall
mechanical behavior [22]. From the nonequilibrium models of conventional solidification processes, it
would be possible to predict that the final grain size and the stable phases could be different mainly
due to the difference in the solidification range and transformations for all three alloys. However, due
to the specific solidification mechanism prevailing during spray forming, the final microstructure of
the deposit will be the same, except for the grain size, as will be shown in the sequence [18,23,24].
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Figure 4 presents the droplet microstructure of the overspray, i.e., the droplets that did not attach
to the deposit during the spray forming process; Figure 5 presents the as-spray deposit microstructure.
Figure 6 presents the EBSD analysis for the as-sprayed 0Al deposit. The droplets from the 0Al and
2.5Al alloys presented fine austenitic dendrites with segregation in the interdendritic spaces. On the
other hand, the 5Al alloy presented no well-defined dendrites and some indication of new grains
formed by solid state transformation can be observed. Due to the high cooling rates, in the range
of 102 to 104 K/s, the dendritic structure is expected during the solidification of the droplets [18,23].
The high thermal undercooling leads to instability in the solidification growth of the solid interface in
face of a negative thermal gradient in the liquid forming the dendritic structure. Therefore, the 0Al
and 2.5Al alloys solidify by forming austenitic dendrites with interdendritic segregation. The fact that
the austenite was stable at room temperature together with the high cooling rates of the droplets led to
the maintenance of the structure formed during the solidification at room temperature. For the 5Al
alloy, the dendritic structure should be formed as well, but ferritic. However, during cooling in the
solid state, the ferritic structure transformed to austenite and the dendritic structure was no longer
clearly observed, as presented in Figure 4c. Therefore, the XRD patterns shown in Figure 7 indicate
the presence of the austenitic phase and no presence of ferrite. Some peaks related to oxides are
observed in the XRD pattern, which are related to the strong oxidation tendency of these compositions,
increased by the high specific surface area of the particles. It is well known from the literature that the
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dendritic microstructure observed in the droplets leads to a highly homogeneous equiaxed grains in
the microstructure of the deposit, as described in [23,24] and as can be observed in Figures 5 and 6.
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Therefore, the ingots presented a highly homogeneous microstructure already on the as-deposited
state; however, the grain size was not the same for all the alloys. As presented earlier, the solidification
path calculated by the CALPHAD method for the 5Al alloys is distinct from the others due to its higher
Al content leading to primary ferritic solidification. The earlier discussion about the microstructure of
the overspray helps to explain how the microstructure of the final deposit was formed [18]. By spray
forming, the processing parameters were set in a way that the droplets impacted the substrate to
build up the deposit with the consolidation of solid particles (finer droplets), semisolid particles
(medium-sized droplets), and fully liquid particles (bigger droplets) [23]. Because of the heat balance,
an equilibrium temperature within the solidification interval of the alloy was attained [23]. Thus, the
already solidified droplets may partially remelt and homogenize their chemical composition with the
liquid, changing their dendritic morphology to a spherical one. These particles acted as nuclei for
the growth of the remained phase, namely the austenite for the 0Al and 2.5Al alloys and the ferrite
for the 5Al alloy. As discussed earlier, for both lower Al content the austenite was formed, and the
final grains were fully austenitic. In contrast, for the 5Al alloy the nuclei were composed of ferrite,
which growths resulted in equiaxed grains as well. However, as can be observed in Figure 3, the ferritic
phase transformed to austenite during cooling. In this transformation, new grains were formed and
there was a reduction of the grain size. This is the main reason for the finer grain size presented by the
deposit of the 5Al alloy.

Despite the fact that a fully austenitic microstructure was obtained for all alloys in the as-sprayed
condition, and the spray formed microstructure was homogenous, some porosity was intrinsic to this
processing technique, and the processing parameters employed in the experimental setup generated
deposits with an average porosity of 2 vol.%, determined by image analysis.

3.3. Cold Rolling and Annealing

The spray forming process presented an alternative potential processing route to fabricate
lightweight steels, with their intrinsic highly homogeneous microstructure, directly from the liquid,
however with the necessity to improve the processing parameters even more in order to obtain an
ingot with lower grain size and porosity. Nevertheless, the main goal of this work was to compare
the mechanical behavior of the three alloys in regard to the dislocation structure after the fracture
and correlate it with the SFE values estimated from the thermodynamic model. For this reason, the
cold rolling followed by annealing heat treatments was necessary to control the grain size of all the
compositions. In Figure 8a, it is possible to observe the recrystallization process via microhardness
curves. All the alloys presented similar behavior, especially for the two alloys with Al additions.
The 0Al alloy presented a higher initial hardness through the same cold work levels. However, in the
end, the microhardness values of the 0Al samples heat treated at higher temperatures were slightly
lower compared to the other two alloys; this was most likely due to its lower solid solution hardening
effect by not having any Al additions. Figure 8b–d presents the evolution of the 2.5Al microstructure
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through the different annealing temperatures after the cold work (500, 750, and 900 ◦C). Similar behavior
was observed for the other two samples. From Figure 8b it is possible to observe that the sample treated
at 500 ◦C presented essentially the cold rolled microstructure, and no recrystallization evidence could
be observed. On the other side, Figure 8d presents a fully recrystallized microstructure with little or no
evidence of cold work. The final grain size was lower compared to the as-sprayed samples (Figure 5b).
The microstructure shown in Figure 8c presents a partially recrystallized microstructure, in which
some small new grains can be seen, formed due to the recrystallization process at the grain boundaries.
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From the curve presented in Figure 8a, the temperature of 850 ◦C (10 min) was chosen for the
heat treatment for all the alloys since they presented similar behavior. The final grain sizes for all
the alloys were 8.8 ± 0.8, 11.2 ± 1.7, and 10.2 ± 1.9 µm for the 0Al, 2.5Al, and 5Al alloys, respectively.
Figure 9 presents the recrystallized microstructures. It is possible to observe that the microstructure
of the 5Al alloy was completely restored to equiaxed grain morphology despite its initial as sprayed
microstructure. The annealing twins were highly present in all microstructures and this was, in addition
to the grain size, the main difference compared to the as sprayed samples. Moreover, from the EBSD
analysis it is possible to observe that the recrystallized samples for all three alloys presented similar
microstructures and grain texture.
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3.4. Tensile Tests

The true stress–strain of all three alloys and the work hardening rate curves are presented in
Figure 10. According to some authors, the onset of the twinning effect is related to an increase in
the work hardening rate at the beginning of the tensile test, during what is called Stage B of plastic
deformation [25–27]. However, other authors observed the TRIP/TWIP effect even when there is no
evident Stage B at the work hardening rate curve [28,29]. Most authors agree that for an FCC alloy to
deform by twinning, there is a critical resolved shear stress (CRSS), which must be achieved in order to
trigger this mechanism [30–32]. The models that better describe the nucleation of twins in FCC alloys
associate this process to the interaction of perfect dislocations and Shockley partials [13]. For this
reason, a certain amount of deformation must take place in order to allow the dislocations to interact
with each other and to start the twinning mechanism. Despite all the above, the onset of the twinning
effect typically is assumed to take place right after the beginning of the plastic deformation [33].
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The yield strength (measured at 0.002) was 207, 236, and 253 MPa for the 0Al, 2.5Al, and 5Al
alloy, respectively. Table 3 presents the main mechanical properties regarding the alloys, including the
Ultimate Tensile Strength (UTS) and the elongation at fracture (εtotal). Assuming the grain refinement
contribution from all three alloys was the same (since the grain sizes were similar), this result indicates
the potential that the aluminum has as a solid solution strengthener. On average, the effect of aluminum
as a solid solution strengthener was 9.3 MPa/wt. % of Al. This result agrees to the values presented
in [4], in which it is reported an effect lower than 10 MPa/wt. % Al in fully austenitic Fe–Mn steel.
In addition to that, the Al influences the density of the alloys. From the lattice parameter obtained
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by the XRD, the theoretical densities were 7.81, 7.54, and 7.26 g/cm3 for the 0Al, 2.5Al, and 5Al
alloys, respectively.

Table 3. Mechanical properties of the alloys (Ultimate Tensile Strength (UTS)).

Alloy σy UTS εtotal

0Al 207 MPa 484 MPa 42.5%
2.5Al 236 MPa 497 MPa 37.5%
5Al 253 MPa 488 MPa 30.9%

The elongation at fracture of these alloys was not so high compared to other lightweight austenitic
steels described in the literature [15] since the ingots presented non-negligible levels of porosity. Any of
the compositions in this work showed the TRIP or the TWIP effects; however, Lee et al. [28] observed
that the TRIP/TWIP effects for similar compositions and grain sizes (especially comparing to the 0Al)
occurred at deformation levels within the deformation range presented by the alloys studied in the
present work. Therefore, if those mechanisms were favorable for the alloys in this work, they would
already be present for the samples tested until fracture.

Figure 11 presents SEM microstructures of the samples after the tensile tests, showing the absence
of deformation twins and transformation-induced martensite. Figure 12 presents the SEM micrographs
of the fracture surface. Typical ductile surfaces are evidenced by the presence of well-defined dimples
which can be observed despite the presence of the porosity.
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The overall mechanical behavior of all three alloys were similar regardless of their SFE value,
especially the work hardening rate curve, which is highly associated to the dislocation structure and
the high capacity of such materials to store dislocations [2]. The SFE for the 0Al alloy was predicted
by thermodynamic modeling (31 mJ/m2) and determined experimentally (28 ± 9 mJ/m2), which is
the lowest value amongst the alloys studied here. Lower SFE is associated with planar slip since the
dislocations tend to dissociate into more spaced Shockley partials. Also, for this SFE value, it was
expected some level of TWIP, based on [28]. Figure 13a presents the dislocations arrangement for
the foil taken close to the fracture surface of 0Al sample. It is possible to observe a high dislocation
density arranged in a cells configuration. Since this alloy has a relatively low stacking fault energy,
it was expected that at early deformation stages it would form microbands of deformation in which
the dislocations should show a predominantly planar slip [8,34]. Later, at higher deformation levels,
the formation of the dislocation cells or twins would be expected [15]. As shown in Figure 12a, only the
dislocations cells were observed, even though this sample deformed up to a true strain of about 35%.
At this deformation level, Lee et al. already observed ε-martensite or mechanical twins for theoretical



Metals 2020, 10, 352 12 of 17

iso-SFE alloys [28]. Figure 14 presents a selected-area diffraction pattern (SADP) at a similar structure
from what is presented in Figure 13a for the 0Al alloy. It is possible to observe that no twin spots were
observed at the [110] zone axis, indicating that the presented structures were not composed by twins.
In addition to the grains presented in this figure, several other grains and orientations were checked,
and no twinning evidence was observed.
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The 2.5Al presents the intermediate calculated SFE value of 45 mJ/m2. This is considered by
some authors as the maximum SFE value in which TWIP effect would take place [35]. As presented
in Figure 11, no indication of deformation twins was seen by SEM, and Figure 12b shows that this
alloy also presented a similar dislocation structure although with a different disposition. The cells
arrangement type of dislocation structure is more commonly observed for higher SFE alloys, since
these materials present a smaller partial dislocation separation and higher probability to cross slip [36].
Lower SFE alloys maintain for larger deformation a more planar dislocation structure due to its
difficulty to cross slip.

Finally, the 5Al alloy presented the highest calculated SFE value, 57 mJ/m2. Although high for
this work, this is not generally considered a high SFE value if compared to other Fe–Mn–Al–C FCC
alloys [8]. However, as can be seen in Figure 13c, the dislocations were also arranged in cell-like
structure, which is more commonly observed for higher SFE alloys.

The work hardening rate curves represented in Figure 10 for the three alloys were all similar
despite the Al content. This might happen because of the dislocation structure, similar for all the alloys,
producing a similar work hardening ability. It is known that the dislocation structure is the main
parameter which contributes to the work hardening and the deformation ability of these alloys [37].
Besides the change in the yield strength, the different levels of Al addition are shown to have little
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effect on the mechanical properties of high-Mn steels without the presence of C or Si, since all the
alloys presented similar work hardening curves together with similar dislocation arrangements.

Although the SFE prediction by thermodynamic modeling presented some errors due to some
simplifications introduced in the calculations, the presence of aluminum is mostly reported as one of
the elements which increases steeply the SFE of the alloys [35,38]. Notwithstanding, according to the
results observed in the present work, the aluminum had little effect on the dislocation behavior and
overall work hardening rate. The main contribution of the Al is the increase the yield strength and
decrease of the density.Metals 2020, 10, x FOR PEER REVIEW 13 of 18 
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4. Conclusions

It can be concluded that the aluminum had a direct effect on the solidification path of the high
Mn Fe–Mn–Al ternary steels, and consequently on the microstructure, especially the grain size, for
deposits produced by spray forming. Regardless of the composition, a highly homogeneous material
was obtained directly from the liquid by spray forming processing technique.

The experimental SFE value was obtained through the weak beam dark field technique for the
0Al alloy and this result agreed with the thermodynamic model used to predict this parameter for
the other alloys. The experimental value was 28 ± 9 mJ/m2 in comparison to the 31 mJ/m2 predicted
by the thermodynamic calculations. For this reason, the model used in this work was considered
consistent and the SFE values for the other alloys were used to interpret the mechanical behavior.
The recrystallization curve was similar and a homogeneous microstructure with similar grain size
values could be obtained for all the alloys after cold rolling and heat treatment. The presence of Al up to
5 wt. % slightly increased the yield strength because of solid solution hardening, without changing the
work hardening behavior. Furthermore, the dislocation structure for all three alloys were comparable
and cell-like structures could be seen, regardless of their SFE value.

Additionally, the TWIP effect was not observed for any composition despite the favorable SFE
value and enough deformation levels, even the 0Al alloy with an experimentally determined SFE of
28 mJ/m2 presented such mechanism. Therefore, the presence of the Al did not change considerably
the work hardening ability and the mechanical properties were quite similar on samples without C
additions. The main effects of the Al additions were the slightly increase in the yield strength and
decrease on the theoretical density. Both effects are pursued by the automotive industry and this work
contributes to an understanding of the Al effects on high-Mn alloys.

Author Contributions: Conceptualization, L.O., G.Z., and C.B.; formal analysis, L.O., F.C., W.B., and C.B.;
funding acquisition, L.O., C.B., W.B., and C.K; investigation, L.O.; methodology, L.O., A.V., G.Z., and C.B.; project
administration, C.B., W.B., and C.K.; resources, L.O., G.Z., W.B., C.B., and C.K.; software, L.O.; supervision, G.Z.
and C.B.; validation, L.O., A.V., F.C., and G.Z.; writing—original draft preparation, L.O.; writing—review and
editing, L.O., F.C., C.B., G.Z., A.V., W.B., and C.K.. All authors have read and agreed to the published version of
the manuscript.

Funding: This research was funded by São Paulo Research Foundation, FAPESP, grant number 2013/05987-8 and
2017/14805-1; Coordenação de Aperfeiçoamento de Pessoal de Nível Superior–Brasil (CAPES)–Finance Code 001
and Conselho Nacional de Desenvolvimento Científico e Tecnológico/CNPq (process number 141053/2017-8).



Metals 2020, 10, 352 15 of 17

Acknowledgments: The authors acknowledge the Laboratory of Structure Characterization from the Department
of Materials Engineering at the Federal University of São Carlos (LCE/DEMa/UFSCar) for the microscopy facilities.

Conflicts of Interest: The authors declare no conflict of interest.

Appendix A

Table A1. Equations used to estimate the SFE of the alloys.

Parameter Value Ref.

ρ 4/(a2 N
√

3) [39]
∆Gγ->ε ∆Gγ->ε

ch + ∆Gγ->ε
mag + ∆Gex [11]

∆Gγ->ε
ch

XFe∆Gγ->ε
Fe + XMn∆Gγ->ε

Mn + XAl∆Gγ->ε
Al + XC∆Gγ->ε

C +
XFeXMn∆Ωγ->ε

FeMn + XFeXAl∆Ωγ->ε
FeAl + XFeXC∆Ωγ->ε

FeC +
XMnXC∆Ωγ->ε

MnC

[38]

∆Gγ->ε
Fe −2243.38 + 4.309 T [40]

∆Gγ->ε
Mn −1000 + 1.123T [40]

∆Gγ->ε
Al 5481 − 1.8T [40]

∆Gγ->ε
C −22,166 [38]

∆Ωγ->ε
FeMn 2180 + 532(XFe − XMn) [41]

∆Ωγ->ε
FeAl 3326.28 [38]

∆Ωγ->ε
FeC 42,538.728 [38]

∆Ωγ->ε
MnC 26,910 [39]

∆Gγ->ε
mag RT{ln[1 + βε/(µB)] f(T/ TεN) – ln[1 + βγ/(µB)] f(T/TγN)} [41]

τ T/TεNT/TγN [41]

f 1−{79τ−1/[140p] + 474/497[1/p − 1][τ3/6 + τ9/135 + τ15/600]}/D for τ ≤ 1−{τ−5/10 +
τ−15/315 + τ−25/1500]}/D for τ > 1

[41]

p 0.28 [42]
D 2.342456517 [42]

βε/µB 0.62XMn − 4XC [43]
βγ/µB 0.7XFe + 0.62XMn + 0.64XFeXMn − 4 XC [43]
TεN 580 XMn [43]
TγN 10XMn

3 – 898.4XMn
2 + 1176XMn – 1992XC – 661XAl + 152.4 [44]

2ρ∆Gex 5 [22]
σγ−ε 10 [38]

Where a is the lattice parameter for the alloys (in this case it was estimated by the XRD analysis);
N is the Avogadro’s number; ∆Gγ->ε

ch is the contribution of the chemical composition on the molar
Gibbs Free Energy; ∆Gγ->ε

mag is the magnetic contribution; ∆Gex is the excess component for the Gibbs
Free Energy taking into account the grain size; XFe, XMn, XAl, and XC are the respective molar fraction
of the elements; T is the temperature.
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