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Abstract

:

The powder bed fusion–laser beam (PBF-LB) process, a method of additive manufacturing (AM), was used to print duplex stainless steel (DSS) using commercial-grade 2507 powders. While conventionally processed DSS has a two-phase microstructure consisting of 50% austenite and 50% ferrite, the PBF-LB-printed 2507 alloy was nearly 100% ferrite. Optimal processing conditions that minimized porosity were determined to be 290 W laser power and 1000 mm/s scan speed, and grain size, texture, and phases were characterized as a function of laser power and scan speed. Grain size increased with increasing laser power but decreased with increasing scan speed. A <100> texture diminished with increasing scan speed from 1000 mm/s to 1400 mm/s. No austenite phase was detected. Transmission electron microscopy (TEM) and scanning transmission electron microscopy (STEM) characterization revealed nanoscale chromium nitride precipitates in the ferritic matrix (incoherent hexagonal close-packed (HCP) precipitates at grain boundaries and coherent body-centered cubic (BCC) precipitates within the grains) and a high density of tangled dislocations. Tensile tests of as-printed alloys showed a yield strength of 570 MPa, an ultimate tensile strength of 756 MPa, and an elongation to failure of 10%. The tensile properties were analyzed based on the observed microstructure considering grain size, nanoscale precipitates, and the high density of dislocations.
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1. Introduction


Duplex stainless steel with a two-phase microstructure, typically 50% body-centered cubic (BCC) ferrite and 50% face-centered cubic (FCC) austenite [1], exhibits higher strength than a fully austenitic stainless steel while still maintaining better ductility than a fully ferritic stainless steel [2]. To achieve such a phase ratio, a substantial Cr content is needed, which also imparts high corrosion resistance to the DSS alloy [3]. The precise Cr percentage can vary from 20 wt.% to 25 wt.% depending on whether it is lean grade, super grade, or hyper grade [4]. As a result, DSS finds extensive application in environments requiring both high strength and exceptional corrosion resistance, such as undersea structures, petrochemical and petroleum applications, pulp and paper manufacturing, and seawater desalination [2].



Additive manufacturing (AM) is a method that has gained popularity for its potential to easily and quickly manufacture complex parts for use in a variety of load-bearing applications. Specifically, the powder bed fusion–laser beam (PBF-LB) process has demonstrated the capability of creating small-scale, intricate designs more easily than traditional machining [5]. While many traditional metallic alloys, such as austenitic stainless steels [6,7], aluminum alloys [8,9], and copper alloys [10,11], have been extensively studied in terms of their processing through PBF-LB printing, the fabrication of DSS through PBF-LB printing remains less explored.



The limited literature on PBF-LB-processed DSS alloys [12,13,14,15,16,17,18,19,20] is primarily focused on documenting the effects of processing parameters on the porosity, with relatively less attention devoted to microstructural analysis and understanding of microstructure–mechanical behavior relationships. For example, Davidson and Singamneni [14,15] conducted two investigations to examine the impact of processing conditions on the build quality of DSS, specifically focusing on porosity and certain microstructural features. However, the analysis solely relied on microhardness testing instead of tension testing to study the mechanical behavior, and the effects of processing parameters on texture and grain size were not reported. On the other hand, Nigon et al. [16] carried out a thorough study on how processing affected the porosity in their samples but did not investigate other potential microstructural changes that might have occurred.



This investigation attempts to fill that gap and provide a comprehensive study on how the processing conditions affect the microstructure, build quality, and tensile properties of as-built PBF-LB alloy using commercial-grade DSS powders. The effect of processing conditions, specifically laser scan speed and laser power, along with the input energy density volume, were examined, to see not only how it affects the density of the final build but also the grain size, texture, and dislocation microstructure. Furthermore, room temperature tensile testing was performed on the sample with the least porosity, and Hall–Petch analysis was conducted to compare the results with those found in the existing literature. Through these analyses, the tensile properties of PBF-LB-printed DSS alloy 2507 are correlated with the defect microstructures.




2. Materials and Methods


For this study, 12 samples of DSS 2507 alloy were fabricated through the PBF-LB process using the Open Additive PANDA™ 2.0 Metal 3D Printing System, varying the laser power from 280 W to 310 W and laser scan speed from 1000 mm/s to 1400 mm/s while maintaining the hatch spacing at 90 μm and deposited layer thickness at 40 μm for all samples. The exact value used for each sample is listed in Table 1. Additionally, the laser scan strategy was the same across all samples and involved a bidirectional scan with a 60° rotation after each layer. The sample made with processing conditions of 280 W laser power and 1400 mm/s scan speed did not print properly during the print run and was omitted from the study.



After fabrication, each sample was cut normal to the build direction and metallographically polished for subsequent examination. For electron backscatter diffraction (EBSD) preparation, the samples were ground with 600–1200 grit SiC paper, followed by polishing with 1 μm diamond suspension and 0.04 μm colloidal silica. The scan strategy and area examined are depicted in Figure 1.



Commercial-grade alloy 2507 DSS powder supplied by GKN Additive Inc. was used. Scanning electron microscopy (SEM) and energy-dispersive spectroscopy (EDS) were conducted on the as-received powders using the TESCAN Mira 3 FEG SEM, and the composition was measured to be the following, by weight: 64.34% Fe, 27.44% Cr, 5.72% Ni, 1.57% Mo, 1.36% Mn, and 0.28% Si. An SEM image and EBSD scan of the powder are shown in Figure 2. The powders were spherical with average diameter of 25 μm, and the microstructure is ferrite-rich with ≈96.8 vol.% BCC ferrite and ≈3.2 vol.% FCC austenite. Separate chemical analysis of the as-built parts was not performed but is planned for follow-up works.



The Nikon Eclipse LV100D Upright Microscope was used to observe the porosity found in an inner layer of each sample. To verify the optical microscopy (OM) measurements, X-ray microCT scans, using the Zeiss Xradia Versa 520 3D X-ray Microscope, were performed on 3 separate samples that were fabricated using the best and worst performing processing parameters. These samples were made through PBF-LB printing with dimensions of 500 μm × 500 μm × 2 mm. Lastly, EDS scans were carried out on one sample to confirm that the pores seen under OM were actual pores and not other phases such as oxide inclusions or trapped particles from polishing.



Along with the build quality, the microstructure was examined using EBSD to determine the phase formation, average grain size, and texture. For EBSD, a scan area of 2 mm × 2 mm and step size of 3 μm was used for each sample. Analysis of the scans was carried out through the EDAX OIM Analysis™ version 7.0 software.



Transmission electron microscopy (TEM) as well as scanning transmission electron microscopy (STEM) characterization were conducted using a Thermo Fisher Talos F200X G2 S/TEM to characterize nanoscale phases within the grains, grain boundary of the as-built samples that were not resolved using SEM/EBSD, and dislocation microstructure formed within the grains from processing. TEM specimens were prepared by focused ion beam (FIB) milling using a Nova 200 Nanolab and a Helios G4 Plasma FIB UXe SEM/FIB for foil lift-out and thinning to electron transparency, respectively.



The tensile properties of the as-built samples were tested using the INSTRON 3382A with a 6 mm Epsilon extensometer. Separate tensile samples, with dimensions of 10 mm gage length × 2 mm gage width × 2 mm thickness, were fabricated using the same processing conditions and were tested in the as-built condition after being ground with 1200-grit SiC paper. The samples were loaded normal to the build direction, and the tests were conducted with a constant displacement rate of 0.3 mm/min, resulting in an initial strain rate of 0.0005/s.




3. Results


3.1. Optimal Processing Parameters


The build quality of each sample was determined by the area fraction of pores measured from OM examination of polished surfaces and is shown in Figure 3. Here, the measured area fraction is assumed to be equal to the volume fraction of porosity and is plotted against the volumetric energy density (Figure 3a) and the individual scan speeds for different laser powers used (Figure 3b). The volumetric energy density (J/mm3) was calculated using the equation:


  E =   P   v · h · t    



(1)




where P is the laser power, v is the laser scan speed, h is the hatch spacing, and t is the deposited layer thickness. Figure 3a shows that the density of the printed alloy increases with input energy density, reaching a peak around 78 J/mm3, then falls. Additionally, the pore morphology differs at low and high energy density, with Figure 3a showing more elongated, irregularly shaped pores in a sample printed with low energy density, and more regularly shaped, spherical pores in a sample printed with high energy density. In Figure 3b, a different trend, with increasing laser power depending on the laser scan speed, can be observed. At 1200 mm/s, there is a monotonic increase in surface density with laser power, but at 1400 mm/s, the surface density peaks then decreases with increasing laser power. Additionally, at 1000 mm/s, a different trend is seen, with the surface density first falling then rising with increased laser power. Furthermore, the same is seen if individual laser powers are isolated while varying the scan speed, as at 310 W and 300 W, the density increases when changing speed from 1000 mm/s to 1200 mm/s but decreases when the speed is changed to 1400 mm/s. However, at 280 W and 290 W, the density monotonically increases with increasing scan speed.



To verify the porosity found through OM, EDS scans of sample 6 were obtained and are shown in Figure 4. The lack of signal of Fe, O, and Si indicates that the defects are pores and not particles embedded during polishing or oxide inclusions from manufacturing.



To confirm the porosity trends inferred from OM, X-ray microCT scans were performed, on two samples with low porosity (#7 and #10) and one with high porosity (#3), instead of on an individual slice, to examine the pores developed in 3D. Due to the high attenuation of X-rays from Fe, separate thin samples with width and thickness of 500 μm were fabricated using the same processing conditions of samples 7, 10, and 3. The samples were not subjected to any post-processing conditions and were scanned in the as-built condition. Figure 5 shows the porosity of the inner portion of each sample to ensure no surface effects are seen. These scans display the same trend seen through OM, with samples 7 and 10 possessing significantly less pores than sample 3. Further, it is noteworthy that the pores in samples 7 and 10 exhibit a more spherical shape, whereas those in sample 3 appear more irregular. This observation aligns with the trend in pore morphology observed through OM.




3.2. Microstructure Characterization


The microstructure of each sample was examined through EBSD. Figure 6 shows the IPF maps for each sample, which were used to extract the grain size and texture information. The results are reported in Figure 7 and Figure 8, respectively. The average grain diameter is plotted against the energy density, scan speed, and laser power, and clear trends for all three parameters are observed. Figure 7 shows that the grain size increases with increasing energy density (Figure 7a) and laser power (Figure 7b) but decreases with increasing scan speed (Figure 7c). The IPF maps in Figure 6 show the grain morphology with low scan speed samples (Figure 6d,g,j) demonstrating clear growth along scan lines and high scan speed samples (Figure 6c,f,i) not demonstrating clear grain growth along scan lines.



The texture of each sample is shown in Figure 8. A clear trend is seen with scan speed as, at low scan speeds, a preferred <001> grain orientation can be observed along the build direction; however, at higher scan speeds, the texture is lost. No clear trend, however, is seen with the changing laser powers.



The phases in each sample were identified to understand the role of the process parameters on the duplex phase formation in DSS alloys. The results are presented in Figure 9, and it can be observed that the processing conditions are unable to affect the phase formation, as each sample displayed a purely BCC, or ferrite, phase structure, whereas a two-phase BCC+FCC microstructure is normally reported for this composition under conventional casting and heat treatment.



Since EBSD does not resolve fine-scale precipitates, scanning transmission electron microscopy (STEM) analysis was performed on sample 10 to confirm if the microstructure was 100% ferrite, as implied from Figure 9, and the results are presented in Figure 10 and Figure 11. In Figure 10a, cylindrical precipitates with width <20 nm and length ~60–70 nm are seen distributed randomly in the ferrite grains. Energy-dispersive X-ray spectroscopy (EDXS) reveals the depletion of Fe with the enrichment of Cr and N within the precipitates. Additionally, Figure 10c,d display high-resolution scanning transmission electron microscope (HR-STEM) images from a precipitate, revealing the coherency between the precipitate and the ferrite grain. Figure 10e,f depict the corresponding fast Fourier transform (FFT) pattern of the ferrite and precipitate that are consistent with the <    1  _  11  > zone of the body-centered cubic (BCC) crystal structure of ferrite and CrN [21], showcasing that the precipitate is coherent with the ferrite matrix.



In contrast, Figure 11a depicts a cluster of nanoscale precipitates with diameters of ~25–30 nm observed at the grain boundary of the two neighboring ferritic grains, which are also confirmed to be Cr2N [21] precipitates based on EDXS mapping. Detailed analysis of the precipitates forming within the grain boundary was further investigated by HR-STEM imaging. Figure 11b illustrates the HR-STEM image of one such precipitate, while Figure 11c indicates the incoherent interface of the ferrite grain and the precipitate. The corresponding FFT pattern along with the zone axis of <2110> shown in Figure 11d indicates that these precipitates have a hexagonal close-packed (HCP) structure that is incoherent with the ferrite grain. Interestingly, our STEM analysis did not reveal any austenite precipitates in the sample, confirming the accurate identification of the samples as ferritic by the EBSD scans.



The processing-induced dislocation structure formed in sample 10 was also examined through TEM, and these results are shown in Figure 12. Figure 12a shows a BF-STEM image of the ferrite grain after tilting to the <    1  _  11  > zone axis of BCC (inset shows the diffraction pattern along the BCC <    1  _  11  > zone axis) precipitates, which confirms the evidence of a high density of dislocations that have formed through the L-PBF process within the ferrite grain. Figure 12b shows a two-beam BF-STEM image of the ferrite matrix, indicating the dislocation structure only in the (110) plane of the BCC precipitates, while the inset represents the diffraction pattern under a two-beam diffraction condition with the strong reflection of the (110) spot marked by the red circle. Furthermore, the dislocations do not form a cell structure as has been seen in PBF-LB-printed austenitic 316L [5]. The dislocation density introduced by processing can influence the tensile stress–strain response of the printed alloy, as shown in the following section.




3.3. Tensile Behavior


Tensile tests were performed on printed alloys with minimal porosity (sample 10). The sample was printed and tested in the as-built condition, and the engineering stress–strain curve is shown in Figure 13 The 0.2% offset yield strength and ultimate tensile strength (UTS) were measured to be 564 ± 6 MPa and 748 ± 9 MPa, respectively, with a ductility of ~10 ± 1%. In comparison to other studies, Nigon et al. [16] and Haghadadi et al. [13] reported yield strengths of 826 MPa and 651 MPa, UTSs of 872 MPa and 844 MPa, and elongations to failure of 11.2% and 18%, respectively.





4. Discussion


4.1. Optimal Processing Parameters


The trend of porosity increasing at both high energy densities (~85 J/mm3) and low energy densities (~60–70 J/mm3) can be explained by the formation of keyhole porosity at high energy densities and the lack of fusion defects at low energy densities. Lack of fusion is a type of defect that occurs when there is insufficient melting of the powder, preventing it from properly welding to adjacent melt pools and previous layers. The pores that develop from this are typically elongated and irregularly shaped [22,23]. On the other hand, keyhole porosity occurs due to the instability of the keyhole that forms during the scanning process, which leads bubbles of metal vapor or entrapped shield gas to spin off and become trapped in the solidifying layer [5,24]. This is evidenced by Figure 3a: as in the low energy density sample, the pores are more elongated and irregularly shaped compared to the more regular spherical shape of the pores present in the high energy density sample.



This trend in porosity and input energy density of additively manufactured metals is, in general, consistent with literature [9,16,25]. However, in one of the more comprehensive examinations of the processing conditions on the build quality of DSS by Davidson and Singamneni [15], a different trend in energy density and porosity was observed with porosity first decreasing with increasing energy density then reaching a minimum and increasing with energy density. However, this was seen when the scan speed was held constant and only the laser power was varied. This can be explained by looking at the underlying processing conditions used to determine the energy density value, namely, the scan speed and laser power. As mentioned previously, depending on which scan speed or laser power is chosen, a different trend will occur as the other parameter is increased. This means that simply correlating the density of the printed part with the laser input energy density is not enough, and the underlying values of power and scan speeds are necessary. Additionally, it has been shown by Gu et al. [26] that for a different stainless steel alloy, the porosity will vary significantly, even if the same energy density is used, if the scan speed and laser power are different, furthering the notion that energy density should not be used as the sole parameter to predict build quality, at least not in this simplistic form.




4.2. Microstructure Characterization


4.2.1. Grain Size and Morphology


The clear trend seen with grain size, energy density, laser power, and scan speed can be explained by the changes in cooling rate caused by changes in each of these parameters. Cooling rate is measured using the following equation [27]:


Cooling rate = G × R



(2)




where G is the temperature gradient within the melt pool, and R is the solidification rate. It has been shown for various material systems that the feature size during solidification decreases with increasing cooling rate; this is demonstrated quantitatively through the following empirical relationship [5,27]:


d = b(εC)−n



(3)




where d is the secondary dendritic arm spacing of the columnar and equiaxed dendrites, εC is the cooling rate, and n and b are material specific constants. The relationship between the processing parameters and cooling rate has also been empirically established, with cooling rate following the proportionality:


    ε   C     α   (   P   v   )    



(4)




where P is the laser power, and v is the scan speed. This proportionality is the same as energy density in relation to laser power and scan speed, meaning cooling rate is directly proportional to energy density. Therefore, it is expected that grain size should increase with increasing energy density and laser power but decrease with laser scan speed, which is observed in Figure 4.



The differences seen in grain morphology can also be explained by the solidification processing map [27], as the scan speed is directly proportional to the solidification rate since the solidification front is the boundary of the melt pool. As a result, when the scan speed is increased, the grain morphology transitions from columnar to equiaxed. Despite not observing the cross section of the samples, the low scan speed samples (Figure 6a,d,g,j) with grains forming in line with the scan direction indicate a more columnar growth morphology compared to the more random grain formation seen in the high scan speed samples (Figure 6c,f,i).




4.2.2. Texture Formation


The trend seen in the texture with scan speed is likely due to changes in the melt pool geometry when changing the scan speed. At low scan speeds, the melt pool will penetrate deep into the previous layers and will form more elliptically aligned grains with the build direction [11]. As a result, the thermal gradient will form parallel to the surface for a large portion of the melt pool. Further, it has been established that for cubic systems, the grains will form in the <001> direction along the thermal gradient. The reason is that during solidification, there is competitive growth between different growth directions, and the direction that dominates is based on which has the highest growth velocity. The growth velocity is based on the following equation [28,29,30]:


      V   h k l     =     V   b     ·   c o s θ   c o s Ψ    



(5)




where Vb is the beam velocity (scan speed), Ψ is the angle between the normal to the solidification interface and the preferred crystallographic direction, and θ is the angle between the heart flow direction and scanning direction. Therefore, the <100> direction will have the largest velocity and will outcompete the growth of the other growth directions in growth normal to the melt pool boundary. As a result, at low scan speeds, if more of the thermal gradients are parallel to each other, then more of the growth will occur in the same orientation. On the other hand, as the scan speed increases, the melt pool elongates along the scanning direction and has a higher curvature, so less of the thermal gradients become parallel to each other [11]. This results in the <001>-direction grains forming neither parallel nor perpendicular to each other, disrupting the preferred grain orientation along build direction. This has also been shown to occur, by Jadhave et al., in pure copper under the PBF-LB process [11].




4.2.3. Phase Formation


As established through EBSD and TEM, the phase formation was unchanged with increasing scan speed and laser power with a fully ferritic phase structure. Under traditional manufacturing methods, such as casting, it is expected that the chemical composition of 2507 DSS would result in both austenite and ferrite phase formation [31]. However, as has been shown in other studies [12,16], the high cooling rate in L-PBF suppresses the formation of austenite. As shown in Figure 9, this remains true even for different laser powers and scan speeds, which implies that, despite altering the cooling rate by adjusting the scan parameters, the changes were insufficient to impact the phase formation significantly. To quantify how much the cooling rate was affected by the scan parameters, an empirical relationship established by Bertoli et al. [32] for 316L can be used to estimate cooling rate:


  C R = G · R = 6.28 ×   10   5     (   P   v   )   − 1.01    



(6)







The cooling rates for each pair of processing parameters are listed in Table 2 and show that the range in cooling rates is roughly 2–3 × 106 K/s. This means that changing the cooling rate within this specific range cannot access the trapped austenite phase that would typically be present in a 50:50 ratio of the material, given its chemical composition. A wider range of cooling rates can be further tested but will likely require changes in hatch spacing and layer thickness so as to not cause excessive porosity. It is important to note that the powder used itself does not have a 50:50 ratio of ferrite to austenite; instead, it is composed of ≈96 vol.% ferrite, as depicted in Figure 2. This is likely attributed to the high cooling rate during the gas atomization process used to form the powder [33]. As a result, the starting point of the PBF-LB process might not have the equilibrium 50:50 phase ratio. If the cooling rate in gas atomization is high enough to reduce austenite to ≈3 vol.%, then the even higher cooling rates in the PBF-LB process can completely suppress austenite in the microstructure and result in significantly different microstructure than conventional processing of the same alloy composition.





4.3. Tensile Behavior


4.3.1. Conventional versus PBF-LB


In evaluating the mechanical performance of the sample made through PBF-LB, first a comparison to a conventionally manufactured ferritic stainless steel is needed. Takaki [34] established that an interstitial free (IF) ferritic steel has a Hall–Petch coefficient of 0.15 MPa  ·  m1/2 and a friction stress of ~50 MPa. The IF ferritic steel was chosen as a comparison, as the chemical composition of the powder used in this study had a negligible amount of carbon, meaning it can be considered IF. In addition, Cr, Ni, Mo, Mn, and Si content present in the DSS 2507 alloy will provide solid solution strengthening, which has been found to increase the yield strength by 5.6 MPa/wt%Cr, by Funakawa and Ujiro [35], 25.8 MPa/at% Si, 15.9 MPa/at%Mo, 16.9 MPa/at%Mn, and 19.2 MPa/at%Ni by Pickering. The relationship for Cr was found empirically for ferritic steels with Cr content up to 23%. While this may not necessarily hold true for higher Cr content, it can still act as a good estimate for the increase in strength from the 27% Cr content in the 2507 alloy. Using the Hall–Petch equation:


    σ   y   =   σ   0   +     k   h      d     



(7)




where kh is the Hall–Petch coefficient, d is the average grain diameter, and     σ   0     is the friction stress, the yield strength of a 40 μm IF ferrtic steel with 27 wt% Cr is predicted to be 170 MPa, which is significantly lower than what was measured for the PBF-LB sample. Including the other alloying elements, the predicted yield strength increases to ≈325 MPa, which is still significantly lower than what was measured. It is therefore clear that other strengthening mechanisms play a significant role in the yield strength of the sample. From the TEM analysis, fine scale chromium nitride precipitates and a high dislocation density of 4.83 × 1014 m−2 were observed that will contribute to additional strengthening. To calculate the contributions of each, the precipitate strengthening can be determined by the Ashby-Orowan relationship [36], as the precipitates are large enough to cause dislocations to bow around the precipitates rather than shear them:


    σ   p p t   =   0.8 M G b   2 π  1 − υ    L   V C     l n (   x   2 b   )  



(8)




where M is the Taylor factor (~2.75 in polycrystalline BCC materials [37]), G is the shear modulus (81.6 GPa for BCC Fe [38]), b is the Burgers vector (0.248 nm for BCC Fe [39]), v is Poisson’s ratio (0.293 for BCC Fe [38]), LVC is the average inter-particle spacing, and x is the average particle diameter on the slip planes. LVC and x are given by the following equations:


    L   V C   =    2   3    (    π   f    − 2 )   r   V C    



(9)






  x = 2    2   3      r   V C    



(10)




where f is the volume fraction of precipitates and rVC is the average precipitate radius. The volume fraction of precipitates and average particle radius were measured by image analysis of Figure 11b, and estimated to be ~0.09 and ~35 nm. Therefore the estimated strength increase is ≈358 MPa. For dislocation strengthening, the Bailey-Hirsh relationship [40] can be used:


    σ   d i s   = M α G b    ρ   t o t a l     



(11)




where     ρ   t o t a l     is the dislocation density and   α   is a constant (0.38 for BCC Fe [41]). From this, the strength increase is estimated to be ≈443 MPa. The total calculated yield strength can be determined by the following equation:


    σ   y   =   σ   0   +   σ   g b   +   σ   s s   +   σ   d i s   +   σ   p p t    



(12)




where     σ   g b     is the grain boundary strengthening given by the Hall–Petch relationship and     σ   s s     is the solid solution strengthening given by the empirical relationship with Cr. The estimated yield strength is therefore: 50 MPa(σ0) + (24 MPa (σgb) + 325 MPa (σss) + 443 MPa (σdis) + 358 MPa (σppt) = ≈1201 MPa, which significantly overestimates the yield strength measured. One potential reason for the overestimate is with the Taylor factor used. The Taylor factor for a randomly oriented polycrystalline BCC Fe is ~2.75. However, as shown in Figure 7, a strong <100> texture is seen for sample 10, which suggests that utilizing the Taylor factor of a randomly textured BCC metal may not be appropriate for this case. Instead, Rosenberg and Piehler [37] showed that for BCC metals, the Taylor factor decreases to a minimum of 2.1 for grains oriented in the <100> direction [37]. Therefore, it is more reasonable to use a Taylor factor of 2.2–2.3 for the dislocation and precipitate strengthening. To confirm this, the average Taylor factor was calculated from the EBSD scan using MTEX and determined to be 2.31. Additionally, another reason for the strength over estimation may be due to the high dislocation density, solute concentration and small inter-particle spacing. The average dislocation spacing can be estimated by ptotal−½ giving an average of ~45 nm, with the average precipitate spacing being ~100 nm. With such a high concentration, it has been suggested that the strength should be calculated as a sum of squares rather than normal addition [39,42,43]:


    σ   y   =   σ   0   +   σ   g b   +    σ   s s   2   +   σ   d i s   2   +   σ   p p t   2     



(13)




this comes from the fact that solutes, precipitates and dislocations act as obstacles preventing dislocation glide, and so when they are present in high concentrations the effective spacing between them is not a simple addition of each, but a sum of squares relationship [42,44]. As a result, the strengthening effect follows the same relationship. Taking these into account gives an estimated yield strength of 50 MPa(σ0) + 24 MPa (σgb) + [(325 MPa (σss))2 + (372 MPa (σdis))2 + (300 MPa (σppt))2 ]½ ≈ 652 MPa, which is in much better agreement with the yield strength measured from sample 10.



Traditionally manufactured 2507 DSS made through casting and hot-rolling have been reported with yield strengths ≈480–500 MPa [45,46], and elongations of >25%. Compared to sample 13, the yield strength is lower, while the ductility is higher. The lower yield strength is likely due to the increased dislocation density that forms from the L-PBF process, as well as the higher austenite content in the casted samples. This is also the reason for the higher ductility in the casted sample, as the presence of a significant austenite phase fraction (≈50%) allows for higher ductility than the purely ferritic samples reported here.



Samples made with other processing conditions were not tested so as to avoid excessive porosity from affecting the mechanical behavior of the as-printed samples. Davidson and Singamneni [15] have reported hardness tests with samples of 2507DSS made with different processing conditions, and found a decrease in hardness with an increase in austenite content from lower energy densities. Since the correlation was found between a change in austenite content, but no change in austenite content with processing conditions was found here, it is likely that this effect would not be found. The grain size was observed to change with changing processing parameters, but given that the minimum grain size was ~35 μm, as shown by the analysis above, it would have minimal impact on the yield strength. However, other properties, such as dislocation density and nitride precipitation could be affected, and is planned to be examined in future works.




4.3.2. Hall–Petch Analysis of PBF-LB-Made Samples


To compare the mechanical behavior to other samples printed by PBF-LB, a Hall–Petch plot was constructed using data from the literature of mostly ferritic DSS alloys made through PBF-LB, and is shown in Figure 14. Values from the literature were used, as changing the grain size would require altering the processing conditions, which would result in higher porosity, or applying post-processing heat treatments, but the purpose is to understand the Hall–Petch relationship in the as-built condition. Each yield strength, ultimate tensile strength, and grain size were taken from the as-built condition samples as reported in each study. Each of the samples in the other studies were made with 2205 DSS instead of 2507 DSS, and reported some amount of austenite (~0.5–2%) precipitated in the as-built condition. From the Hall–Petch plot, a Hall–Petch coefficient of 0.183 MPa  ·  m1/2 for yield strength and 0.219 MPa  ·  m1/2 for ultimate tensile strength are calculated. The Hall–Petch coefficient, therefore, is in good agreement with that of the IF ferritic steel which was conventionally processed. It is important to note, however, that some of the other alloy compositions taken from the literature have a relatively higher carbon concentration, with the sample made by Haghdadi et al. [13] for example, having 0.02wt%. Furthermore, Takeda et al. [47] found that slight increases in carbon, such as 0.006wt% can lead to large increases in the Hall–Petch coefficient (from 0.1 to 0.55 MPa  ·  m1/2). One reason for why this large Hall–Petch coefficient may not be seen is due to the high cooling rate preventing carbon from fully diffusing to the grain boundaries, and staying within a solid solution. Wilson [48] found that increasing the cooling rate by only a few K/s can lessen the effect of carbon on the Hall–Petch coefficient, and so it is likely that the significantly higher cooling rate from PBF-LB printing compared to conventionally manufacturing will have a significant effect in reducing the Hall–Petch to values similar to IF steels.



From the Hall–Petch plot, it is also shown that the yield strength relation to grain size has significantly more scatter than that of the ultimate tensile strength. One reason for the increased scatter is likely related to variations in the initial dislocation density that forms during printing. As discussed previously, the high dislocation density plays a major role in the strengthening of the printed part. This dislocation density likely arises from the high internal stresses that form during printing, due to the contraction that occurs during the melt pool solidification stressing the previous solidified layer enough to cause yielding. For example, Yadroitsev and Yadroitsava [49] showed that during the printing of 316L, the thermal stress due the contraction of the melt pool during solidification can exceed the yield strength of 316L up to 150 μm in depth of the part. However, the areas affected by the high thermal stress and the magnitude of the stress depend on the scanning parameters [50] as well as the height of the build, with the stress decreasing with increased build height.



Compared to the yield strength, the ultimate tensile strength does not have as much scatter in the Hall–Petch plot and is likely due to the decrease in variance of the dislocation density after yielding. The work hardening rate is inversely proportional to the dislocation density and is quantified through Taylor’s law [51]:


    θ   P   =   α G M b   2  ρ      d ρ   d   ε   p      



(14)




where     ε   p     is the plastic strain. As a result, the dislocation density will likely balance between samples as they are strained, leaving the grain boundary strengthening to have a more dominant effect on the ultimate tensile strength than the initial dislocation density.
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Figure 14. Hall–Petch plot using (a) yield strength and (b) ultimate tensile strength. Data taken from reported values in each work and from sample 10 reported here [13,16,46,52,53]. 
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The yield strength and ultimate tensile strength of sample 10 were measured to be lower than those of the other samples made through the PBF-LB process [13,16,46,52,53], even after accounting for the grain size differences. In other studies [13,16,46,52,53], austenite precipitates were reported and could be an additional source of precipitation strengthening depending on the size and distribution of the precipitates.






5. Conclusions


From this examination of how the L-PBF processing conditions affect the build quality, microstructure, and mechanical properties of DSS, the following important observations were made:




	1.

	
The simple energy density formula alone may not effectively capture the underlying processes that affect the porosity formation during the L-PBF process. Instead, it is better to use it in conjunction with the underlying processing parameters to attain a more accurate prediction of the build quality. Additionally, DSS displays similar trends to other metals in terms of how the energy density, scanning speed, and laser power affect the build quality, and the optimal processing conditions observed are shown.




	2.

	
Both the scan speed and laser power have a noticeable effect on the grain size, while only scan speed seems to strongly affect the texture. These can be important factors to consider when deciding on scan parameters, as they may affect the mechanical performance of the as-built samples.




	3.

	
The phase formation appears to be unaffected within this range of scan parameters; these parameters are unable to unlock the trapped austenite phase due to the high cooling rate of the L-PBF process.




	4.

	
Chromium nitride precipitates were observed in the microstructure exhibiting HCP and BCC crystal structures when formed at the grain boundaries and within ferrite grains, respectively.




	5.

	
The measured yield and ultimate tensile strengths can be explained using a combination of strengthening mechanisms: grain boundary strengthening (Hall–Petch), initial dislocation density, and fine-scale chromium nitride precipitates.









As a result, our study provides a comprehensive look at how the processing conditions used in L-PBF affect the formation of DSS and can help act as a base for further examinations of the material in additive manufacturing. This includes our future planned work on examining the hardness and residual stress relationship in as-built L-PBF samples.
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Figure 1. Schematic diagram of L-PBF process, including the scan strategy used and the surface that was examined for each sample. 
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Figure 2. (a) SEM image of raw DSS powder along with (b) IPF map and (c) phase map overlaid on IQ map of a single particle measured through EBSD. The phase ratio was measured to be 96.8% BCC, and 3.2% FCC. 
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Figure 3. Porosity measurements of each sample obtained from optical microscopy and plotted versus (a) input energy density and (b) laser scan speed for different laser powers. The data points represent average values from 3 different areas on the surface. 
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Figure 4. (a–c) EDS X-ray maps of elements Fe, Si, and O, respectively, from the regions identified as pores on the surface (image shown here is from sample 6). Lack of signal from the dark region indicates that it is a pore and not oxide inclusion or embedded particle on the surface. 
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Figure 5. X-ray MicroCT scans of (a) sample 7, (b) sample 10, and (c) sample 3. The pores are colored by their volume, and the cylinder outline represents the total volume used for the analysis. The volume analyzed is the center of the overall fabricated part. 
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Figure 6. IPF maps of (a) sample 1, (b) sample 2, (c) sample 3, (d) sample 4, (e) sample 5, (f) sample 6, (g) sample 7, (h) sample 8, (i) sample 9, (j) sample 10, and (k) sample 11. The build direction is normal to the surface shown. 
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Figure 7. Average grain diameter as measured from EBSD plotted versus (a) energy density, (b) laser scan speed, and (c) laser power. 
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Figure 8. Texture plots of (a) sample 1, (b) sample 2, (c) sample 3, (d) sample 4, (e) sample 5, (f) sample 6, (g) sample 7, (h) sample 8, (i) sample 9, (j) sample 10, and (k) sample 11. The build direction is normal to the surface shown. 
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Figure 9. Phase maps of (a) sample 1, (b) sample 2, (c) sample 3, (d) sample 4, (e) sample 5, (f) sample 6, (g) sample 7, (h) sample 8, (i) sample 9, (j) sample 10, and (k) sample 11. The build direction is normal to the surface shown. 






Figure 9. Phase maps of (a) sample 1, (b) sample 2, (c) sample 3, (d) sample 4, (e) sample 5, (f) sample 6, (g) sample 7, (h) sample 8, (i) sample 9, (j) sample 10, and (k) sample 11. The build direction is normal to the surface shown.



[image: Crystals 14 00081 g009]







[image: Crystals 14 00081 g010] 





Figure 10. (a,b) Bright-field (BF) STEM image of precipitate found in ferrite grain of sample 10 along with EDS mapping of the precipitates. (c) HR-STEM images of precipitate. (d) Magnified HR-STEM image of precipitate from area highlighted in (b,c). (e) FFT of the ferrite matrix and (f) FFT of the precipitate. 
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Figure 11. (a,b) Bright-field (BF) STEM image, EDS X-ray maps of precipitates at a ferrite grain boundary in sample 10, and EDS mapping of the precipitates. (c) HR-STEM images of precipitate from area highlighted in (b) with (d) FFT of the precipitate. 
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Figure 12. (a) BF-STEM image showing dislocations found within ferrite matrix of sample 10. Sample tilted to [111] zone axis with the diffraction pattern shown in the inset. (b) BF-STEM image showing dislocations seen under two-beam condition tilted to g = 110, as shown in inset. 
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Figure 13. Engineering stress–strain curve measured from tension test conducted on sample fabricated using the same processing conditions as sample 10 (1000 mm/s scan speed, 280 W laser power). 
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Table 1. PBF-LB processing parameters used in this study for printing 2507 DSS.
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	Sample #
	Scan Speed
	Laser Power





	1
	1000 mm/s
	310 W



	2
	1200 mm/s
	310 W



	3
	1400 mm/s
	310 W



	4
	1000 mm/s
	300 W



	5
	1200 mm/s
	300 W



	6
	1400 mm/s
	300 W



	7
	1000 mm/s
	290 W



	8
	1200 mm/s
	290 W



	9
	1400 mm/s
	290 W



	10
	1000 mm/s
	280 W



	11
	1200 mm/s
	280 W










 





Table 2. PBF-LB Processing Parameters and Estimated Cooling Rates.
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	Sample #
	Scan Speed
	Laser Power
	Estimated Cooling Rate





	1
	1000 mm/s
	310 W
	2.05 × 106 K/s



	2
	1200 mm/s
	310 W
	2.46 × 106 K/s



	3
	1400 mm/s
	310 W
	2.88 × 106 K/s



	4
	1000 mm/s
	300 W
	2.12 × 106 K/s



	5
	1200 mm/s
	300 W
	2.54 × 106 K/s



	6
	1400 mm/s
	300 W
	2.97 × 106 K/s



	7
	1000 mm/s
	290 W
	2.19 × 106 K/s



	8
	1200 mm/s
	290 W
	2.64 × 106 K/s



	9
	1400 mm/s
	290 W
	3.08 × 106 K/s



	10
	1000 mm/s
	280 W
	2.27 × 106 K/s



	11
	1200 mm/s
	280 W
	2.73 × 106 K/s
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