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Abstract: In our previous study, intercritical quenching from the dual-phase region of ferrite and
austenite regions, which is called lamellarizing (L) treatment, brought a clear improvement of balance
between the strength and toughness of Cu-containing low alloy steel based on American Society
for Testing and Materials (ASTM) A707 5L grade. Moreover, the results imply that the reverse
transformation behavior during L treatment is very important in order to optimize the L treatment
temperature. Hence, the purpose of this paper is to clarify the mechanism by which L treatment
improves the mechanical properties in terms of reverse transformation behavior. Additionally,
offshore structures require good weldability, because the structures generally have a lot of weld
joints. Therefore, weldability was also investigated in this study. The investigation revealed that
coarse Cu precipitates are observed in the not-transformed α phase, so the strength tendency in
relation to the L treatment temperature is relevant to the area ratio of the not-transformed α phase
and the transformed γ phase during L treatment. From the in situ electron back scatter diffraction
(EBSD) results, it is believed to be possible to enhance the mechanical properties of Cu-containing
low alloy steel by controlling the area ratio of the reverse-transformed gamma phase and selecting
the appropriate L treatment temperature. Furthermore, the long part forging of Cu-containing low
alloy steel has a good weldability, since the maximum hardness of the heat-affected zone (HAZ) is
less than 300 HV, and the HAZ of steel has a good crack tip opening displacement (CTOD) property
with less than 2.3 kJ/mm of heat input of GTAW.

Keywords: ASTM A707; Cu-containing low alloy steel; intercritical quenching; long part forging;
offshore application

1. Introduction

Oil and natural gas are major energy sources, accounting for about 60% of the primary energy
in the world. Ultra-deepwater development is expected to increase in the future, as demands for oil
and natural gas increase [1]. Copper-containing low alloy steel based on the American Society for
Testing and Materials (ASTM) A707 5L grade is widely used for structural parts of offshore wells
because of its low carbon equivalent (Ceq) and weld crack sensitivity composition (Pcm) [2–4]. From the
viewpoint of preventing failure and accidents, steel with high strength and excellent low-temperature
toughness is required. Generally, the forging steel is subjected to quenching (Q) and tempering (T).
The steel is reverse-transformed from α to γ by holding the quenching temperature; after that, γ is
transformed to bainite or martensite by water cooling. However, manufacturing large forged parts
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that have homogeneous and excellent properties over the whole length and thickness is difficult, since
there are various reasons such as the segregation of elements, mass effects, and so on.

Therefore, in our previous research, we investigated the effect of intercritical quenching—which is
called lamellarizing (L) treatment—from the dual-phase region of ferrite (α) and austenite (γ) on the
mechanical properties and microstructures of A707 modified steel using 50-kg test ingots [5]. L-treated
steels such as structural steel and steel for very low temperatures have been studied [6–13]. On the other
hand, the effects of L treatment on Cu-containing low alloy steel have not been reported. The strength
of Cu-containing low alloy steel is improved by Cu deposited during heat treatment [2–14]. Therefore,
for the A707 modified steel, the Cu precipitation state is very important to obtain the strength. On the
other hand, it has been reported that the precipitation behavior of Cu-bearing steel differs depending
on each stage of the refining heat treatment, especially intercritical quenching or tempering [15]. So,
it is extremely important to evaluate the mechanical properties of the material whose L treatment
conditions are changed and also show the optimum treatment conditions in A707 modified steel as
well in order to apply for offshore structures. In our previous research, L treatment brought clear
improvement in the balance between the strength and toughness of A707 modified steel [5]. Therefore,
the purpose of this research is to clarify the mechanism of improvement of mechanical properties by
L treatment in terms of reverse transformation behavior, because the behavior during L treatment
is considered to affect the mechanical properties of heat-treated steel due to grain refinement and
the hardness of each phase. Based on our previous results, we applied L treatment to a long forged
product about 20,000 mm long, and studied the mechanical properties, including crack tip opening
displacement (CTOD) and nil ductility transition temperature (NDTT) over the trial production to
check whether or not L treatment has a good effect on the mechanical properties.

In the manufacturing of offshore structures, the weldability of steel is very important because
the structures have a lot of weld joints. In general, the equivalent amount of C is kept at a low level,
and the component design is in consideration of the weldability of the A707 steel. However, since the
element, such as C, Ni, and Mn, diffuses to the reverse-transformed γ phase during the L treatment and
becomes concentrated locally [16], there is also a concern that the local non-uniformity of the element
might reduce the weldability. Therefore, the weldability of the forging that applied L treatment was
evaluated from the CTOD property of the welded part in this study.

2. Materials and Methods

2.1. Material

The specimens used in this study were cut from a 50-kg steel ingot made by vacuum induction
melting (steel A) and a full-scale large forging that weighed approximately 10 metric tonnes (steel B).
Table 1 shows the chemical composition and transformation temperatures of the steels. The steels are
characterized by low C content to obtain good weldability, and high Ni and Cu content to guarantee
adequate hardenability and strength. Moreover, Al and Nb are added to refine the prior austenite
grain size.

Table 1. Chemical composition and transformation temperature of the steels investigated.

Chemical Composition
(mass%)

Transformation Temp.
(K)

C Si Mn Ni Cu Other AC1 AC3

Steel A
(50 kg test ingot) 0.03 0.35 1.40 2.15 1.27 Cr, Mo,

Al, Nb 927 1083

Steel B
(Full-size product) 0.02 0.33 1.30 2.11 1.23 Cr, Mo,

Al, Nb 927 1081

Steel A was forged in the temperature range of 1523 K to 1173 K to a 45-mm thickness at a forging
ratio of approximately 4.0 followed by air-cooling to room temperature. After that, normalizing and
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quality heat treatment with intercritical quenching were carried out. The heat treatment conditions
are shown in Figure 1. The samples were quenched at 1173 K after normalizing at 1233 K, and L
treatment was subsequently conducted at temperatures from 953 K to 1068 K in order to clarify the
effects of L treatment temperature on the mechanical properties and its mechanism in terms of reverse
transformation behavior. After L treatment, these were tempered at 873 K for 4 h. Since steel A is a
forging plate of 45-mm thickness, the cooling rate of a center part of a water-quenched 300-mm thick
section of the long part forging can’t be simulated by ordinary water cooling during quenching and
L treatment. Since the difference in the cooling rate greatly affects the mechanical properties, it is
necessary to control the cooling rate of quenching and L treatment for various investigations using steel
A, which is a screening test for examining the applicability of L processing. Hence, in this research, the
cooling rate of the test of steel A was simulated to be the central part of the water-quenched 300-mm
thick section by the heat treatment furnace, which can control the rate.
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Figure 1. Heat treatment condition producing Q–L–T samples. Q: quenching; L: lamellarizing;
T: temperature.

Figure 2 shows schematic illustration of the full-size product of steel B—which was 20,000 mm
long, with a maximum diameter of 1200 mm and weight of 10 metric tons—and sampling locations.
The production process is as follows: ingot making, hot working, and preliminary and quality heat
treatment with L treatment at 1068 K. The casting ingot, which was 90 metric tons, was hot-forged
to near the final product shape, as shown in Figure 3a. After forging, a quality heat treatment was
conducted using a vertical furnace, as shown in Figure 3b.
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2.2. Experimental Procedure of Mechanical Properties of the Steel with L Treatment

In this study, mechanical properties such as tensile strength, toughness, and fracture toughness
were evaluated by a tensile test, Charpy impact test, drop weight test (DWT), and CTOD test. Following
the ASTM E8 specification, cylindrical tensile test specimens 50 mm in gauge length and 12.5 mm
in diameter were prepared such that the length direction of the specimen was perpendicular to the
main forging direction. The Charpy impact test was conducted using 2-mm V-notched ASTM A370
specimens. The fracture appearance transition temperature (FATT) was also evaluated. The grain sizes
(hereafter called the EBSD grain size, in which EBSD stands for electron back scatter diffraction) of the
samples were estimated from the boundaries with misorientations of 15 degrees or larger determined
by the analysis of EBSD patterns. The EBSD grain sizes and toughness have a correlation [3]. Thus, the
EBSD grain size was measured from a cross-section of the Charpy impact test specimen in order to
clarify the relationship between the L treatment temperature and the EBSD grain size.

The NDTT was measured by DWT in accordance with ASTM E208. The specimen type was P-3
with a crack starter bead. In addition, the CTOD test was carried out using the B × 2B and B × B types
per ISO 15653:2010, as shown in Figure 4. The value of B was 16.7 mm for the B × 2B type specimen,
and 100 mm for the B × B type specimen. The specimens were taken from the center of the forging.
The CTOD tests for the B × 2B type thin series and B × B type thick series were conducted at 253 K and
273 K, respectively. The loading rate (dK/dt) was 0.5–3.0 MPa m1/2/s. CTOD values were calculated
using Equation (1) [17]:

δ =
K2
(
1− ν2

)
2σYE

+
rp(W − a0)Vp

rp(W − a0) + a0 + z
(1)

where δ (mm) is the CTOD value, K (MPa m1/2) is the stress intensity factor, E is Young’s modulus, rP is
the rotation factor, W (mm) is the specimen width, a0 is the initial crack length, Vp (mm) is the plastic
component of the notch-opening displacement, and z (mm) is the distance of the notch-opening gauge
location on the surface of the specimen.
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Moreover, Cu precipitation and the behavior of the reverse transformation was observed in this
study to clarify the mechanism of the L treatment on the steel. Cu precipitation in the Q (hereafter
called as-Q) and the Q-L (hereafter called as-L) material was observed using a transmission electron
microscope (TEM). Moreover, reverse transformation behavior was checked using in situ EBSD, which
was able to measure at high temperatures. The in situ EBSD test condition is shown in Figure 5.
The reverse transformation behavior was researched at temperatures from 823 K (below AC1) to 1103 K
(above AC3), as shown in Figure 5a, using the as-quenched sample of steel A. Moreover, the test was
carried out at 1053 K and 1068 K for 2 h to clarify the relationship between the area ratio of these phases
and the holding time of the L treatment (see Figure 5b).
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2.3. Experimental Procedure of Weldability of the Steel

The weldability was evaluated using welding test plates 250 × 400 × 20 mm in size, which were
cut from the long part of the full-sized production forging. The test plates were welded using gas
tungsten arc welding (GTAW) or submerged arc welding (SAW). Figure 6 and Table 2 show schematic
illustrations of the welding test plate and welding conditions, respectively. The welding heat input
was changed from 1.5 kJ/mm to 3.5 kJ/mm in order to investigate the relationship between heat input
and mechanical properties, especially the toughness of the heat-affected zone (HAZ) for the weld
joint. After welding, each specimen was cut from the weld test plate without preheating or post-weld
heat treatment.
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Table 2. Welding conditions.

Welding Process Abbreviated
Expression Consumable Maximum Heat Input

(KJ/mm)

Submerged arc welding SAW A5.23
F9A8-EG-G

3.5
2.5
1.8

Gas tungsten arc welding GTAW A5.28 ER100S-G
2.7
2.3
1.6

The macrostructures of the weld joints were observed using cross-sections of the joints. Specimens
was cut perpendicularly to the welding direction and etched in a copper chloride ammonia and
hydrochloric acid solution. The Vickers hardness profile was measured at 1-mm depth from the surface
of the weld joints. In addition, the CTOD test was conducted in this study. The specimens for the
CTOD test were B × 2B (15 × 30 mm) in accordance with BS 7448 Part 2, and the notch of the CTOD
specimen was located at the center of the weld metal, which is called the fusion line (F.L.), as well as
at F.L. + 1 mm, F.L. + 2 mm, and F.L. + 5 mm. After preparation of the specimen, local compression
treatment was conducted according to BS 7448 Part 2 to introduce straight initial fatigue pre-cracking.
Then, the test was carried out at 273 K.

3. Results and Discussion

3.1. Effect of L Treatment Temperature on Mechanical Properties

In our previous study [5], we investigated the mechanical properties of a Q–T sample and Q–L–T
sample and the effect of L treatment temperature on the mechanical properties of the steel. The Table 3
shows a summary of the mechanical test data of the Q–T and Q–L–T samples for various L temperatures.
Based on those results, the effects of L treatment on mechanical properties are as follows:

1. The tensile strength (T.S.) of the Q–L–T sample is comparable to that of the Q–T sample. Also,
0.2% yield strength (Y.S.) is slightly decreased by L treatment.

2. The toughness is dramatically improved by L treatment.
3. The strength–toughness balance was obviously improved by L treatment at 1068 K (near the AC3

point of the steel).
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Table 3. Summary of the mechanical test data of the Q–T sample and Q–L–T samples obtained at
various L temperatures.

Heat
Treatment

Process

L Treatment
Temp.

(K)

0.2% Y.S.
(MPa)

T.S.
(MPa)

El.
(%)

R.A.
(%) YR (-) FATT (K)

Each Ave. Each Ave. Each Ave. Each Ave.

Q-T - 642
640

729
729

28
28

75
76 0.88 233638 729 28 76

Q-L-T 1053
569

569
725

726
27

27
76

75 0.78 193570 727 27 75

Q-L-T

953
564

570
675

680
29

29
80

80 0.84 198575 684 28 80

1003
525

525
661

661
31

31
81

82 0.79 190525 661 31 82

1038
532

530
665

664
30

30
80

80 0.80 185527 663 30 79

1053
531

532
663

663
31

31
81

81 0.80 190532 663 30 81

1068
568

567
684

684
29

30
80

81 0.83 178566 683 31 82

Moreover, based on the above results, we investigated whether or not it is possible to obtain a good
effect of L treatment on mechanical properties using a full-scale long forging product manufactured
from A707 Grade L5 modified steel. The mechanical properties at each location are summarized in
Table 4. From the above results, it was confirmed that the full-scale forging product was chemically
homogeneous across its whole length, and had excellent tensile properties and fracture toughness
using L treatment.

Table 4. Typical production test results in a trial product.

Sampling Location
0.2% Y.S.

(MPa)
T.S.

(MPa)
El.

(%)
R.A.
(%) YR

(-)
FATT

(K)
NDTT

(K)
CTOD Value
δ (mm)

Each Ave. Each Ave. Each Ave. Each Ave.

Thin part*

TP
618

617
692

692
28

29
82

82 89 163 208
1.52 (δm)
1.27 (δm)
1.17 (δm)

616 691 29 82

MP
606

607
681

681
29

29
82

82 89 159 208
1.27 (δm)
1.46 (δm)
1.38 (δm)

607 681 29 82

Thick part*

FP
552

547
669

666
30

30
81

81 82 159 228
2.89 (δm)
2.98 (δm)
2.35 (δu)

542 663 30 81

BP
557

562
676

677
30

30
81

81 83 160 228
2.96 (δm)
2.86 (δm)
3.23 (δm)

566 678 30 81

* The shapes of the specimens for the CTOD test were B × 2B at the thin part and B × B at the thick part. The value
of B was 16.7 mm for the B × 2B type specimen and 100 mm for the B × B type specimen. The CTOD tests for the
B × 2B type thin series were conducted at 253 K, and the B × B type thick series was tested at 273 K.

These investigations clarified that L treatment is the better method to improve the mechanical
properties of full-scale long forging products, but it is necessary to consider the mechanism.
We considered that the effect of the L treatment temperature on the balance of strength and toughness
depends on the ratio of the reverse transformed γ phase and the not-transformed α phases during
L treatment. Therefore, the reverse transformation was investigated over a temperature range from
below AC1 to above AC3 using in situ EBSD in order to clarify the microstructure variation during
the treatment. The phase maps are shown in Figure 7. The gray region shown in Figure 7 indicates
the not-transformed α phase, and the light yellow region indicates the reverse transformed γ phase
at the measurement temperature. Figure 7a shows that all of the regions are in the α phase, and
reverse transformation has not occurred, since 823 K—which is the measurement temperature—is
about 100 K lower than the AC1 point of the steel. However, small amounts of reverse transformed γ
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phases were generated from the grain boundaries of the α phase at 903 K, and the reverse transformed
γ phase region spread with increasing temperature. Furthermore, the insides of grains were observed
at 1003 K. When the temperature was raised to 1053 K or 1083 K, there was a complicated structure
consisting of not-transformed α phases and transformed γ phases. Over 1103 K, the microstructure
consisted entirely of transformed γ phases. The in situ EBSD measurement results indicate that a fine
and complicated microstructure is formed by L treatment at higher temperatures between AC1 and
AC3. The complicated structure seems to indicate that the crystal grain after the L treatment become
extremely fine.

The area ratio of the transformed γ phase depends not only on the temperature of the L treatment
but also on the holding time [8]. Hence, it is necessary to grasp the relationship between the γ phase
and holding time to develop the mechanical property-improving effect due to the complication of the
microstructure caused by the L treatment. Figure 8 shows changes with time in the area ratio of the
not-transformed α phase and the transformed γ phase measured by in situ EBSD. The area ratios of
the transformed γ phase when the temperature reached 1053 K and 1068 K were approximately 40%
and 60%, respectively. At both temperatures, the proportion of the reverse transformation γ phase
increased with the increase of the holding time, and the area ratio of the transformed γ phase reached
approximately 60% at 1053 K and 90% at 1068 K after holding for 120 min. The area ratio of the γ phase
at 1068 K also became almost constant beyond 100 min. Therefore, the necessary L treatment time is
thought to be at least 100 min in order to stably obtain the mechanical property-improving effect.
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As mentioned above, the material is Cu precipitation-strengthened steel. Hence, it is important to
elucidate the Cu precipitation behavior in the not-transformed α phase and in the transformed γ phase
during L treatment. Figures 9 and 10 show TEM images and element (Ni, Cu, and Mn) maps using
TEM-Energy Dispersive X-ray Spectroscopy (EDS), respectively. No Cu precipitates were observed in
the as-Q sample, while Cu precipitated significantly in the as-L sample. It should be noted that there
are Cu precipitated region and non-precipitated regions. The region containing coarse Cu precipitates
seems to be in the not-transformed α phase, because the α phase tempered at high temperatures
during L treatment. On the other hand, the region containing no Cu precipitates is considered to be
the transformed γ phase, and Cu may be dissolved in the matrix. The region at which coarse Cu
precipitated is presumed to be the not-transformed α phase, because the not-transformed α phase is
tempered during the L treatment, and the precipitated Cu is simply coarsened.
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3.2. Mechanism of Improvement of Mechanical Properties by L Treatment

As mentioned above, the influences of the L treatment temperature on mechanical properties are
as follows:

1. The strength of the Q–L–T material becomes lower than that of the Q–T material in the cases
where the L treatment was carried out in the temperature range from 1003 K to 1053 K (between
AC1 and AC3).

2. The toughness gradually improves as the L treatment temperature increases.

Firstly, we discuss the main reason for phenomenon (1). The strength of Cu-added steel generally
depends on the dispersed state of Cu precipitation resulting from heat treatment [2,14], and the
precipitated state is dependent on the L treatment temperature [15]. When the steel is heated to
about 723 K to 823 K, the strength increases by age hardening, but the strength decreases in an
overaging treatment at temperatures over 823 K. Additionally, L treatment is a heat treatment in the
two phases (α and γ). The investigation implied that the not-transformed α phase is softened during L
treatment, because it is heated up to 1068 K. Hence, the strength could be decreased in the softened
not-transformed α phase. The results shown in Figures 9 and 10 also indicate that the decreased
strength is consistent with coarse Cu precipitates. On the other hand, Cu precipitates dissolve into
transformed γ phases again, and then the γ phases are quenched. Hence, the γ phases harden due to
Cu precipitation during tempering. L treatment at 953 K (right above AC1) has a trivial effect on the
strength, because the not-transformed α phase was tempered at low temperatures. However, as the L
temperature for treating the steel ranged between 1003–1053 K, the strength was notably decreased
due to the not-transformed α phase treated with high-temperature tempering. For the L treatment at
1068 K (right below AC3), the strength of the sample was higher than that treated at approximately
1003 K to 1053 K. According to Figure 8, the transformed γ phase became the main phase after holding
at 1068 K for 2 h; therefore, the harder phase inherited the γ phase, leading to improve strength.

Secondly, we discuss the main reason for phenomenon (2). Previous research has suggested that
the retained γ phase is stabilized by L treatment and is helpful for enhancing the low-temperature
toughness of the 9% Ni steel [6]. However, the Cu-containing low alloy steel did not have a retained
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γ phase after L treatment, so the improvement of toughness owing to the L treatment is not related
to the retained γ phase for this steel. Therefore, it is necessary to verify the mechanism of toughness
improvement other than the retained γ phase. Thus, we focused on the EBSD grain size that indicates
the distribution of high angle grain boundary (HAGB), because the HAGB generally has high crack
propagation resistance [18]. In other words, the refinement of EBSD particle size indicates an increase
in the frequency of HAGB. The EBSD grain size of each sample underwent L treatment at a temperature
range from 953 K to 1068 K in order to investigate phenomenon (2). The results are shown in Table 5
and Figure 11. The EBSD grain size became finer as the L treatment temperature increased, and also,
the grain size of the sample treated at an optimized temperature, which was 1063 K, was the finest
among the four samples. These results suggest that the toughness improvement with the increasing
L temperature is due to the grain refining. Furthermore, in past literature [19], it is reported that
the effective grain size corresponding to the destructive unit of the brittle fracture is refined, and
the toughness is improved along with the refinement of the EBSD grain size. This report supports
our results.

Table 5. The electron back scatter diffraction (EBSD) grain size of Q–L–T samples treated at
various temperature.

L Treatment Temperature (K) EBSD Grain Size (µm)

Average Maximum

953 12.5 129
1003 10.8 96
1053 10.5 84
1068 7.2 49
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Reference [8] reported that the optimum L treatment of SA508 Gr.3 steel is at a relatively low
temperature between the AC1 and AC3 of the steel, and the trend is different from the research results
using A707 modified steel. In A707 modified steel, when the L treatment temperature is relatively
high—that is, near the AC3 point—a good balance of strength and toughness could be obtained. This is
considered to be the difference in whether the mechanical properties after the L treatment are due
to the precipitation or dispersion of carbides, or the area ratio of the reverse transformed γ phase
and the Cu precipitates. In the SA508 Gr.3 steel, the C content is about 0.20 mass%, and the carbides
precipitated during the L treatment have an effect on the mechanical properties. On the other hand, the
carbides might be slightly precipitated during the treatment in A707 modified steel, because the steel
has 0.03 mass% C. Accordingly, the refinement of the grain size by reverse transformation during the L
treatment and precipitation state of the Cu become dominant with respect to the mechanical properties.
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From these results, it is considered that the optimum L treatment condition differs depending on the
steel type, because the influence factor affecting the mechanical properties is different.

Based on these results, schematic illustrations regarding changes in the microstructure and
precipitates during the L treatment of A707 modified steel are shown in Figure 12. Reverse
transformation does not proceed in the state at 953 K that is shown in Figure 12a, so the grain
refining and the toughness improvement are not achieved. At 1053 K, as shown in Figure 12b, the
toughness improves due to the refined grain size with the reverse transformation, but the strength is
decreased by the not-transformed α phase containing coarse Cu precipitates, because the area ratio of
the not-transformed α phase still remain approximately 40% after L treatment. At 1068 K, as shown in
Figure 12c, the α phase almost transforms to the γ phase after 2 h. The transformed γ phase bears the
strength of the steel, because it becomes fresh bainitic ferrite during the cooling process of L treatment,
and furthermore, Cu precipitates in a matrix during tempering. It is important to retain a small
amount of not-transformed α phase during L treatment for grain refining. From the above hypotheses,
it is believed to be possible to enhance the mechanical properties of Cu-containing low alloy steel
by controlling the area ratio of the reverse transformed γ phase and by selecting the appropriate L
treatment temperature.
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3.3. Weldability of Cu-Containing Low Alloy Steel

The weldability of the steel was evaluated using a weld plate cut from near the top part (TP) of the
full-scale forged product. The macrostructures of the cross-sections of the joints welded at 2.5 kJ/mm
with SAW and 2.3 kJ/mm with GTAW are shown in Figure 13. No welding defects were observed in
either macrostructure photo. Figure 14 shows the Vickers hardness distribution of each weld joint at
1-mm depth from the surface. Both weld joints had over-matching profiles, and also a maximum HAZ
hardness of about 290 HV, which were acceptable values for offshore applications.
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CTOD tests were performed at 273 K on five different notch locations of the SAW weld joint made
under a heat input of 3.5 kJ/mm. The results are shown in Figure 15. The test load reached a maximum
at the weld metal, F.L. + 2 mm and F.L. + 5 mm, and the CTOD values were judged to be δm. However,
the CTOD value decreased approaching the F.L., and showed the lowest value at the F.L. The critical
CTOD value was 0.06 mm at the F.L. location. An inverse pole figure (IPF) map with HAGB was
measured at the F.L. and F.L. + 2 mm locations using EBSD in order to estimate the low CTOD value of
the F.L. The results are shown in Figure 16. Fine grains were observed at the F.L. + 2 mm location,
but there were coarse grains at the F.L. The temperature rise caused by welding probably leads to
significant grain coarsening near the F.L. It is well-known that the toughness of the HAZ is decreased
by the formation of coarse grain HAZ. Hence, it is important to reduce the heat input to the welded
part, and suppress the grain coarsening in order to improve the toughness of the welded part.
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Figure 17 shows the relationship between heat input and CTOD values at the F.L. of SAW or
GTAW. For SAW, the CTOD values with a heat input of 2.5 kJ/mm were almost the same as those at 3.5
kJ/mm, but those of 1.8 kJ/mm were slightly higher than the other two. On the other hand, the CTOD
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properties were significantly improved with low-heat input GTAW. The critical CTOD values with
heat inputs of 2.7 kJ/mm and 1.6 kJ/mm were 0.17 mm and 0.62 mm, respectively. The results suggest
that the CTOD property has a tendency to improve with the decreasing heat input of the weld, and the
tendency in GTAW was clearer than that in SAW. The difference between the SAW and GTAW results
might be due to the shape of the HAZ, and we will work to clarify this in future studies. We have
concluded that the long part forgings of Cu-containing low alloy steel have a good weldability, because
the maximum hardness of HAZ is less than 300 HV, and the HAZ of steel has a good CTOD property
with heat input less than 2.3 kJ/mm using GTAW.
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4. Conclusions

The effects of L treatment temperature on the mechanical properties of A 707 Grade L5 modified
steel were investigated, and the mechanisms of the effects were also discussed in terms of the reverse
transformation behavior and precipitates. In addition, L treatment was applied to a full-scale long part
product, and the weldability of the product was evaluated. In conclusion:

• The strength–toughness balance was obviously improved by L treatment at 1068 K (near the AC3

point of the steel), and an investigation of the mechanical and fracture toughness properties of the
overall product revealed that L treatment resulted in high quality characteristics of the forging for
use in an offshore structure.

• The in situ EBSD measurement results indicate that a fine and complicated microstructure is
formed by L treatment at higher temperatures between AC1 and AC3. The complicated structure
seems to indicate that the crystal grain after the L treatment become extremely fine. Moreover,
it is clear that the necessary L treatment time is at least 100 min in order to stably obtain the
mechanical property-improving effect.

• TEM–EDS analysis shows that coarse Cu precipitates are observed in the not-transformed α

phase. Thus, the strengthening effect of the L treatment temperature is relevant to the area ratio
of the not-transformed α phase and the transformed γ phase during L treatment. The strength,
especially the Y.S., seems to be decreased by the not-transformed α phase acting as a softer phase.

• The EBSD results indicate that the improvement of toughness is due to the refining of the EBSD
grain size by the transformed γ phase that is generated during L treatment.
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• The long part forgings of Cu-containing low alloy steel have good weldability, since the maximum
hardness of HAZ is less than 300 HV, and the HAZ of steel has a good CTOD property with less
than 2.3 kJ/mm of heat input using GTAW.
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