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Abstract: In our previous works, the effects of forging and heat treatment variables on microstructure
evolution and mechanical properties have been studied for an ingot-metallurgy Re-bearing nickel
base superalloy. To overcome the issues associated with the production of large-scale ingots and
fine-grained workpieces, in the present work, the effect of hot forging and heat treatment variables
was studied in a Re-bearing nickel base superalloy prepared via powder metallurgy. The purpose
of the study was to reach the properly balanced mechanical properties for the potential use of the
superalloy as a disc material. The initial as-HIPed workpieces were subjected to different hot forging
and post-forging heat treatment or only to heat treatment (no forging). For the processed workpieces,
the recrystallization behavior, size, morphology and volume fraction of γ′ precipitates were evaluated
by scanning electron microscopy followed by a study of mechanical properties. The most properly
balanced mechanical properties (strength, ductility, creep resistance and creep rupture lifetime) were
reached for the γ grain size of dγ ≈ 13.6 µm. A finer and coarser γ grain size (down to dγ ≈ 2.6 and
up to dγ ≈ 37.5 µm) even when superimposed with a higher volume fraction of dispersed secondary
γ′ precipitates (in the case of dγ = 27–37.5 µm) was associated with worse mechanical properties.

Keywords: nickel base superalloy; powder metallurgy; microstructure; forging; heat treatment;
tensile properties; creep properties

1. Introduction

Creating a new generation of gas turbine engines (GTE) and similar energy-conversion
systems with improved operating efficiency depends on the development of new materials
with enhanced strength, heat resistance, and/or reduced specific weight. For instance,
the operating efficiency of a GTE will increase by over 1% for every 10 ◦C increase in the
turbine-inlet temperature [1]. In particular, ever-increasing demands are being placed on
nickel base superalloys, which are widely used for the manufacturing of rotary engine parts
such as high-pressure discs in GTE [2,3]. For this purpose, experimental heavily alloyed
disc superalloys doped with Re have been recently designed [4–8]. Rhenium is known to
be a quite unique alloying element regarding nickel base superalloys. It is known that it is
typically found in the matrix γ phase, providing significant solid solution hardening and
slowing down diffusion processes in the γ phase and at interphase boundaries, contributing
to an increase in the strength and creep resistance of superalloy [9–11]. Rhenium is now
added both to powder-metallurgy (PM) [6–8] and ingot-metallurgy (IM) [4,5] superalloys.
In our previous works, the effect of forging and heat treatment variables on microstructure
evolution and mechanical properties has been studied for an IM Re-bearing nickel base
superalloy SDZhS-15 [4,5]. The superalloy showed excellent tensile properties in a fine-
grained condition (dγ ≈ 5–15 µm), whereas a larger γ grain size led to a rather significant
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decrease in strength, ductility and creep rupture lifetime [4]. From a general point of
view and considering our previous work [4], one may suppose that the alloying of nickel
base superalloys with refractory elements such as tungsten, molybdenum and especially
rhenium having a strong partitioning preference γ > γ′ can decrease the “optimal” size of γ
grains, providing properly balanced mechanical properties. In the present work, this idea
was tested for a Re-bearing PM nickel base superalloy close to the composition of the SDZhS-
15 superalloy. The following considerations motivated the choice of the PM superalloy. The
γ grain size in a PM superalloy is easier reached and controlled than in an IM superalloy
considering the issues associated with the production of a fine-grained workpiece from an
ingot having a coarse-grained structure and a strong dendritic segregation. In addition, the
fabrication of ingots with a diameter≥200 mm from heavily alloyed nickel base superalloys
such as SDZhS-15 is also a great issue hindering the commercialization of such superalloys.

In the Re-bearing PM superalloy under study, the content of (Al + Ti + Nb + Ta) is
16.8 at. % and the ratio (Ti + Nb + Ta)/Al (in at. %) is 0.92, showing a strong solid solution
hardening of the γ′ phase. The γ matrix chemistry was optimized through a careful balance
between the solid solution elements, such as Cr, Co, Mo, W, and Re. Generally, alloying
was aimed to: (i) increase the volume fraction of the γ′ phase, (ii) increase the solid solution
hardening of both the γ matrix and the γ′ phase, (iii) maintain oxidation and corrosion
resistances via significant alloying with Cr, and (iv) avoid the formation of undesirable
topologically close packed (TCP) phases. Thus, the present work aimed to study the effect
of forging and heat treatment variables on the microstructure and mechanical properties
of the PM Re-bearing nickel base superalloy. The heat treatment included different solid
solution treatment followed by air cooling at a certain cooling rate and aging. Tensile and
creep properties including the creep rupture lifetime of the superalloy were evaluated in
different microstructural conditions. The study was finally aimed at reaching the most
favorable microstructural conditions for properly balanced mechanical properties for the
potential use of the superalloy as a disc material.

2. Materials and Methods
2.1. Initial Material

The nominal composition of the experimental PM nickel base superalloy was Ni-
16(Al,Ti,Nb,Ta)-30(Cr,Co,Mo,Hf,W,Re) (wt. %). The exact composition of the superalloy is
not indicated for confidential reasons. The initial powders had a spherical shape without
any sticking and inclusions on the surface of the powders. The powders had a size ranging
from 20 to 100 µm with 80% of the powders having a size of 40 to 71 µm. The bulk
density of the powders without and after vibrocompaction was 4.97–5.04 g/cm3 (≈60%)
and about 5.6 g/cm3 (≈67%), respectively. The initial powders were consolidated by
hot isostatic pressing (HIP) at 1245 ◦C/170 MPa for 4 h. As a result, cylinders with a
size of Ø100 mm × 200 mm were manufactured. The porosity of the as-HIPed material
was no more than 0.3%. The alloy composition measured by energy dispersive X-Ray
(EDS) analysis was very close to the nominal composition. The γ′ solvus temperature (Ts)
defined via quenching experiments from temperatures 1200 ◦C to 1250 ◦C was defined as
Ts ≈ 1240 ± 5 ◦C [8].

2.2. Processing Methods

The as-HIPed material prior forging was homogenized at T = 1220 ◦C for 15 h, which
was followed by slow cooling in the furnace. From the homogenized material, the bil-
lets with a size of Ø37 mm × 50 mm were cut and put into a can made of a stainless
steel. The can was used to maintain the quasi-isothermal conditions and creating quasi-
hydrostatic pressure during forging. Before forging, the die tool was heated up to 950 ◦C.
The canned billets were subjected to three-stage unidirectional quasi-isothermal forging at
subsolvus temperatures with intermediate recrystallization annealing, which was followed
by decanning and heat treatment. In summary, three temperature conditions were used
for forging: 1225–1200 ◦C, 1200–1175 ◦C and 1200–1150 ◦C, so the forging temperature
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gradually decreased from stage to stage within one of the indicated temperature intervals.
Thus, the final forging temperatures corresponding to three forging procedures (designated
below as F1, F2 and F3) were 1200, 1175 and 1150 ◦C. Between forging stages, the canned
workpieces were reheated in air. The total strain value and the average strain rate used
in the forging procedures were always e ≈ 1.6 and έ ≈ 10−2 s−1, respectively. As a result,
sound forgings with a size of about Ø80 mm × 10 mm were obtained. Note that the forging
procedure was earlier developed on the basis of compression tests of superalloy samples at
subsolvus temperatures [8].

The post-forging heat treatment included a solid solution treatment at 1150–1260 ◦C
((Ts – 90)–(Ts + 20)), which was followed by cooling in air and aging or only aging. In order
to preserve the refined structure, the solutioning heat treatment at subsolvus temperatures
((Ts − 90)–(Ts − 10)) was performed for 1 h and at solvus and supersolvus temperatures
(Ts–(Ts + 20)) for a shorter tome, during 10–30 min. The forged workpieces had the same
size, and the cooling rate in air applied after solution treatment was the same in the range
of 2–5 ◦C/s during cooling from the solution treatment temperature to about 800 ◦C. The
aging treatment was performed in two stages as is typically carried out for nickel base
superalloys to completely precipitate the γ′ phase [12,13]. The first stage was conducted at
850 ◦C (10 h), and the second stage was conducted at 750 ◦C (50 h). To evaluate the effect of
forging on the mechanical properties, the as-HIPed material was also subjected only to heat
treatment, which included solid solution treatment at 1220 or 1230 ◦C ((Ts − 20)–(Ts − 10))
(2 h), which was followed by cooling in air and aging. In this case, the workpieces with
a size of 60 mm × 60 mm × 10 mm were cut from the as-HIPed material that provided
nearly the same cooling rate from the solution treatment temperature as in the case of the
forged workpieces. All heat treatments were carried out in air.

The porosity in the forged and heat treated conditions remained near the same as in
the as-HIPed condition and was no more than 0.3%.

2.3. Microstructural Examination

The microstructure was studied by scanning electron microscopy (SEM) in the back-
scattering electron (BSE) and the secondary electron (SE) mode in a Tescan Mira-3 mi-
croscope (TESCAN, Brno-Kohoutovice, Czech Republic). SE and BSE images were used
to evaluate the γ grain size, fraction, distribution and sizes of the coarse primary and
dispersed secondary and tertiary γ′ phase. To estimate the mean size of γ grains, the sizes
of the γ′ phase, and the volume fraction of each phase, the intercept method was applied.
For this purpose, the samples subjected to mechanical polishing were used. BSE images at
lower magnifications were mostly used to define the mean size of γ grains, and SE images
at higher magnifications were used to determine the sizes of the primary and secondary
(tertiary) γ′ phase and the volume fraction of each phase. The primary and secondary γ′

were distinguished reasoning from the following considerations assumed for nickel base
superalloys. Relatively coarse particles of the γ′ phase, which typically remain undissolved
during the solutioning stage, delineate the γ grain boundaries. This is referred to as primary
γ′ precipitation. An intragranular γ′ phase forms on cooling and typically has a bimodal
distribution including secondary γ′ and dispersed tertiary γ′ [14]. Not less than 300 γ

grains were taken into account when estimating the mean size of γ grains (in the microstruc-
tural conditions not subjected to forging) or the mean size of recrystallized γ grains (in the
conditions subjected to forging). To evaluate the development of recrystallization processes,
the electron backscatter diffraction (EBSD) analysis was performed with a scan-step size of
0.5 µm using the HKL Channel 5 software (Oxford Instruments HKL, Hobro, Denmark).
In addition to EBSD maps, the Kernel Average Misorientation (KAM) maps were drawn.
In the inverse-pole-figure maps, the grain/interphase boundaries having a misorientation
angle of less than 2◦ were excluded from the data analysis considering the experimental
error in evaluating orientations by EBSD [15]. In the KAM maps, the misorientation angles
less than 2◦ were taken into consideration. The grain/interphase boundaries having a
misorientation angle of more than 15◦ were assumed as high-angle ones.
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2.4. Mechanical Tests

The flat samples for tensile tests were cut from the processed workpieces. The spec-
imens having gauge sections of 2 mm × 3 mm × 10 mm and 3 mm × 3 mm × 17 mm
were used for tensile tests and creep tests, respectively. The total length of the specimens
including grips was 35 and 45 mm for tensile and creep tests, respectively. Before testing,
all surfaces of the specimens were mechanically polished down to a 4000 grit finish using
SiC paper. The tensile tests were performed at T = 20, 650, and 750 ◦C using an Instron 5982
(Instron, Norwood, MA, USA). Not less than 3 samples per point were tensile tested. The
creep tests were carried out at 750 ◦C/765 MPa. A total of 1–2 creep specimens per point
were tested. The two-arm load machine having a lever arm ratio of 20:1 was used for the
creep tests. All mechanical tests were carried out in the air.

The regression Larson–Miller equations of the superalloy are given from creep life
ranging from 650 to 750 ◦C at different stresses (700–1178 MPa). A Larson–Miller parameter
(LMP) relationship was calculated by the following equation [16–18]:

LMP = T × [log trup + 20], (1)

where T is the creep testing temperature in K, and trup is the creep rupture life in hours.

3. Results and Discussion
3.1. Microstructure Characterization
3.1.1. As-Received HIPed and Homogenized Microstructural Conditions

Figure 1a,b show the superalloy microstructure in the initial as-HIPed condition. The
as-HIPed condition had a mean γ grain size of dγ ≈ 27 µm. The γ grain boundaries
were precipitated by the primary γ′ phase with a size of dγ′ = 3–20 µm. The fraction
of the primary γ′ phase was defined as about 11%. The presence of the high-volume
fraction of coarse primary γ′ phase suggests that HIPing was followed by slow cooling.
The secondary and tertiary γ′ phase precipitates with a size of 0.2–1.5 µm and smaller than
0.1 µm, respectively, were observed within γ grains. Some secondary γ′ precipitates had
a dendritic form (Figure 1b). Carbide particles with a size of 1–8 µm were observed. The
volume fractions of the γ′ phase and carbide particles were defined as about 75% and not
more than 1%, respectively [8]. Unfavorable TCP phases were not detected.

Figure 1c,d represents the microstructural condition obtained after homogenization
annealing, which was followed by slow cooling. Annealing led to the growth of γ grains up
to dγ ≈ 42 µm, to slight coarsening of the primary γ′ phase along γ grain boundaries up
to 5–20 µm and to an increase in the volume fraction of the primary γ′ phase up to about
26%. The secondary and tertiary γ′ phase particles with a size of 0.5–4 µm and smaller
than 0.1 µm, respectively, were precipitated within γ grains (Figure 1d). Table 1 shows the
microstructural parameters obtained in workpieces of the superalloy in the initial as-HIPed
and homogenized conditions.

Table 1. Microstructural parameters obtained in workpieces of the superalloy after homogenization
and forging with intermediate annealing (dγ is the mean γ grain size or the mean size of recrystallized
γ grains, dγ′ (I) is the size of the primary γ′ phase, dγ′ (II) is the size of the secondary/tertiary γ′

precipitates, Vγ′ (I) is the volume fraction of the primary γ′ phase, and η is the fraction of high-angle
grain/interphase boundaries (defined by EBSD analysis)).

Processing Route Forging
Temperature, ◦C dγ, µm d

γ′ (I), µm d
γ′ (II),
µm V

γ′ (I), % η, %

HIP 1 - 27 3–20 0.2–1.5 11 -
HIP + HA 2 - 42 5–20 0.5–4 26 -

HIP + HA + F1 3 1225–1200 4 1–20 0.1–0.3 20 66.5
HIP + HA + F2 1200–1175 3.8 1–20 0.1–0.3 35 68.9
HIP + HA + F3 1200–1150 2.6 1–20 0.1–0.3 46 70.4

1 HIP—hot isostatic pressing, 2 HA—homogenization annealing, 3 F(1–3)—forging at different temperatures with
intermediate annealing.
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dures were carried out at subsolvus temperatures with intermediate recrystallization 
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occurrence of dynamic recovery and recrystallization, resulting in the refinement of the 
initial microstructure. As was shown in our previous works [5,8,19], the use of fractional 
forging with intermediate recrystallization annealing and the massive can made of a 
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ture throughout the forgings. However, coarse non-recrystallized γ grains with a size of 
30–50 µm were also observed in the forgings. By way of illustration, Figures 2 and 3 show 
the typical EBSD- and corresponding KAM-maps as well as the BSE and SE images of the 
superalloy after forging at 1225–1200 °C and 1200–1150 °C. Table 1 describes schemati-
cally the forging regimes and microstructural conditions obtained after forging. The de-
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(Figures 2 and 3). Apparently, a higher volume fraction of the undissolved γ′ phase at 
lower forging temperatures contributed to the strain localization, leading to an increase 
in the volume fraction of non-recrystallized γ grains. It is interesting to note an increase 
in the volume fraction of the coarse primary γ′ phase as the forging temperature de-

Figure 1. (a,c) BSE and (b,d) SE images of the superalloy: (a,b) the initial as-HIPed condition; (c,d) the
HIPed and homogenized condition. Arrows show the typical γ grains and primary, secondary and
tertiary γ′ phases.

3.1.2. Effect of Hot Forging on the Microstructure

Three forging procedures were applied to reach recrystallized, homogeneous and
fine-grained structures with a different γ grain size. As mentioned, all forging procedures
were carried out at subsolvus temperatures with intermediate recrystallization annealing
as described elsewhere [8] and with decreasing the forging temperature from stage to
stage. Microstructure examination showed that all forging processes led to the occurrence
of dynamic recovery and recrystallization, resulting in the refinement of the initial mi-
crostructure. As was shown in our previous works [5,8,19], the use of fractional forging
with intermediate recrystallization annealing and the massive can made of a stainless steel
contributed to the formation of a homogeneous recrystallized microstructure throughout
the forgings. However, coarse non-recrystallized γ grains with a size of 30–50 µm were also
observed in the forgings. By way of illustration, Figures 2 and 3 show the typical EBSD- and
corresponding KAM-maps as well as the BSE and SE images of the superalloy after forging
at 1225–1200 ◦C and 1200–1150 ◦C. Table 1 describes schematically the forging regimes and
microstructural conditions obtained after forging. The decrease in the forging temperature
led to a finer size of recrystallized γ grains and to higher volume fractions of coarse non-
recrystallized γ grains and the primary γ′ phase (Figures 2 and 3). Apparently, a higher
volume fraction of the undissolved γ′ phase at lower forging temperatures contributed to
the strain localization, leading to an increase in the volume fraction of non-recrystallized γ

grains. It is interesting to note an increase in the volume fraction of the coarse primary γ′

phase as the forging temperature decreased. Particularly, the volume fraction of the pri-
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mary γ′ phase increased from ≈20 to ≈46% when the forging temperature decreased from
1225–1200 to 1200–1150 ◦C (Table 1). Most likely, the grain/interphase boundaries served as
diffusion paths and contributed to the development of coalescence of the primary γ′ phase
during forging and intermediate annealing. The fraction of high-angle grain/interphase
boundaries was similar and varied in the range of 66.5–70.4%. This also confirms the
occurrence of recrystallization processes during forging with intermediate annealing.
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lines, respectively. In (b), the green color shows the not completely recrystallized areas. Arrows 
show the elongated non-recrystallized and recrystallized γ grains, primary and secondary γ′ phase. 
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Figure 2. The microstructural images of the superalloy obtained from the central part of forging
after homogenization annealing and forging at T = 1225–1200 ◦C (έ ≈ 10−2 s−1): (a) normal direction
EBSD map (inverse pole figure) and (b) corresponding KAM map; (c) BSE; (d) SE. The forging axis is
vertical. In (a), high- and low-angle grain/interphase boundaries are indicated by black and white
lines, respectively. In (b), the green color shows the not completely recrystallized areas. Arrows show
the elongated non-recrystallized and recrystallized γ grains, primary and secondary γ′ phase.
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Figure 3. The microstructural images of the superalloy obtained from the central part of forging
after homogenization annealing and forging at T = 1200–1150 ◦C (έ ≈ 10−2 s−1): (a) normal direction
EBSD map (inverse pole figure) and (b) corresponding KAM map; (c) BSE; (d) SE. The forging axis is
vertical. In (a), high- and low-angle grain/interphase boundaries are indicated by black and white
lines, respectively. In (b), the green color shows not completely recrystallized areas. Arrows show the
elongated non-recrystallized and recrystallized γ grains, primary and secondary γ′ phase.

3.1.3. Effect of Post-Forging Heat Treatment on the Microstructure

The forged workpieces were subjected to solution treatment followed by cooling in air
and aging or only aging. In the last case, it was assumed that the solution heat treatment
occurred after completing the forging and cooling of the forged workpiece in air. Table 2
describes schematically the processing and microstructural conditions obtained in the forged
and heat treated workpieces. By way of illustration, Figures 4–7 show BSE and SE images of
the superalloy after homogenization, forging and heat treatment (conditions 1 and 4–6).
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Table 2. Processing and microstructural parameters obtained in workpieces of the superalloy after
processing (dγ is the mean γ grain size or the mean size of recrystallized γ grains, dγ′ (I) is the size of
primary γ′ phase, dγ′ (II) is the size of secondary/tertiary γ′ precipitates, and Vγ′ (I) is the volume
fraction of the primary γ′ phase).

Condition Number Processing Route dγ, µm dγ′ (I), µm dγ′ (II), µm Vγ′ (I), %

1 HIP 1 + ST 2 (1230 ◦C, 2 h), AC 3 + A 4 33 1–20 0.2–0.3 7

2 HIP + ST (1220 ◦C, 2 h), AC + A 27 1–20 0.2–0.3 10

3 HIP + HA 5 + F1 6 + ST (1230 ◦C, 1 h), AC + A 29.3 2–20 0.2–0.3 7

4 HIP + HA + F1 + ST (1210 ◦C, 1 h), AC + A 13.6 1–20 0.2–0.3 18

5 HIP + HA + F1 + A 4 1–20 0.05–0.3 20

6 HIP + HA + F2 + ST (1240 ◦C, 10 min), AC + A 37.5 1–4 0.1–0.25 5

7 HIP + HA + F3 + ST (1150 ◦C, 1 h), AC + A 5 1–20 0.15–0.3 40

8 HIP + HA + F3 + A 2.6 1–20 0.05–0.3 46
1 HIP—hot isostatic pressing; 2 ST—solid solution treatment; 3 AC—air cooling; 4 A—aging; 5 HA—homogenization
annealing; 6 F(1–3)—forging at different temperatures with intermediate annealing.
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Figure 4 represents the BSE and SE images of condition 1 (Table 2). After solution treatment
at 1230 ◦C and aging, the mean γ grain size was dγ ≈ 33 µm (Figure 4a), the size of the primary
γ′ phase located along the γ grain boundaries was in the range of 1–20 µm (Figure 4b), and
the size of the secondary γ′ precipitates was in the range of 0.2–0.3 µm (Figure 4c). The
volume fraction of the coarse primary γ′ phase was about 7%. In the microstructure, there
were coarse and fine carbide particles with sizes of 5–10 and 0.5–1 µm, respectively; their
volume fraction was not more than 1%.

Figure 5 shows the BSE and SE images of condition 4 (Table 2). Solution treatment
at a lower temperature (1210 ◦C) led to a higher amount of the undissolved primary γ′

phase and, therefore, the fine-grained microstructure obtained after forging was somewhat
retained. The mean size of recrystallized γ grains was dγ ≈ 13.6 µm (Figure 5a), the size of
the primary γ′ phase was in the range of 1–20 µm (Figure 5b), and the size of the secondary
γ′ precipitates was in the range of 0.2–0.3 µm (Figure 5c). The volume fraction of the
primary γ′ phase was about 18%. The size and the volume fraction of carbide particles
were approximately the same as in condition 1.

Figure 6 represents the BSE and SE images of condition 5 (Table 2). Post-forging aging
did not cause grain growth as solution heat treatment. The mean size of recrystallized γ

grains remained dγ ≈ 4 µm, as was after forging (Figure 6a). The size of the primary γ′

phase was in the range of 1–20 µm (Figure 6b), and its volume fraction was about 20%. The
size of the secondary and tertiary γ′ precipitates was in the range of 0.05–0.3 µm (Figure 6c).
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The size and the volume fraction of carbide particles were approximately the same as in
the previous conditions.

Figure 7 shows the BSE and SE images of condition 6 (Table 2). Post-forging short-
time solution treatment at γ′ solvus temperature (T = 1240 ◦C) led to the partial dis-
solution of the γ′ phase, and the mean size of recrystallized γ grains increased up to
d ≈ 37.5 µm (Figure 7a). The fact that the γ′ phase was not completely dissolved can be
ascribed to a short time (10 min) of the solution treatment at 1240 ◦C. The size of the
primary γ′ phase decreased down to 1–4 µm (Figure 7b), and its volume fraction was about
5%. The size of the secondary γ′ precipitates was in the range of 0.1–0.25 µm (Figure 7c).
The size and the volume fraction of carbide particles were approximately the same as
in conditions 1, 4 and 5. Coarse non-recrystallized γ grains were preserved in conditions 4,
5, 7 and 8. TCP phases were not detected in all conditions. The solution heat treatment
of the HIPed condition at supersolvus temperatures (1250–1260 ◦C, 30 min) led to the
complete dissolution of the γ’ phase and the γ grain growth up to around 50 µm and was
not considered for mechanical properties.

Analysis of the obtained microstructural conditions and comparison with the as-forged
conditions (Table 1) allows us to draw the following conclusions:

- Solution treatment led to the development of recrystallization processes and γ grain
growth. As the solution treatment temperature increased, the grain growth occurred
faster. With increasing the solution treatment temperature from 1150 to 1240 ◦C, the
mean size of recrystallized γ grains increased from 5 to 37.5 µm. Note that solution
treatment at 1240 ◦C would cause a larger γ grain size if the longer solution treatment
was applied;

- Solution treatment at 1220–1240 ◦C ((Ts − 20)–(Ts − 10)) followed by aging (conditions
1–3 and 6) resulted in nearly the same size and morphology of the primary γ′ phase and
nearly the same size and irregular round morphology of the secondary γ′ precipitates;

- Forging at 1225–1200 ◦C followed by solution treatment at 1210 ◦C (Ts − 30) and aging or
only aging (conditions 4 and 5) gave nearly the same characteristics of the primary and
secondary γ′ phase. Particularly, the volume fraction of the primary γ′ phase was 18–20%;

- Forging at 1200–1150 ◦C followed by solution treatment at 1150 ◦C and aging or only
aging (conditions 7 and 8) also gave near the same characteristics of the primary and
secondary γ′ phase. Particularly, the volume fraction of the primary γ′ phase was
defined as 40–46%. Some difference between the conditions subjected to solution
treatment and aging in contrast to the conditions subjected only to aging consisted
of the appearance of dispersed tertiary precipitates of the γ′ phase in the last case.
Taking into consideration the size and morphology of the γ′ phase, all conditions
can be divided into three groups: conditions 1–3 and 6 (group 1), conditions 4 and 5
(group 2), and conditions 7 and 8 (group 3). Thus, the volume fraction of the primary
γ′ phase depended on the solution treatment temperature;

- Aging immediately after forging did not have an influence on the γ grain size and
the volume fraction of the primary γ′ phase. The fact is that aging was conducted at
relatively low temperatures and almost did not lead to dissolution of the γ′ phase.
Therefore, the γ grain size was not changed after aging (conditions 5 and 8) as com-
pared to the forged conditions;

- The size and the volume fraction of carbide particles were approximately the same in
all microstructural conditions;

- Unfavorable TCP phases were not detected in all microstructural conditions.

Thus, considering the size and the volume fraction of the γ′ phase, the most favorable
microstructures were reached in conditions 1–3 and 6, in which the volume fraction of the
coarse primary γ′ phase was in the range of 5–10%. Fine-grained conditions 4, 5, 7 and 8
(dγ = 2.6–13.6 µm) contained 18–46 vol.% of the primary γ′ phase that is not to be favorable
for creep properties.

Figure 8 represents the dependences of the mean size of recrystallized γ grains or
the mean γ grain size on the last forging temperature and/or the solution treatment
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temperature. As mentioned, aging did not have any influence on the γ grain size. With
increasing the last forging temperature and/or the solution treatment temperature, the
γ grain size increased, reaching dγ ≈ 50 µm after solution treatment at 1260 ◦C (30 min).
The solution treatment temperature was the major factor determining the γ grain size for
the forged conditions. The microstructure remained fine-grained if the solution treatment
was carried out at T ≤ 1210 ◦C and became coarse-grained if the solution treatment
was performed at T = 1230–1250 ◦C. Note that the γ grain growth after solution heat
treatment in the PM Re-bearing superalloy under study was much less significant than in
the IM Re-bearing superalloy studied in our previous work [4]. The solution treatment
temperature influenced the γ grain size after HIPing without forging as well. The mean γ

grain size increased from dγ ≈ 27 to ≈ 50 µm when the solution treatment increased from
1220 (Ts − 20) to 1260 ◦C (Ts + 20). The forging temperature in the range of 1150–1200 ◦C
had a weak influence on the γ grain size. Note that the dependence of the γ grain size on
the last forging or solution treatment temperature in the temperature range of 1150–1210 ◦C
is somewhat conditional because non-recrystallized γ grains were retained, and the volume
fraction of the primary γ′ phase was different in the fine-grained conditions. Nevertheless,
taking into account that the size and the volume fraction of the primary γ′ phase was similar
in conditions 1–3 and 6 (group 1), in conditions 4 and 5 (group 2), and in conditions 7 and 8
(group 3), we can consider the mechanical properties of the superalloy as a function of the
γ grain size (keeping in mind different volume fractions of the primary γ′ phase in groups
1–3 and remaining individual non-recrystallized grains in the fine-grained conditions).
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3.2. Mechanical Properties
3.2.1. Tensile Properties

Figure 9 represents the averaged results of tensile tests shown as the dependences of
the ultimate tensile strength (UTS), yield strength (YS) and elongation (A) on the γ grain
size. With increasing the test temperature, the elongation and the UTS values decreased and
the yield strength increased for the conditions with dγ = 2.6–27 µm reaching the highest
values at 650 ◦C and decreased for the conditions with dγ = 33–37.5 µm. The observed tensile
properties are quite typical of nickel base superalloys [20,21]. Particularly, the yield strength
anomaly can be explained by a high volume fraction of the intermetallic γ′ phase, the yield
strength of which increased with increasing the test temperature due to the thermally activated
cross-slip of superdislocations leading to hindering the dislocation motion [22]. Apparently,
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the cross-slip of superdislocations occurred less extensively in the coarse-grained conditions
with a higher volume fraction of secondary γ′ precipitates that obscured the effect of the
yield strength anomaly. Although the properties weakly depended on the γ grain size, one
can see that slightly higher tensile properties (UTS, YS and A) at room temperature were
reached in the fine-grained conditions with the γ grain size of dγ = 2.6–13.6 µm. Near the
same or slightly higher strength properties at 650 and 750 ◦C were obtained in the fine-grained
conditions, particularly in conditions 5 (dγ ≈ 4 µm) and 8 (dγ ≈ 2.6 µm). The positive
effect of the fine-grained structure on ductility was revealed at elevated temperatures. For
instance, the elongation obtained at 750 ◦C for conditions 1–4 and 6 (dγ = 13.6–37.5 µm) was
0.8–2.2% against 3.6–5.5% for conditions 5, 7 and 8 (dγ = 2.6–5 µm). One may suppose that
grain/interphase boundary relaxation occurred in the fine-grained conditions at 750 ◦C that
contributed to a more uniform occurrence of plastic deformation and higher elongations.
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In general, the tensile properties depended not only on the γ grain size but also on the
volume fraction of the primary γ′ phase. In contrast to the fine-grained conditions (4, 5, 7
and 8), the coarse-grained conditions (1–3 and 6) contained mostly a dispersed γ′ phase
that provided more effective precipitation hardening than in the fine-grained conditions.
Nevertheless, comparing the HIPed and heat treated conditions with the forged and heat
treated conditions, the following considerations can be made regarding the dependence of
the mechanical properties on the γ grain size:

- The strength properties (UTS, YS) were appreciably (by 6–12% for UTS) or slightly
(YS) higher in the fine-grained conditions (dγ = 2.6–13.6 µm) vs. coarse-grained ones
(dγ = 29–37.5 µm);
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- The tensile properties were similar if the γ grain size was near the same (conditions 1–3):
that is, the forging procedure did not improve the quality of the HIPed material when
this did not result in a refined structure;

- The ductility in the fine-grained conditions (dγ = 2.6–13.6 µm) in contrast to the
coarse-grained conditions (dγ = 27–37.5 µm) was slightly higher at room temperature
(much higher than in condition 6, dγ = 37.5 µm) and 650 ◦C, and it was appreciably
higher at 750 ◦C;

- Irrespective of the γ grain size, the ductility decreased with increasing the test tem-
perature from 20 to 750 ◦C (Figure 9c). The reason for the decrease in ductility is
not completely clear. Note that a similar effect was also observed in some other
superalloys, particularly in Inconel 718 [23,24].

3.2.2. Creep Properties

Figure 10 shows the creep curves obtained for conditions 1–5, 7 and 8 at 750 ◦C/765 MPa.
Condition 6, which showed the lowest tensile properties, was not tested. The creep rate
significantly decreased at the transition from fine-grained (dγ = 2.6–5 µm) to coarse-grained
conditions (dγ = 27–33 µm). Condition 4 (dγ ≈ 13.6 µm) showed the creep rate, which
was very close to those obtained for coarse-grained conditions. Considering the creep
properties, the following observations can be made:

- The creep curves were typical of polycrystalline nickel base superalloys;
- The creep load at 750 ◦C was high and the creep rate was rather high (έcreep~10−7 s−1);

therefore, creep rupture life was low (4.4–54.7 h) for all microstructural conditions;
- The creep curves obtained for the fine-grained conditions (dγ = 2.6–5 µm) demon-

strated short first and secondary stages, which were followed by an increase in the
creep rate corresponding to the third stage. The finer the γ grain size, the shorter the
first and secondary stages. This is associated with an extensive relaxation of stresses
in the grain/interphase boundaries;

- For the creep curves obtained for the coarse-grained conditions (dγ = 27–33 µm) the
third stage of creep was not observed or was very short and these conditions showed
the lowest creep rupture life (<15 h);

- The highest creep rupture life was reached for condition 4 (dγ ≈ 13.6 µm) despite
having a slightly higher creep rate in comparison with the coarse-grained conditions
(dγ = 27–33 µm). In this case, the secondary creep stage was the longest among the
studied conditions;

- Coarse-grained conditions 1–3 (dγ ≈ 27–33 µm) showed rather low creep rupture life
in the interval of 4.4–14.5 h and a very close creep rate. As with the tensile properties,
the creep resistance was similar if the γ grain size was near the same.

Thus, the best creep properties at 750 ◦C/765 MPa were achieved in condition 4
(dγ ≈ 13.6 µm): the minimum creep rate and the creep rupture life were 1.7 × 10−7 s−1

and 54.7 h, respectively. A coarser γ grain size (dγ = 27–33 µm) even superimposed with
a higher volume fraction of dispersed secondary γ′ precipitates resulted in shorter creep
rupture life. A finer γ grain size (dγ = 2.6–5 µm) led to an increase in the minimum creep
rate and a decrease in the secondary stage of creep that restricted the creep rupture life.

Taking into consideration the tensile properties, one can assume that the best combina-
tion of mechanical properties (strength, ductility, creep resistance and creep rupture life)
showed condition 4 obtained via hot forging at 1225–1200 ◦C with intermediate annealing
followed by solution treatment at 1210 ◦C and aging. This should be attributed to the
relatively fine-grained structure (dγ ≈ 13.6 µm), the high volume fraction of the secondary
γ′ precipitates, and the relatively small volume fraction of the primary γ′ phase. Thus,
the condition with the relatively fine-grained structure (dγ ≈ 13.6 µm) containing about
18 vol.% of the primary γ′ phase showed the better creep rupture life and near the same
minimum creep rate as the coarse-grained conditions with dγ = 27–33 µm and the volume
fraction of the primary γ′ phase of 5–10%. Apparently, as mentioned in the introduction,
alloying with refractory elements, such as tungsten, molybdenum and especially rhenium
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having a strong partitioning preference γ > γ′ (in [4], the averaged partitioning coefficient
kγ/γ′ obtained for rhenium was defined as 7.92) slowed down diffusion processes in the γ

grains and at interphase boundaries that decreased the “optimal” size of γ grains down
to dγ ≈ 13.6 µm, providing high creep resistance and creep rupture life. Comparing the
condition with dγ ≈ 13.6 µm and the conditions with dγ = 27–33 µm, one can conclude
that the positive effect of the refined microstructure was more significant than the pos-
itive effect of a higher volume fraction of the secondary γ′ precipitates obtained in the
coarse-grained conditions.

Metals 2023, 13, x FOR PEER REVIEW 16 of 20 
 

 

  
(a) (b) 

 

 

(c)  

Figure 10. Creep behavior of the superalloy in conditions 1–5, 7, and 8 at 750 °C/765 MPa: (a) the 
creep strain vs. time; (b) the creep rate vs. time; (c) the creep rate vs. creep strain up to 1.0%. The 
points marked by a cross show the rupture of the specimens. 

Thus, the best creep properties at 750 °C/765 MPa were achieved in condition 4 (dγ ≈ 
13.6 µm): the minimum creep rate and the creep rupture life were 1.7 × 10−7 s−1 and 54.7 h, 
respectively. A coarser γ grain size (dγ = 27–33 µm) even superimposed with a higher 
volume fraction of dispersed secondary γ′ precipitates resulted in shorter creep rupture 
life. A finer γ grain size (dγ = 2.6–5 µm) led to an increase in the minimum creep rate and 
a decrease in the secondary stage of creep that restricted the creep rupture life. 

Taking into consideration the tensile properties, one can assume that the best com-
bination of mechanical properties (strength, ductility, creep resistance and creep rupture 
life) showed condition 4 obtained via hot forging at 1225–1200 °C with intermediate an-
nealing followed by solution treatment at 1210 °C and aging. This should be attributed to 
the relatively fine-grained structure (dγ ≈ 13.6 µm), the high volume fraction of the sec-
ondary γ′ precipitates, and the relatively small volume fraction of the primary γ′ phase. 
Thus, the condition with the relatively fine-grained structure (dγ ≈ 13.6 µm) containing 
about 18 vol.% of the primary γ′ phase showed the better creep rupture life and near the 
same minimum creep rate as the coarse-grained conditions with dγ = 27–33 µm and the 
volume fraction of the primary γ′ phase of 5–10%. Apparently, as mentioned in the in-
troduction, alloying with refractory elements, such as tungsten, molybdenum and espe-
cially rhenium having a strong partitioning preference γ > γ′ (in [4], the averaged parti-
tioning coefficient kγ/γ′ obtained for rhenium was defined as 7.92) slowed down diffusion 
processes in the γ grains and at interphase boundaries that decreased the “optimal” size 

Figure 10. Creep behavior of the superalloy in conditions 1–5, 7, and 8 at 750 ◦C/765 MPa: (a) the
creep strain vs. time; (b) the creep rate vs. time; (c) the creep rate vs. creep strain up to 1.0%. The
points marked by a cross show the rupture of the specimens.

The obtained creep data were used to generate the dependencies of stress versus LMP,
as calculated by Equation (1). The resulting plots are shown in Figure 11, and simple
regression equations are included for estimating creep response at intermediate reply.
Figures 10 and 11 indicate that the superalloy in the fine-grained conditions (dγ = 2.6–5 µm)
had a higher creep rupture life than that in the coarse-grained conditions (dγ = 27–33 µm).
However, the creep rate for the fine-grained conditions was appreciably higher than that for
the coarse-grained conditions. Condition 4 (dγ ≈ 13.6 µm) showed the best combination
of the creep rate and the creep rupture life. Taking into account the tensile properties, the
optimal microstructural condition among the conditions under study should be assumed
to be condition 4 obtained by forging at 1225–1200 ◦C followed by solution treatment
at 1210 ◦C and aging. Note that similar values of LMP were also obtained for the disc
superalloys N18 [25] and FGH 100 [26] (Figure 11).
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Thus, the presented results suggest that the “optimal” γ grain size for disc superalloys
heavily alloyed with refractory elements and particularly with rhenium is dγ ≈ 13.6 µm,
which is smaller than is typically considered for disc nickel base superalloys. Note that the
gradient (or dual grain) structure is usually supposed in the turbine discs to have higher
strength in the bore zone and higher creep resistance in the rim zone. Table 3 shows the γ

grain sizes supposed for the bore and rim zones of turbine discs in different nickel base
superalloys. It can be seen that most researchers consider dγ = 4–20 µm for the bore zone
and dγ = 20–150 µm for the rim zone. The obtained results suggest that the “optimal” γ

grain sizes for the bore and rim zones of a disc made of the PM superalloy under study are
smaller than the typically considered γ grain sizes (Table 3). As mentioned, this is probably
associated with high alloying of the superalloy with refractory elements and particularly
with rhenium, which slowed down diffusion processes in the γ phase and at interphase
boundaries, contributing to an increase in the creep resistance. Therefore, the “optimal”
γ grain size providing the most properly balanced mechanical properties shifted toward
smaller sizes.

Table 3. The γ grain sizes considered or recommended in different works with regard to the bore and
rim zones of a turbine disc made of nickel base superalloys.

Superalloy γ Grain Size in the
Bore Zone, µm

γ Grain Size in the
Rim Zone, µm Refs.

Alloy 10 (PM) 5.6 31.8–44.9 [27]
RR 1000 (PM) 5–10 20–47 [28,29]

FGH 4096 (PM) 4 40 [30]
LSHR (PM) 4–8.4 (4–16) 31.8–63.5 (10–140) [31,32]

GH4175 (IM) 20 113 [33]
PM superalloy of 3-rd generation ≤13 20–150 [34]

ME3 (Rene 104) (PM) 5 27.5 [35]
Russian superalloy EP741NP (PM) 5–13 45–70 [19]

Russian superalloy (PM) 2–5 10–15 This study

The volume fraction of the primary γ′ phase can be minimized by solution treatment
at subsolvus temperatures slightly below the γ′ solvus temperatures or at supersolvus
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temperatures. However, in the last case, a strong γ grain growth occurred, leading to
a decrease in the tensile properties (strength and ductility) and did not provide higher
creep rupture life. The microstructural condition with dγ ≈ 13.6 µm and containing a
relatively high volume fraction of the primary γ′ phase (about 18%) showed the best
balanced mechanical properties.

4. Conclusions

The new experimental PM Re-bearing nickel base superalloy has been studied in the
present work. The as-HIPed material was subjected to different forging procedures and
heat treatments. As a result, a number of microstructural conditions with the γ grain size
of dγ = 2.6–37.5 µm and the fraction of the primary γ′ phase ranging from 5 to 46% were
obtained. The obtained microstructural conditions were characterized by SEM, and the
tensile and creep tests were performed. The following conclusions can be drawn:

- The dependencies of the mechanical properties on the γ grain size were revealed de-
spite the different volume fraction of the primary γ′ phase in the obtained microstruc-
tural conditions. The fine-grained condition (dγ ≈ 13.6 µm) of the superalloy showed
the most properly balanced mechanical properties. This microstructural condition
was obtained using the following processing route: HIP + homogenization + forging
in the temperature range of 1225–1200 ◦C + solution treatment at 1210 ◦C (1 h) fol-
lowed by cooling in air + aging. For instance, the room temperature strength/ductility
properties were UTS = 1720 MPa, YS = 1070 MPa, A = 17%. The creep rupture life
at 750 ◦C/765 MPa was the highest among the studied conditions (54.7 h). The shift
of the “optimal” γ grain size to smaller values than is typically considered for nickel
base superalloys can be explained by higher alloying with refractory metals and, in
particular, with rhenium.

- The forging procedure followed by heat treatment led to enhancement in the mechani-
cal properties if the refined structure was produced. The coarse-grained microstruc-
tural conditions having near the same γ grain size and the similar distribution and
volume fraction of the primary γ′ phase showed very similar mechanical properties.

- The creep rate obtained for the coarse-grained conditions (dγ = 27–33 µm) was near
the same as for the condition with dγ ≈ 13.6 µm but appreciably lower than those
obtained for the fine-grained conditions (dγ = 2.6–5 µm). Nevertheless, the creep
rupture life in the fine-grained conditions was found to be higher than in the coarse-
grained conditions. The creep curves obtained for the coarse-grained conditions
showed a very short secondary and third stage of creep or without the third stage that
led to the lowest creep rupture life among the studied conditions (<15 h).

- The γ grain size is an important microstructural parameter determining the mechanical
properties stronger than the fraction of the primary γ′ phase. The microstructural
condition with dγ ≈ 13.6 µm and containing a rather high volume fraction of the
primary γ′ phase (about 18%) showed the best balance of the mechanical properties.

- Based on the performed work, the recommended “optimal” γ grain sizes in the
bore and rim zones of a turbine disc made of the PM superalloy under study are
dγ = 2–5 µm and dγ = 10–15 µm, respectively. A refined structure can be obtained by
canned forging in the temperature range of 1150–1225 ◦C followed by solid solution
treatment at a temperature not higher than 1210 ◦C (Ts − 30) and aging or only aging.
A refined structure can guarantee higher mechanical properties and reliability of the
disc made of the PM superalloy.
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